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Summary 
 

In a world of fast development where microelectronics has been a large and inevitable part 

of society, there has never been higher demand for new materials allowing new 

functionalities in electronic devices as there is today. Here, the metallic interface between 

the two insulators LaAlO3 and SrTiO3 opens up the field of oxide electronics due to the 

vast range of properties this heterostructure exhibits, as well as the ability to tune these 

properties. However, it remains an open question as to why the LaAlO3/SrTiO3 system can 

display such a versatile palette of physical properties, where, e.g., magnetism forms in the 

heterostructure despite the parent materials being nominally non-magnetic. 

In this thesis, the focus is aimed at understanding how the interfacial magnetism and 

conductivity in SrTiO3-based heterostructures are influenced by fabrication methods, 

strain, and oxygen vacancy doping. The findings of this thesis improve our basic 

understanding of these heterostructures and stimulate exploration of new devices being 

utilized in integrated circuits used in new electronics. 

In each chapter of the thesis, I highlight an important aspect for understanding the 

heterostructures. The thesis is constructed as follows. 

Chapter 1 starts with a brief introduction to the SrTiO3-based system, which is the building 

block of the studied heterostructures. 

Chapter 2 presents the applied experimental methods for fabricating the samples, which 

includes the termination procedures for substrate surfaces, film growth by pulsed laser 

deposition, and deposition monitoring by reflecting high energy electron diffraction, as 

well as characterization techniques such as magnetotransport used to investigate the 

materials in this study. 

Chapter 3 describes the fabrication of freestanding oxide membranes. The methods used 

in this thesis typically rely on releasing thin oxide films using sacrificial interlayers and 

selective etching in addition to freestanding oxide membranes formed spontaneously 

during growth. 

Chapter 4 describes the properties of the freestanding membranes that show the possibility 

of tweaking oxygen diffusion, but still preserve properties such as superconductivity in the 

freestanding form. 

Chapter 5 deals with the magnetic properties of the SrTiO3-based system and the 

dependence on the deposition process and post-processing using annealing. 

Chapter 6 describes the relationship between band structure and process parameters 

SrTiO3-based systems by surface treatment, annealing, Sr diffusion in anatase-TiO2/SrTiO3 

and introduction of an additional buffer layer. 

Chapter 7 concludes the thesis and provides an outlook. 
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Resumé 
 

I en verden, hvor udviklingen af mikroelektronik er blevet en stor og uundgåelig del af 

samfundet, har der aldrig været større efterspørgsel efter nye materialer, som tillader nye 

funktioner i elektroniske enheder, end i dag. Her åbner den metalliske grænseflade mellem 

de to isolerende LaAlO3 og SrTiO3 op for området for oxid-baseret elektronik på grund af 

den store vifte af egenskaber, som denne heterostruktur viser, samt muligheden for at 

finjustere disse egenskaber. Det er dog stadig et åbent spørgsmål, hvorfor LaAlO3/SrTiO3-

systemet kan vise en sådan alsidig palet af fysiske egenskaber, hvor magnetisme f.eks. 

dannes i heterostrukturen, selvom de oprindelige materialer individuelt ikke er magnetiske. 

I denne afhandling fokuserede jeg på at forstå, hvordan magnetismen og ledningsevnen i 

grænsefladen i SrTiO3-baserede heterostrukturer påvirkes af fremstillingsmetoder, strain 

og doping af ilt-vakancer. Fundene i denne afhandling forbedrer vores grundlæggende 

forståelse af disse heterostrukturer og stimulerer opdagelsen af nye enheder, som anvendes 

i integrerede kredsløb i ny elektronik. 

I hvert kapitel i afhandlingen fremhæver jeg et vigtigt aspekt for at forstå 

heterostrukturerne. Afhandlingen er struktureret således:  

Kapitel 1 begynder med en kort introduktion til SrTiO3-baserede systemer, som er 

byggestenene i de undersøgte heterostrukturer.  

Kapitel 2 præsenterer de anvendte eksperimentelle metoder til fremstilling af prøverne, 

herunder fremgangsmåde for overfladeterminering af substraterne, film-deponering ved 

hjælp af pulserende laserdeponering og overvågning af deponeringen ved hjælp af 

refleksion af højenergielektron-diffraktion samt karakteriseringsmetoder som 

magnetotransport, der anvendes til at undersøge materialerne i dette studie.  

Kapitel 3 beskriver fremstillingen af fritstående oxidmembraner. De metoder, der anvendes 

i denne afhandling, baserer sig typisk på frigivelse af tynde oxidfilm ved hjælp af et 

vandopløseligt mellemlag og selektiv ætsning samt fritstående oxidmembraner, der 

spontant dannes under groningen.  

Kapitel 4 beskriver egenskaberne ved de fritstående membraner, der viser muligheden for 

at finjustere iltdiffusion, men stadig bevare egenskaber som superledning i den fritstående 

form. 

Kapitel 5 behandler de magnetiske egenskaber ved SrTiO3-baserede systemer og 

afhængigheden af deponeringsprocessen og efterbehandling ved høje temperaturer.  

Kapitel 6 beskriver relationen mellem båndstruktur og procesparametre for SrTiO3-

baserede systemer ved overfladebehandling, høje temperaturer, Sr-diffusion i anatase-

TiO2/SrTiO3 og indførelse af et yderligere bufferlag.  

Kapitel 7 konkluderer afhandlingen og giver en perspektivering. 

  



iv 

 

 

 

  



v 

 

Preface 
 

This PhD thesis is submitted in the partial fulfilment of the requirements for acquiring the 

degree of Doctor of Philosophy at the Technical University of Denmark. 

The content of this thesis is primarily based on collaborations between energy conversion 

and storage at the Technical University of Denmark, Center for Quantum Devices at 

University of Copenhagen, Swiss Light Source at Paul Scherrer Institute, Group for 

Ferroelectrics and Functional Oxides at École Polytechnique Fédérale de Lausanne, 

Institutes für Physik Martin-Luther-Universität Halle-Wittenberg. I have worked with 

various techniques, all with the common goal of understanding the physics SrTiO3-based 

oxides. 

 

 

 

 

 

 

 

Principal supervisor: 

Prof. Nini Pryds, Technical University of Denmark 

Co-supervisors: 

Dr. Dennis Valbjørn Christensen, Technical University of Denmark 

Prof. Vincenzo Esposito, Technical University of Denmark 

 

Assessment committee: 

Prof. Chang-Beom Eom, University of Wisconsin-Madison 

Dr. Felix Gunkel, Forschungszentrum Jülich 

Dr. Ivano Eligio Castelli (chairman), Technical University of Denmark 

 

Kgs. Lyngby, January 9th, 2023 

 

Rasmus Tindal Dahm 

https://orbit.dtu.dk/en/persons/ivano-eligio-castelli
https://orbit.dtu.dk/en/persons/ivano-eligio-castelli


vi 

 

 

  



vii 

 

Acknowledgements 
 

I would like to acknowledge the help, supports and collaboration from family, friends, co-

workers, collaborators, and supervisors. 

First, I would like to thank the head of department, Søren Linderoth and section leader Nini 

Pryds for the opportunity to make this PhD project possible. I would express my sincere 

gratitude to my principal supervisor Nini Pryds who, no matter the time of day, had time to 

discuss results and revise my manuscript; and my co-supervisor Dennis Valbjørn 

Christensen who always has time to help in the lab or engage in a scientific discussion. I 

would also like to express my deepest thanks to Daesung Park who has been a great help 

throughout my project whether it be help in the lab, theoretical level, or presenting of data. 

I would also like to express my appreciation towards Francesco Maria Chiabrera, Shinhee 

Yun Felix Trier and Daesung Park, whether that be guidance in the lab teaching me first-

hand experience of theoretical knowledge with the pulsed laser deposition system and 

cryostat systems. I also want to thank Thomas Sand Jespersen for thoughtful discussions. 

During my stay at the Paul Scherrer Institute, I had the pleasure of meeting Milan Radovic 

and his team of brilliant scientists. Therefore, I would like to thank Milan Radovic, Hang 

Li, and Eduardo Bonini Guedes from the SIS beamline and Vladimi Strokov at the 

ADRESS beamline for introducing me to the synchrotron community and the very complex 

but important science that they do every day. A special thanks to my office mate from the 

beginning of my PhD, Ricci Schüsler Erlandsen, who was always up to for a chat and my 

more recent officemate Thor Hvid-Olsen. 

I would also like to take the opportunity to thank the commitment committee Chang-Beom 

Eom, Felix Gunkel and Ivano Eligio Castelli for taking time out of their busy schedules to 

read and attend the defense of this thesis. 

Lastly, I'd like to thank my family and Caroline Berndtsson, my beloved life partner, for 

all her support and taking care of the family situation in hectic times whether that be taking 

care of our daughter Olivia or preparing dinner for when I get home late after a long day at 

DTU. 

 



viii 

 

 

  



ix 

 

 

Contents 
 

Summary ............................................................................................................................... i 

Resumé ............................................................................................................................... iii 

Preface.................................................................................................................................. v 

Acknowledgements ............................................................................................................ vii 

Contents .............................................................................................................................. ix 

List of acronyms & symbols ............................................................................................ xiii 

CHAPTER 1 Introduction to oxide electronics ................................................................... 1 

1.1 Complex oxide ...................................................................................................... 1 

1.2 The physics of complex oxide ............................................................................... 2 

1.2.1 Crystal field theory ........................................................................................ 3 

1.3 Perovskite: SrTiO3................................................................................................. 4 

1.3.1 Stability of the perovskite .............................................................................. 5 

1.3.2 SrTiO3 symmetry ........................................................................................... 6 

1.3.3 Defects in SrTiO3 ........................................................................................... 7 

1.3.4 Selected properties of bulk SrTiO3: superconductivity ................................. 8 

1.4 SrTiO3 – based heterointerfaces .......................................................................... 10 

1.5 SrTiO3 – based heterointerfaces: properties ........................................................ 13 

1.5.1 Lifshitz transition ......................................................................................... 13 

1.5.2 Superconductivity in LaAlO3/SrTiO3 .......................................................... 14 

1.5.3 Magnetism.................................................................................................... 16 

1.5.4 Ordinary magnetoresistance......................................................................... 18 

1.5.5 Ordinary and anomalous Hall effect ............................................................ 18 

CHAPTER 2 Experimental ................................................................................................ 21 

2.1 Sample preparation .............................................................................................. 21 

2.1.1 Single termination procedure ....................................................................... 21 

2.1.2 TiO2-terminated SrTiO3 of the current thesis .............................................. 23 

2.1.3 Film growth .................................................................................................. 25 

2.1.4 Pulsed laser deposition ................................................................................. 25 

2.1.4.1 Laser fluence ......................................................................................... 26 

2.1.4.2 Oxygen partial pressure ........................................................................ 27 

2.1.4.3 Reflection high-energy electron diffraction ......................................... 28 



x 

 

 

2.2 Sample characterization ...................................................................................... 30 

2.2.1 Transport measurement ................................................................................ 30 

2.2.2 Magnetometry .............................................................................................. 30 

2.2.3 X-ray diffraction .......................................................................................... 32 

2.2.4 Angle-resolved photoemission spectroscopy ............................................... 32 

CHAPTER 3 Fabrication of freestanding membranes ....................................................... 35 

3.1 Freestanding membranes utilizing soluble sacrificial layer ................................ 36 

3.1.1.1 Sacrificial buffer layer .......................................................................... 37 

3.1.2 Fabrication procedure of wet etch method................................................... 38 

3.1.3 Characterization of stacked membranes ...................................................... 41 

3.2 Freestanding membranes through controlled spalling ........................................ 43 

3.2.1 Spalling mechanism ..................................................................................... 43 

3.2.2 As-grown spalled membrane size distribution ............................................. 44 

3.2.3 Controlled spalled membrane size distribution and fabrication .................. 45 

3.2.4 Membrane transfering .................................................................................. 48 

CHAPTER 4 Properties of freestanding membranes ......................................................... 51 

4.1 Physical properties of moiré patterns in SrTiO3 membranes ............................. 51 

4.2 Superconducting 2DEG in freestanding LaAlO3/SrTiO3 membranes ................ 52 

4.2.1 Preparation of the device and ensuring good contact to the 2DEG ............. 52 

4.2.2 Temperature dependence ............................................................................. 53 

4.2.3 The superconducting phase in spalled membranes ...................................... 54 

CHAPTER 5 Magnetism in SrTiO3-based structures ........................................................ 59 

5.1 Controllable magnetism though growth pressure ............................................... 59 

5.2 Tuning SrTiO3-based systems by oxygen vacancies........................................... 63 

5.3 Magnetism in self-assembled LaAlO3(1-x):LaBO3(x)/SrTiO3 heterostructures . 67 

CHAPTER 6 The electronic structure of STO-based oxides ............................................. 71 

6.1 Creation and control of low dimensional states at SrTiO3 surface ..................... 71 

6.2 The electronic structure of a-LAO/LMO/STO.................................................... 75 

6.3 The electronic structure of ion diffusion in TiO2/SrTiO3 .................................... 78 

6.4 Electronic response to strain in SrTiO3 (001) ..................................................... 81 

CHAPTER 7 Conclusions & outlook ................................................................................ 85 

APPENDIX A SrTiO3 TiO2 treatment protocol ................................................................ 87 

A.1 Aqua regia TiO2 treatment ...................................................................................... 87 

A.2 Buffered HF TiO2 treatment .................................................................................... 88 



xi 

 

APPENDIX B Appendix of papers.................................................................................... 89 

B.1 Published peer-reviewed articles ............................................................................. 89 

B.2 Articles accepted, submitted or under preparation .................................................. 90 

Bibliography .................................................................................................................... 219 

 
  



xii 

 

 

  



xiii 

 

List of acronyms & symbols 
 

 

 

 

 

 

 

 

Symbol Quantity  Value  

e > 0  e elementary charge 1.602 × 10−19 C 

ℎ = 2𝜋ℏ Planck’s constant 6.626 × 10−34J s 

𝑘𝐵 Boltzmann constant 1.381 × 10−23J/K  

𝜇𝐵 Bohr magneton 9.274 × 10−24 J/T 

𝛷0 flux quantum 2.01/mT (μm)2  

   

Physical constants 

 

 

 

  



xiv 

 

 

 

 



xv 

 

Acronym  Definition 

2DEG  two-dimensional electron gas 

AC  alternating current 

ADF-STEM  annular dark-field scanning transmission microscopy  

AFM  atomic force microscope 

AHE  anomalous Hall effect 

ARPES  angle-resolved photoemission spectroscopy 

CAB  cellulose acetate butyrate 

CB  conduction band 

DC  direct current 

DFT  density functional theory 

EDC  energy distribution curve 

EELS  electron energy loss spectroscopy 

EPI  electron-phonon interactions 

FFT  fast Fourier transformation 

GL  Ginzberg-Landau 

HRTEM  high-resolution transmission electron spectroscopy 

IPA  isopropanol 

LAO  LaAlO3 

LBO  LaBO3 

LMO  LaMnO3  

MBE  molecular beam epitaxy 

MD  molecular dynamics 

MDE  momentum distribution curve 

OHE  ordinary hall effect 

PDMS  poly(dimethylsiloxane)) 

PLD  pulsed laser deposition 

PMMA  poly(methyl methacrylate) 

PT  pulse tube 

RHEED  reflection high-energy electron diffraction 



xvi 

 

 

Acronym  Definition 

RP  ruddlesden-popper 

RSM  reciprocal space map 

SAO  Sr3Al2O6 

SEM  scanning electron microscopy 

SQUID  superconducting quantum interference device 

SR  success rate 

STO  SrTiO3 

SX-ARPES  soft x-ray angle-resolved photoemission spectroscopy  

UHV  ultra-high vacuum 

VB  valence band 

vdP  van der pauw 

VUV-ARPES vacuum-ultraviolet angle-resolved photoemission spectroscopy 

XPS  x-ray photo spectroscopy 

XRD  x-ray diffraction 

 



 

 

1 CHAPTER 1 

Introduction to oxide electronics 

 

1.1 Complex oxide 

A fundamental understanding of materials is essential for creating new materials for energy, 

information, and electronic technology. Complex oxides are a widely used solid-state 

material class that contain oxygen and other elements, such as a transition metal in the case 

of transition metal oxides. This class of materials hosts a wide-range of exciting properties 

including ferroelectricity1–4, ferromagnetism5–11, multiferroicity12–14, high-temperature 

superconductivity15, colossal magnetoresistance16–19, and metal-to-insulator transitions20,21. 

These exciting properties are due to the very strong correlation effects, leading to the 

coupling of the charge, spin, orbital, and lattice degrees of freedom22,23 (see Figure 1.1). 

Emergent phenomena in condensed matter physics are the hallmark of many-body systems, 

and yet unraveling their nature remains one of the central challenges24. With endless 

possible interactions, an interplay between the interactions can be the missing link in a 

percolative network of emergent phenomena. Traditionally, physicists and material 

scientists strive towards the philosophy of reductionism, where the properties of a single or 

few particles system is used to explain larger systems. However, this is not sufficient to 

understand large complex correlated 

systems, as quoted by P.W. Anderson in 

1972: “The ability to reduce everything to 

simple fundamental laws does not imply the 

ability to start from those laws”23,25,26. As an 

analogy, it is almost impossible to construct 

worldly phenomena, such as the human 

body, starting from elementary particles and 

using just the fundamental laws.   

Complex oxides have shown to be a great 

candidate for many technological 

applications27 due to their wide and exciting 

range of properties. Owing to the complex 

nature of the interactions, we still failed to 

decisively identify the mechanism that 

generates the superconducting charge 

carriers even after decades of rigorous study. 

This is partially because we can no longer 

consider the electron in these systems as 

moving freely without interacting with each 

other, i.e., electron gas, but rather the 

Figure 1.1. The complex correlation between charge, 

spin, orbital and lattice creates emerging phenomena 

in complex oxides and are responsible for the variety 

of properties such as ferroelectricity, ferromagnetism, 

high-temperature superconductors, multiferroics. 

Colossal magnetoresistance and metal-to-insulator 

transition.  Figure adapted from reference [236]. 
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particles interact and “feel” each other in an electron liquid with many-body interactions 

such as the electron-electron or the electron-phonon interactions (EPI). 

Although the understanding of such correlated systems is challenging, it also provides an 

opportunity for a complex metal oxide to exploit the coupling of spin, charge, and lattice 

degrees of freedom to create novel electronic23 and spintronic devices28 or even computing 

elements comparable to the neurons and synapses in the brain29.  

 

1.2 The physics of complex oxide 

Complex oxides exhibit many spectacular magnetic and electrical properties, including 

high-temperature superconductivity and multiferroicity, making them particularly 

promising for a wide range of technology applications27. This family of materials has 

crystal structures such as perovskite (ABO3), rock salt (BO), and rutile (BO2), to name a 

few. The most common formula for these materials is perovskite oxides ABO3 structure. 

These materials are chemically very flexible. allowing for a wide degree of doping and 

elemental substitutions. Here, the A-site is usually occupied by a rare-earth and/or alkaline 

large cation that has 12-fold coordination with oxygen anions; the B site is positioned in 

the center of a corner-sharing octahedron formed by neighboring oxygen anions and is 

typically a transition metal, where most of the interesting physics occurs while O is the 

oxygen anion. Figure 1.2 shows the periodic table of elements with the transition metals 

highlighted in blue and post-transition metals highlighted in yellow, accounting for the B-

side transition metal. 

The properties of complex oxides depend on the ionic composition, but also the position 

and rotation of the ions relative to each other, i.e., the geometry of the ligands (oxygen in 

Figure 1.2. Periodic table of elements with transition metals and post transition metals highlighted in blue 

and yellow, respectively. 
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complex oxides) relative to the transition metal. The unusual properties of complex oxides 

are due to several factors: 

1) The arrangement of ions within the unit cell 

2) Electron correlation effects  

3) The polarizability of oxygen 

This will be discussed in more detail in the following section. To understand complex 

oxides, we need to consider first what makes the transition metal elements in the periodic 

table unique compared to their elemental colleagues. Transition metal elements are 

elements in the periodic table (see Figure 1.2) that correspond to the d levels filling and 

therefore are called d block elements. Transition metals are elements that have at least one 

partially filled d-orbital atom or otherwise can produce cations that have partially filled d-

subshells. All the transition elements, apart from the first and the last, display various 

oxidation states, making them interesting from a functional perspective. Not only are they 

rich in properties, but they are also partly abundant, with Fe, Ti, Mn, Zr, V, and Cr being 

most commonly found while W, Au, Ag, and Pt are rarer30.  

 

1.2.1 Crystal field theory 

Crystal field theory (CFT) describes the bonding interaction between transition metals and 

ligands31. It describes the effect of the attraction between the positive charge of the metal 

cation and the negative charge of the non-bonding electrons of the ligand. CFT successfully 

accounts for some magnetic properties, splitting of the orbitals, and colors of transition 

metal complexes, but it does not describe bonding. 

The electrons in the d orbitals of the central metal ion are surrounded by an electric field 

created by the negatively charged ligands. Therefore, the d electrons closer to the ligands 

will have a higher energy than those further away, which results in the splitting of d-orbitals 

in energy. This splitting is affected by: 

1. The nature of the metal ion 

2. The metal's oxidation state (a higher oxidation state leads to a larger splitting) 

3. The arrangement of the ligands around the metal ion 

4. The nature of the ligands surrounding the metal ion 

In an isolated atom or ion, all five d-orbitals (Figure 1.3) have degenerate electronic 

structure, meaning the energy levels of the 5-fold 3d orbitals have the same energy. 

However, when the transition metal ion is surrounded by ligands (oxygen), the d-orbital 

energy level splits into different energy levels. Crystal field theory describes the effect by 

considering the ligands’ negative point charges that repel the d-orbital electrons, breaking 

the degeneracies of the electron orbital and creating an energy gap Δ0. When the d-orbital 

energy levels of a d-metal are split in an octahedral environment, the octahedral crystal 

field causes the d-orbitals to split into two energy levels, the low energy level 𝑡2𝑔 and the 
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high energy level 𝑒𝑔. The orbital energy depends on their shape (Figure 1.3a), where the 

non-axial orbitals 𝑑xy, 𝑑zy and 𝑑xz are referred to as 𝑡2g and the axial orbitals are referred 

to as 𝑒g. This shows that the electrostatic repulsion from the ligands has a large effect on 

the properties, where the 𝑒g  orbitals pointing directly towards the ligands raise in energy, 

while the 𝑡2g orbitals located in between lower the energy. As a result, the 𝑡2g orbitals will 

be the first to be filled. If the paring energy is smaller than Δ0, two electrons will occupy 

the same orbital according to Hund’s rule (↑↓), referred to as low spin, while in the opposite 

situation, where the paring energy is lower than Δ0, the electrons occupy all five orbitals 

before paring the spin. In other words, in high-spin configuration, every orbital is first 

occupied by one electron before adding a second electron to any of them, just like with 

degenerate d-orbitals. In the low-spin configuration, the lower energy level is completely 

filled before the higher level is occupied. Properties such as color, magnetism, structure, 

stability, and reactivity depend on Δ0, and the pairing energy. The most common crystal 

fields found in complex oxides are the octahedral, tetrahedral pyramidal, and square planar 

as illustrated in Figure 1.3b. 

 

1.3 Perovskite: SrTiO3 

Perovskite-type transition metal oxides display a vast variety of compositional and 

structural variations and, as a result, a wealth of interesting magnetic and electric 

behaviors32. Strontium titanate (SrTiO3 or STO) has a perovskite structure like CaTiO3, the 

mineral from which the name was derived. The cation in STO is titanium (Ti), while 

strontium (Sr) is positioned at the corners of the unit cell. The TiO6-octahedral exhibits 

Figure 1.3. Illustration of the five possible d-orbitals of (a). 𝑑x2−y2and 𝑑z2 are denoted as the 𝑒g orbitals while 

the low energy 𝑑xy, 𝑑zy and 𝑑xz are referred to as the 𝑡2g orbitals. Figure adapted from reference [237]. b) 

Crystal field splitting for the three common structures: Octahedral, square pyramid and square planer, while 

the five d-orbitals in an isolated are degenerate. 
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covalent bonds, while Sr2+ and O2- exhibit ionic bonds, which results in a mixed state of 

bonds. STO, with its lattice constant (3.905 Å)33 (Figure 1.5a), provides an excellent lattice 

match to most materials with perovskite structure. For that reason, it is an excellent 

substrate for the epitaxial growth of many oxides’ thin films34,35.  

 

1.3.1 Stability of the perovskite 

With the effect of the oxygen ligands on the transition metal’s band structure in mind, we 

will now consider distortion of the structure and what effect this will have on the electronic 

configuration. Structural deformations have been shown to greatly affect perovskite's 

electronic and magnetic properties36. These types of distortions are typically provoked by 

stress37 and change of temperature38 that cause the octahedral to deform, ultimately causing 

rotation and tilting39. This type of mechanical deformation opens a pathway for scientists 

to engineer properties. 

In an ideal cubic perovskite structure (ABO3), the atoms are just touching one another, the 

B–O distance is equal to a/2 and the A–O distance is √2(𝑎 2)⁄ , where a is the cube unit cell 

length and the following relation between radii of ions holds: 𝑅𝐴 + 𝑅𝑜 = √2(𝑅𝐵 + 𝑅𝑜). 

Goldschmidt40 found that the perovskite structure is retained in ABO3 compounds even 

when this relation is not exactly obeyed. The Goldschmidt tolerance factor, 𝑡 =
𝑟𝐴+𝑟𝑂

√2(𝑟𝐵−𝑟𝑂) 
, 

relate the ionic radii of the corner-sided A atoms, centered transition metal B atom and 

electronically stabilizing anions (in most cases oxygen). In general, materials with a 

tolerance factor of 0.9–1.0 have an ideal cubic structure40,41. A tolerance factor of 0.71–0.9 

results in a distorted perovskite structure with tilted octahedra42. Non-perovskite structures 

are formed when the tolerance factor is higher (>1) or lower (<0.71)43. Examples of 

material larger than 1 (t = 1.063) is BaTiO3 that favors a ferroelectric displacement, while 

CaTaO3 (t = 0.946) favors an antiferroelectric displacement32,41,44.  

The perovskite nickelate family is 

characterized by the chemical formula 

RNiO3 where R is a trivalent rare earth 

R = La, Pr, Nd, Sm, Eu, Gd, Dy, Ho, 

Er, Y, and Lu. The physical and 

structural properties of these 

compounds are summarized in the 

phase diagram displayed in Figure 

1.438, parameterized by temperature 

and tolerance factor. In this work, the 

evolution of the metal to insulating 

transition in the RNiO3 can be 

correlated to the Goldschmidt 

tolerance factor. In addition to 

substituting the full number of A-side 

atoms, it is also possible to partially 

substitute the A-side atoms, diluting 

Figure 1.4. The Ni-O-Ni angle in nickelates plays an 

important role in structural distortion and has the ability to 

change the metal-to-insulator transition temperature. 

Figure adapted from reference [38]. 
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the structure, and effectively doping the crystal. A pristine example is the La2-xSrxCuO4, 

where incorporating Sr induces a high-temperature superconducting phase45 and the 

manganites, where doing LaMnO3 (LMO) with the larger Sr obtaining La2/3Sr1/3MnO3 

strongly enhances the transport properties46. 

 

1.3.2 SrTiO3 symmetry 

At room temperature, STO is a cubic structure with space group 𝑃𝑚3̅𝑚 and a lattice 

parameter of 3.905 Å33. STO is characterized by a Goldschmidt tolerance factor very close 

to unity.  

The structure of STO is sensitive to temperature variations47. Figure 1.5e shows that upon 

cooling to a temperature below 𝑇AFD  =  105 K, the unit cell of the STO undergoes a phase 

transition from cubic to tetragonal, with an octahedral rotation angle of 2.1° and elongation 

of the cubic structure with a c/a ratio of 1.0005648. Furthermore, below ∼105 K upon 

crossing a domain boundary, the elongated crystal axis rotates by 90° resulting in the 

nucleation of twin structures creating a domain structure49. STO has another second order 

phase transition that causes the tetragonality to saturate at a temperature of about ∼ 40 K50. 

The structure of STO is distorted from the ideal cubic structure, for example, under stress 

or a change in temperature. These two distortions manifest themselves as shown in Figure 

1.5a-d32 either as “conventional” ferroelectric displacement (Figure 1.5b) of the ions from 

their symmetry position or as antiferrodistortive (AFD) rotation of the oxygen TiO6 

octahedral (Figure 1.5c) with an antiphase rotation of the neighboring octahedra’s. 

In the limit of zero temperature where thermal fluctuations are absent, phase transition with 

respect to a non-thermal tuning parameter such as pressure and composition, can be driven 

purely by quantum fluctuations. In this region, the interplay between quantum and thermal 

fluctuations can lead to novel exotic phenomena such as quantum paraelectric transition51. 

Quantum paraelectric transition is another unique property of STO52 which was also found 

Figure 1.5. STO ranging from ideal cubic to different distorted scenarios. a) At room temperature STO is an 

ideal face-centered cubic 𝑃𝑚3̅𝑚. b) Ferroelectric distortion of STO. Figure adapted from [32]. e) STO 

structural phase diagram. Figures adapted from references [238,239]. 
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in other systems, such as KTaO3
53 and CaTiO3

54. This occurs when a ferroelectric 

instability is stabilized by quantum fluctuations. The quantum fluctuations suppress the 

ferroelectric phase and are often associated with increasing in the dielectric constant55. 

At room temperature, STO already has a large dielectric constant of 𝜖STO =  300, but this 

diverges to 20,000 at 4 K52  due to the quantum paraelectric transition. At low temperatures 

(T < 0.5 K), STO displays a striking superconductive behavior with low carrier 

concentration56. It was found that substituting the 16O-isotope with the heavier 18O 

suppresses the quantum fluctuations, but also increases TC for the superconducting phase57. 

The coopetition for the formation of electron pairing and ferroelectricity, a mechanism 

known as quantum criticality in STO are still debated. 

 

1.3.3 Defects in SrTiO3 

Understanding defect structure in STO is important to understand the various properties of 

STO. For example, STO is known as dielectric materials, however, if the materials are not 

treated carefully the formation of oxygen deficiency gives rise to electrical conductivity58.  

STO has both cation and anion point vacancies, as well as interstitial defects. For example, 

in thin films of STO, Ti and Sr vacancies8,59 have been observed with a relative 

concentration of VTi/VSr depending on laser fluence during Pulsed laser deposition (PLD) 

film growth. The Ruddlesden-Popper (RP) phases of STO which have a Srn+1TinO3n+1 

structure are another type of defect in STO60 and have its simplest form for n = 1 (Sr2TiO4); 

it corresponds to the removal of a TiO2 layer from the perovskite STO structure resulting 

in a double-layer of SrO. 

Oxygen vacancies (VO) are one of the most important factors in modifying the properties 

of STO and their effect cannot be ignored. The formation of VO in STO is intimately related 

to the rich variety of physics phenomena, such as electrical61 and magnetic62–64 properties. 

A cardinal example is the high sheet carrier density at the heterointerfaces between LaAlO3 

(LAO) and STO9,65. Another example are the optical properties of transparent STO which 

can change the color from opaque 

white to blue66. Therefore, a 

fundamental understanding of the 

role of VO is an essential prerequisite 

for creating and/or establishing the 

physics and functionalities.  

VO are the most abundant intrinsic 

point defect in STO and they form as 

a result of a missing oxygen atom in 

the lattice shown in the following 

equation using the Kröger-Vink 

notation (Oo
x  represents neutral 

oxygen atom in the lattice)67.  

 

Figure 1.6. Oxygen vacancy in STO lattice. The oxygen 

vacancy reduces the valence charge of titanium from Ti4+ 

to Ti3+ by donating its electrons the neighboring Ti-atoms, 

although the OV can move in the crystal. 
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𝑂𝑜
𝑥 ⇌ 𝑉𝑜

∙∙ + 2𝑒′ +
1

2
𝑂2 1.1 

 

From the above equation, it is evident that there are two electrons (𝑒′) obtained from every 

𝑉𝑜
∙∙ and that the oxygen vacancies carry a net positive charge, as indicated by two dots when 

the Kröger-Vink convention is used. This is important because these anion vacancies are 

responsible for a significant part of the multi-functionality of STO. While stoichiometric 

STO is electrically insulating, STO becomes metallic with a sufficiently high concentration 

of VO and even shows superconductivity at low temperatures (< 300 mK)56. The VO can be 

easily manipulated with a wide range of variables, such as temperature68, oxygen partial 

pressure (PO2)
69, electrical field70, and light71. VO is often introduced in the crystal by 

annealing in oxygen reduced conditions (e.g. low oxygen atmosphere at sufficiently high 

temperatures), resulting in electrically n-type STO72. Each VO dopes the sample with 2𝑒−. 

However, these may be localized and not contribute to the conductivity but rather act as a 

magnetic impurity73. The vacancies have also been shown to migrate under an electric field 

at elevated temperatures, resulting in a colored gradient74. At T = 295 K the diffusion 

coefficient of VO is ∼  10−14cm2s−1 while at T = 1600 K the diffusion coefficient is ∼

 10−4𝑐𝑚2 𝑠−1. Figure 1.6 illustrates the formation of VO and the contribution of the two 

electrons from the equation above to the Ti orbitals, reducing the Ti valance from Ti4+ to 

Ti3+. 

 

1.3.4 Selected properties of bulk SrTiO3: superconductivity  

Schooley et al.56 reported a superconducting phase transition below 250 – 280 mK (Figure 

1.7) in reduced STO. This was the first observation for superconductivity in the complex 

oxide and paved the way for the search for high Tc superconductors, but was it disregarded 

due to its very low transition temperature. Surprisingly, the superconductivity in STO exists 

with a very low carrier density of 

5.5 ×  1017 cm−3 with the 

transition temperature being 

tunable by varying the carrier 

density. This was a milestone since 

it had the tunable properties from a 

semiconductor to a superconductor. 

Such a superconducting transition 

was only discovered in traditional 

metals. When a material undergoes 

a superconducting phase transition, 

the electrons can move freely 

though the lattice without 

scattering, resulting in a state of 

zero resistance. This phenomenon 

was discovered in 1911 by the 

Dutch physicist Heike Kamerlingh 

Onnes, but it was not until 1957 that 

Figure 1.7. Critical temperature as function of carrier 

density for defect reduced STO. Reduced STO is possible 

to undergo a superconducting transition at low carrier 

density o 5.5 ×  1017 cm−3, and has a peaking transition 

temperature of 250-280 mK. Figure adapted from 

reference [56]. 
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a mechanism was proposed by Bardeen, Cooper and Schrieffer (BCS), which suggests that 

electrons condense into pairs. Superconductors are typically divided into two classes: type 

I and type II superconductors. Type I superconductors are described by the BCS theory, 

where two electrons form a pair near the Fermi energy. In 1950, Vitaly Ginzburg and Lev 

Landau suggested that a type II superconductor should form in homogeneous states in the 

presence of a strong magnetic field. This would form Abrikosov vortices75, which are 

vortex-shaped flows of supercurrent where the length of the normal conducting vortex core 

is equal to the coherence length, 𝜉. The coherence length is smaller than the penetration 

depth, described by the GL parameter and will be discussed later. 𝜉 describes the change 

in the order parameter over a length scale and is the size of a Cooper-pair. Solving the GL 

differential equation yields an expression for the coherence length76: 

𝜉 =  
𝛷0

2 √2𝐻c(𝑇)𝜆 eff(𝑇)
   1.2 

where 𝛷0 is the magnetic flux quantum and 𝜆 eff is the effective penetration depth, which 

is the measured penetration depth. Type I and type II superconductors differ mainly by their 

response to an external magnetic field H. Applying a magnetic field to a type I 

superconductor will result in the field being expelled until reaching a critical field 𝐻c where 

the superconducting state is destroyed. The expulsion of the magnetic field is known as the 

Meissner effect. The superconducting state is also sensitive to a current exceeding the 

critical current 𝐼c, which is when the kinetic energy of the electrons is larger than the 

bonding energy of the cooper pair, thus energetically favorable to split up and terminate 

the superconducting state. The critical magnetic field and critical temperature are expressed 

by the following parabolic equation76: 

𝐻c(𝑇) ≈ 𝐻c(0) [1 − (
𝑇

𝑇c
)

2

]  1.3 

A type II superconductor has a critical field similar to a type I superconductor where the 

Meissner state is not broken and is a perfect diamagnet; however, exceeding that critical 

field will not destroy the superconducting properties, but rather hover into a mixed state. 

In this mixed state, part of the magnetic flux will penetrate the superconductor and pin the 

magnetic flux, creating superconducting vortices. These vortices are pinned to the 

penetrating field lines. To understand the mixed state, one should first consider the regime 

just above Hc1. In this state, the vortices are well-separated, and the circulating supercurrent 

around the normal core has a size equivalent to the penetration depth 𝜆, while creating a 

moment of one unit of magnetic flux quantum 𝛷0 ≡
ℎ𝑐

𝑒
, while the normal conducting core 

has a size of the coherence length. A finite resistance begins to arise when exceeding Hc1. 

As H approaches Hc2, more field lines penetrate the superconducting material, resulting in 

more vortices being formed. As 𝐻 = 𝐻c1the number of vortices in the material becomes so 

large that the vortices overlap, which results in a larger finite resistance and the mixed state 

transitions into a normal state.   

Type I and II superconductors are also distinct by a parameter from Ginzburg-Landau 

theory76. The Ginzburg-Landau parameter 𝜅 = 𝜆 𝜉⁄  describes the ratio between 

penetration depth and the coherence length and has a positive surface energy for a type I 

superconductor where the 0 > 𝜅 > 1 √2⁄   and negative surface energy for a type II where 
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superconductor 𝜅 > 1 √2⁄ . Superconductivity in a 2D film is governed by the Berezinskii-

Kosterlitz-Thouless (BKT) transition77, which can be characterized by the temperature 

𝑇BKT. For 𝑇 <  𝑇BKT, vortex pairs with opposite signs are formed. At T = 0 and zero field, 

the system will seek the lowest energy which contains no vortices. As the temperature 

increases, the anti-parallel vortices are formed. At low enough temperatures these vortices 

are bound, but increasing the temperature will surpass the threshold and the vortices 

become free. The result of the free vortices is that they destroy the superconductivity, 

resulting in a finite resistance. Since the vortices are not superconducting in the center with 

a width of 𝜉, the film does not form vortices in presence of a parallel field, and the 

superconductivity is not destroyed as a result of vortex formation. Furthermore, since the 

film is thin, the Meissner effect does not have to expel a high quantity of field lines, and as 

a result, the parallel field is much larger than the perpendicular in a thin film. 

 

1.4 SrTiO3 – based heterointerfaces 

Since the discovery of two-dimensional electron gas (2DEG) at the heterointerface between 

LAO and STO, a wide variety of emergent physical properties, such as superconductivity78, 

magnetism9, and spin–orbital coupling79, have been reported. These heterostructures are 

generally formed by depositing oxide thin films on STO substrates. The epitaxial template 

is a very important factor for the quality of the interface and the overall heterostructure. 

Epitaxial growth of oxide films provides a powerful pathway to create new states of matter 

at interfaces as a consequence of the interactions between the spin, charge, orbital, and 

lattice degrees of freedom. STO is a widely used substrate for the growth of functional 

oxide films as it is possible to obtain a single-terminated atomically flat surface utilizing 

selective wet-etching and annealing80,81. Additionally, STO has a cubic lattice constant of 

a = 3.905 Å that fits reasonably well with many possible top films82. Figure 1.8a shows an 

amorphous film on a STO single crystal, while an atomically abrupt interface between a 9 

unit-cell LAO layer and STO substrate can be formed with atomical precision (Figure 1.8b). 

In the past three decades there has been an advance in techniques in thin film growth. 

Particularly, the controllable and precise characteristics of PLD allow the deposition of 

atomically flat oxide films and control the layer-by-layer growth. Other deposition methods 

have also been used, such as sputtering, molecular beam epitaxy (MBE) and atomic layer 

deposition (ALD).  

Molecular beam epitaxy is not only suited for growing III-V semiconductor 

heterostructures, but has also found its place in the field of complex oxides. MBE is a low-

Figure 1.8. High-resolution 

transmission spectroscopy 

image of amorphous 

LAO/STO, displayed as 

crystalline STO substrate to 

the right with non-crystalline 

LAO on the left-hand side. 

Adapted from reference 

[240] (b) crystalline LAO 

(top) on STO (bottom) with 

a sharp interface. Figure 

adapted from reference 

[241]. 
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energy deposition technique and is therefore able to avoid defects which are usually caused 

by high-energy species on the substrate. To overcome typically MBE growth conditions, 

i.e. the very low base pressure and high-temperature conditions for a growth of 

sociometric83, a hybrid MBE technique utilizing a volatile organic compound binding the 

titanium substituting the solid titanium source. This results in opening the stoichiometric 

growth window significantly, and making STO growth more assessable83,84. 

Sputtering and atomic layer deposition are other deposition techniques which are also used 

for oxide film fabrication85. They have advantages for large-area film deposition and high 

deposition rate compared to MBE and PLD techniques, which makes the techniques widely 

used in the industry.  

Pulsed laser deposition is the most used technique for the deposition of a wide variety of 

oxides and STO-based interfaces. In PLD, a laser with a high-power density and narrow 

frequency bandwidth is used as a source for ablating desired materials. The ablated species 

are then transferred in its plasma state (plume) to the substrate. The description of PLD will 

be described in more detail in the following chapter. 

The most commonly studied STO-based heterostructure is the crystalline LAO grown on 

the (100) surface of STO. The discovery of the 2DEG interface between two non-

conducting large band gap insulators such as STO and LAO, was reported in 2004 by 

Ohtomo and Hwang86. This extensive breakthrough led to numerous discoveries in the 

2DEG in the following years 32,87 which will be discussed in the following section. For that 

reason, it is tempting to quote the phrase “the interface is still the device”88. Surprisingly, 

the interface conductivity is governed by a critical thickness of LAO20. When 4 unit-cells 

of LAO is deposited, the interface changes from an insulating state to a conducting state. It 

is also possible to induce the conducting state in a 3 unit-cell thin film of LAO, by using an 

electrical field. The width of the interface in STO(001) is found to be confined and has a 

small spatial width of 1 nm89, while in STO(111) is found to be much broader with a 3.3 

nm90. 

The Ti 3d band of bare STO crystal is split into the low energy 𝑡2g and higher energy 𝑒g 

bands91 (see also chapter 2.1). However, during the growth of an epitaxial layer on STO 

such as LAO, this causes additional distortion on the octahedral caused by inversion 

symmetry breaking, splitting the orbitals further depending on the interfacial orientation92. 

The splitting sequence of the band depends not only on the type of the top layer but also on 

the STO orientation. For the STO(001)-oriented interface the 𝑒g bands, i.e., 𝑑z2  and the 

dyz/dxz are pushed to a higher energy state, while the t2g bands, i.e., 𝑑xy and 

𝑑x2−y2 , perturbed to a lower energy state. On the other hand, the STO(111)-oriented 

interface, the 𝑡2g splits into 𝑎1g singlet and 𝑒g
’  doublet, with a minimal energy difference90.  

The LAO/STO interface is a paradigm example, exhibiting conducting 2DEG, between two 

non-magnetic insulating metal oxides. In the (001) direction, two different interfaces can 

be formed between polar LAO, which consists of alternating (LaO)+-(AlO2)
- layers, and 
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nonpolar SrTiO3, which consists of alternating (SrO)0-(TiO2)0 layers. One is called n-type 

(i.e., LaO/TiO2) and the other is called p-type (i.e., AlO2/SrO).  

At present, no single mechanism can fully explain the experimental observation of the 

interfacial conductivity in this LAO/STO system. For the formation of 2DEG at n-type 

interfaces, three main mechanisms have been suggested: 

Polar catastrophe:  A leading interpretation for the interfacial conductivity is based on the 

“polar catastrophe” mechanism93. The polar stacking of the charged LAO atomic planes 

on the neutral STO planes gives rise to an electrostatic potential difference across the LAO 

film that increases proportionally to its thickness and therefore a sufficiently thick LAO 

film must be relaxed by an interfacial reconstruction. It was proposed that an electronic 

reconstruction may be the dominating effect, involving a transfer of electrons from LAO 

to STO, likely into the STO Ti 3d conduction band close to the interface, thus giving rise 

to the interfacial conduction (Figure 1.9). Although this model seems to provide an 

appealing explanation for many important features of the observed phenomena, there are 

unresolved issues. Thus, a consensus on the correct physical interpretation has not yet been 

reached. One example of unresolved issues is the difference between the electronic carrier 

density measured in well-oxidized samples (2 − 4 × 1013 cm−2) and that predicted by the 

polar catastrophe model (3 × 1014 cm−2). A possible explanation for this “missing charge” 

problem is that part of the electrons injected into the interface are localized and therefore 

do not contribute to the conduction94,95. 

Oxygen vacancies: Polar catastrophe cannot solely explain the conductivity in the interface 

of LAO/STO. Other studies show that annealing STO at above 600 °C in vacuum 96 or 

growing LAO films on STO at different PO2 changes the conductivity. Chen et al. even 

showed that the non-crystalline amorphous LAO heterostructure becomes conducting95. 

 

Cationic intermixing: A third mechanism to explain the conducting interface of LAO on 

STO is cationic intermixing, sometimes referred to as interdiffusion97. It has been observed 

in the first few unit-cells of the interface93. In the case of 𝐿𝑎𝑆𝑟 defects, the La3+ effectively 

works as a dopant substituting the Sr2+. This is caused by Ti4+ reducing to Ti3+ as an effect 

of compensation from nearby Ti-layers. Additionally, Zunger et al. realized that at a 

Figure 1.9. Polar catastrophe mechanism in LAO/STO. (a) Alternating layers of STO, Sr2+O2− and Ti4+O2
4− 

for uncompensated LAO film on STO, where (b) displays the half electron compensation from the surface to 

the interface. (c) band diagram of STO and LAO. 
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thickness above the critical thickness of LAO (4 unit-cells) a spontaneous formation of 

oxygen on for surface of LAO appears98. 

Each mechanism represents one aspect of the interface physics and explains some 

experimental findings, but conflicts with a few others. None of the mechanisms explains 

the insulating nature of p-type interfaces. For interface magnetism, it was shown 

experimentally that the local magnetic moments are associated with Ti3+ ions99. However, 

it is yet unclear whether such Ti3+ ions reside in STO, or LAO, or both near the interface. 

 

1.5 SrTiO3 – based heterointerfaces: properties 

As explained earlier, the realization of an atomically abrupt interface is an important step 

to successfully obtaining new and exotic properties. Unlike the conventional 

semiconductor 2DEGs, electron gases at complex oxide interfaces involve many-body 

interactions and give rise to much richer exotic properties such as conduction86, interfacial 

superconductivity78, ferromagnetism9, and tunable metal-insulator transitions100, to name 

but a few. It offers us the opportunity for a new generation of all-oxide electronic devices 

that can outperform their conventional analogs27. 

A primary area of current research is to control the states at the STO-based heterostructures 

through small external modifications, e.g., electrical, magnetic, thermal, or mechanical 

stimuli87. Such a trigger impulse can push the system from one phase to the other, shift the 

phases to a higher temperature, and may also lead to novel properties that do not normally 

exist in nature and can only be stabilized in thin films. Additionally, if these oxide interfaces 

are to be used in future electronic devices, they must be able to be integrated with 

conventional Si circuits; this is also a subject of intensive research101. 

In the following, I will concentrate only on the properties which are used in the current 

thesis; these are conductivity, superconductivity, and magnetism. 

 

1.5.1 Lifshitz transition 

The Lifshitz transition occurs when the carrier density exceeds the critical value from which 

new bands with different symmetry begin to populate102,103. For STO with tetragonal 

symmetry below 105 K, the light 𝑑xy band is split to lower energy (see Figure 1.3b), 

compared to the heavy 𝑑xz/𝑑yz bands and therefore the 𝑑xy band fills up first. Upon 

reaching the critical value at the band bottom of 𝑑xz/ 𝑑yz  (𝑇Lifshitz), multiple bands start 

occupying. This can be observed from Hall measurements. By tuning the electrical gate 

(tuning the carrier density), the Hall resistance shifts from a linear to a non-linear multiband 

resistance. This is due to exceeding the Lifshitz critical point, where both bands with 

multiple carrier masses contribute to the total Hall resistance102. Figure 1.10 displays an  
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example of LAO/STO interface electrostatically tuned with a back gate to tune the Fermi 

level with a Lifshitz transition at 40 V. 

 

1.5.2 Superconductivity in LaAlO3/SrTiO3 

Superconductivity has been found not only in reduced bulk STO, but also at the 2DEG-

interface in LAO/STO heterostructures. Both show similar critical temperatures (TC < 300 

mK)78. Similar to bulk STO, the 2DEG-interface in LAO/STO heterostructure is gate-

tunable (carrier density), resulting in a dome-shaped superconducting phase with a 

transition temperature ranging from ~300 to 0 mK. It is a Berezinskii-Kosterlitz-Thouless 

(BKT) transition77, that the superconductor is of the interface and not the bulk104. This also 

means that the critical magnetic field is highly dependent on the direction of the field105. It 

has been suggested that the maximum of the dome102, is the Lifshitz transition, meaning all 

three 𝑡2g bands (𝑑xy, 𝑑xz and 𝑑yz) band resulting in multi-band interactions in the 2DEG. 

Additionally, the LAO/STO 2DEG has shown to coexisting superconducting and magnetic 

phase106. 

To obtain a basic understanding, the perpendicular fields, parallel fields, and coherence 

length will be discussed in this section. As described in chapter 1.3.4, the direction relative 

to the superconducting phase dictates the order of the critical field. The first field can be 

calculated from GL theory and is also referred to as the thermodynamic field. 

𝐻c1 =
Φ0

4𝜋𝜆\𝑙𝑛(𝜅)
  1.4 

Increasing the magnetic field exceeds the thermodynamic field and results in field lines 

penetrating the superconductor. Since LAO/STO 2DEG is a type II superconductor105, it 

has a second critical field. During the nucleation process in a bulk superconductor, field 

lines penetrate the solid, slowly turning it into a normal conductor when exceeding the 

second (and largest) critical field, given by76: 

Figure 1.10. Hall resistivity 

(𝜌xy) in present of an external 

magnetic field. A single band 

conductor will show a linear 

response to the field, while a 

multiband with difference 

carrier densities and mobility 

will show a non-linear trace. 

The 2DEG reaches the Lifshitz 

transition at 40 V, going from 

single to multiband conduction. 

Figure adapted from refence 

[102]. 
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𝐻c2 =  
𝛷0

2𝜋𝜉2(𝑇)
  1.5 

This means that at a certain threshold the superconductor has been saturated with penetrated 

flux quantum. This happens when the number of vortices in the superconductor becomes 

large enough such that there is no more room for the vortices in the superconductor, thus 

resulting in the normal state conductance core of the vortices overlapping, which leads to a 

universal normal state conductance for the system. An intuitive understating of equation 

1.5 is that, 𝛷0 is the flux quantum and takes the value 2.01/mT(µm)2, and since 𝜉 is the 

length of the vortex core, 𝐻c2 relates the number of vortices to the size of the vortices in 

the superconductor. This illustrates that at a certain threshold there is no place for additional 

vortices. For a 2D superconductor, vortices can only be generated by the perpendicular 

field as an effect of the equation for the perpendicular field. The expression can also be 

rewritten in terms of the thermodynamic critical field 𝐻c2 = √2𝜅𝐻c showing the nucleation 

field scales with the thermodynamic field. Since LAO/STO has a 2D superconducting 

nature, we need to consider the expression for the parallel critical field76: 

𝐻c = 2√6
Hcλ

𝑑
  1.6 

where 𝜆 is the London penetration depth, d is the thickness of the 2-dimensional 

superconducting state and 𝐻𝑐 is the first critical field also referred to as the thermodynamic 

critical field for a bulk superconductor independent of shape and size. The parallel critical 

field can largely exceed the thermodynamic field if 𝑑/𝜆 is small, since the diamagnetic 

energy for a given field is much smaller for a thin film compared to a bulk superconductor 

and is therefore able to maintain the superconducting state for a larger field105. 

Combining the parallel and nucleation fields with the coherence length, we can obtain an 

expression for the thickness d of the 2D superconducting film. This is done by substituting 

the coherence length into the equation for the perpendicular field and then substituting the 

expression for the second critical field into the critical parallel film, resulting in the 

expression: 

𝑑 = √
6𝛷0𝐻c

⊥

𝜋(𝐻c∥)
2   1.7 

From this equation, it is possible to estimate the effective thickness, d, from measurements 

of the perpendicular and parallel fields, which is used in order to estimate the carrier 

density. Superconductivity at STO-based 2DEGs is found at temperatures below ~300 

mK78. The two-dimensional confinement of the mobile carriers makes it easy to tune its 

density and in turn the conductance by the field effect. An interesting feature of the 

superconducting phase of LAO/STO interface is the ability to electrostatically tune the 

carrier density allowing an on/off switching of superconducting phase transition, thus being 

able to switch between an insulating and superconducting state exceeding the quantum 

phase transition (QPT). A phase diagram showing the different phases of LAO/STO by 

Caviglia et al.107 is shown in Figure 1.11. As the phase diagram shows, an applied gate 
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voltage between -300 V and 320V changes the normal state sheet resistance by two orders 

of magnitude, but also tunes the critical temperature of the superconducting transition 

temperature. At the largest negative gate voltage, where the electron density is smallest, the 

resistance is largest. As the electron density is increased, the resistance drops. At 𝑅s ∼

 4.5 kΩ the electrons condense into a superconducting phase. Remarkably, the transition 

Resistance (𝑅c) is surprisingly close to the quantum resistance for bosons with 2e charge, 

where 𝑅Q  =
ℎ

4𝑒2 =  6.45 kΩ. If one would keep increasing the gate voltage, the differential 

Rs becomes smaller, but 𝑇𝐵𝐾𝑇 increases to a maximum of ∼  310 mK before it starts 

dropping again, resulting in a dome structure of the superconducting phase diagram. 

 

1.5.3 Magnetism 

LAO and STO are both non-magnetic band insulating materials, therefore, the first result 

by Brinkman et al.9 in 2007 of a magnetic interface between the two materials was 

surprising. The report shows that in the temperature dependence of the sheet resistance, 

there was a Kondo-like minimum followed by a saturating upturn in the resistance 

associated with Kondo scatterings.  

Magnetization measurements have been carried out by a wide range of direct and indirect 

methods, including SQUID magnetometry8, scanning SQUID magnetometry7, torque 

magnetometry106, x-ray magnetic circular dichroism11,99 and indirect transport studies such 

as magnetoresistance9 and anomalous Hall effect6,108  

Utilizing SQUID, Ariando et al.109 reported that the LAO/STO interface displays a large 

negative magnetization below 60 K from zero field cooling, with an applied field of 0.1 

kOe, indicating a diamagnetic response. However, in the field-cooled data, the 

magnetization increases significantly, indicating a paramagnetic response. After 

subtracting the diamagnetic and paramagnetic components, the sample also showed a 

ferromagnetic hysteresis loop persisting even at room temperature109. 

The ferromagnetic phase depends on the concentration of iterant carriers 𝑛𝑒 and localized 

moments 𝑛𝑚 leading to three possible states32: (1) if 𝑛𝑚 ≫  𝑛𝑒  the system will become a 

non-magnetic insulator since the concentration of the localized moments will be too large; 

Figure 1.11. LAO/STO 2DEG gate 

tunable superconducting phase transition. 

Left axis (red triangles) displays the sheet 

resistance with respect to gate tuning in 

the normal regime at 400 mK, while the 

right axis (blue circles) displays the BKT 

transition temperature with respect to gate 

voltage. The maximum transition 

temperature is found at ∼ 300 mK at the 

top of the dome where the Lifshitz 

transition occur. Figure adapted from 

reference [107] 

 



1.5 SrTiO3 – based heterointerfaces: properties  17 

 

 

(2) if 𝑛𝑚 ≃  𝑛𝑒 the phase will be a ferromagnetic insulator since the mobile carriers will be 

just enough to carry the moment and support the long-range ferromagnetic order; (3) if  

𝑛𝑚 ≪  𝑛𝑒 it will be a Kondo conductor without ferromagnetic long order range, since the 

system will be flooded with iterant carriers suppressing the ferromagnetic signal. Realizing 

the need for internet electrons to carry the moment, and unpaired spin in non-degenerate 

3d orbitals allowing for exchange mechanism allows us to set up two criteria for a 

realization of a ferromagnetic ordered state110: 

1. The electrons that are transferred to the otherwise empty titanium 3d band modify 

the valence state from Ti4+ to Ti3+ thus resulting in an orbital reconstruction from 

[Ar]3𝑑0 to [Ar]3d1. 

2.  There should be no 3d orbital degeneracy, where the 𝑑xy and 𝑑x2−y2 are pushed 

below the 𝑑yz/𝑑xz and 𝑑z2, respectively. 

The LAO/STO heterostructure meets exactly these criteria, realizing an orbital 

reconstruction such that the 𝑑xy orbital is pushed 26 meV below 𝑑yz/𝑑xz and the electron 

transferred to the interface preferentially will occupy the 𝑑xy orbital99. These electrons 

carry a spin and are able to undergo a ferromagnetic ordering. Therefore, it is crucial for 

the heterostructure to be conducting (4 unit-cells for LAO) in order to achieve the 

ferromagnetic phase111. 

The question arises of where the measured magnetism is located at the interface. 

Techniques such as SQUID magnetometry and scanning SQUID magnetometry do not 

distinguish the interface from the surface and the middle part of the LAO film. However, 

X-ray magnetic circular dichroism at the Ti 𝐿2,3 edge is able to establish more direct proof 

that the magnetism originates from the Ti3+ exchange mechanism99. 

Does the magnetism originate from impurities within the substrate? The impurity level (Co, 

Ni, Fe) varies across vendors but is in ppm level68. This means that there will be a 

background magnetization originating from the impurities; however, it was shown by Rice 

et al.5 and may others112–115 that the magnetism is related to the oxygen vacancies level. 

Other defects have also been shown to be the reason for the observed magnetism. The 

magnetic response of A-side Sr-vacancies manifests itself in indirect anomalous Hall 

effects measurements108. More prominent defect is the acceptor-like B-site cation vacancy 

that has also been shown to massively affect the magnetic properties. A study by D. S. Park 

et al.116 showed that in both homostructure STO/STO and the heterostructure LAO/STO 

samples grown with varying Al-concentration, showing that the B-site cation film 

significantly increases the overall magnetization, likely caused by a compensating antisite 

defect mechanism. This lay the groundwork for further studies, including off-

stoichiometric studies to improve the magnetization in these systems. 

There have been a wide range of studies on different STO-based heterostructures which 

show magnetism, such as LaAlO3/Co-SrTiO3 and LaAlO3/Fe-SrTiO3
10, introducing a 



18  1 Introduction to oxide electronics 

 

ferromagnetic buffer layer such as EuTiO3 or BaFe3 at the LAO/STO interface to induce 

spin-polarized electrons by magnetic proximity effect117,118, EuO/SrTiO3, MAl2O4 [M = Ni, 

Co]/SrTiO3
119,120 and GAO/STO121. Applying external strain to STO-based 

heterostructures has been shown to influence the ferromagnetic domain structures 7,121. This 

has been shown with scanning SQUID that by applying stress to the surface of the sample 

with the tip, it is possible to alter the orientation and magnitude.  

1.5.4 Ordinary magnetoresistance 

Measuring the resistance in a longitudinal configuration under the influence of an external 

magnetic field, changes the resistance with respect to the field strength. This is known as 

magnetoresistance (MR) and is defined as a relative change in the resistance upon applying 

a magnetic field: 

𝑀𝑅 =  
𝑅(𝐵)−𝑅(𝐵=0)

𝑅(𝐵=0)
 1.8 

A signature of the LAO/STO magnetoresistance is the anisotropy dependent16,122. This 

means that the direction of the external magnetic field will result in both positive and 

negative magnetoresistance for out-of-plane and in-plane perpendicular to the current flow 

directions (Figure 1.12b), respectively. The strong anisotropy is associated with magnetic 

scattering from the temperature dependency as an effect of the magnetic ordering 

temperature dependency.  

Another effect that can typically be seen in LAO/STO magnetoresistance is the weak anti-

localization123, manifesting itself at a negative correction of the resistivity, and is associated 

with the spin-orbit coupling123. 

 

1.5.5 Ordinary and anomalous Hall effect 

When we apply current between two electrodes and simultaneously apply a magnetic field, 

it will cause the electrons to deflect to one side as a result of the Lorentz force – this is the 

ordinary Hall effect (OHE). The signal that we are picking up between the electrodes is 

Figure 1.12. The magnetoresistance angle dependency for in LAO/STO systems a) The magnetoresistance 

as a function of θ at a field of 8 T, stepping in temperatures. Figure adapted from reference [16]. b) The 

magneto resistance as function of magnetic field for both in-plane and out-of-plane orientated field, shows 

different sign depending on the orientation of the field. Figure adapted from reference [122]. 
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linearly dependent on the magnetic field, and the slope of the line tells us how many 

electrons we have. The OHE provides a direct method for experimentally probing the 

nature of the carriers and finding out whether they are holes or electrons, depending on the 

direction of the deflected, realized as a positive or negative Rxy vs B slope, carrier density 

and mobility. 

In the simplest picture, the slope is linear, and the sheet carrier density can be subtracted 

by  𝑛s =  
𝐼𝐵

𝑒𝑉H
, where 𝐵/𝑉H is the slope of the hall resistance vs. field. This enables us to 

calculate the charge mobility 𝜇𝑒  =  
1

𝑒𝑛s𝜌xx
. One can tune these carriers with an electrostatic 

gate, and the 2DEG of STO/LAO, for example, shows variation of multiple carriers102. This 

is realized as shown in Figure 1.10 with gate tuning the Fermi level and resulting in a non-

linear Hall resistance. In this case, the simple model for the sheet carrier mobility needs the 

additional term including the multicarrier102,124: 

𝑅xy
2𝑒 = −

1

𝑒

(
𝑛1𝜇1

2

1 + 𝜇1
2𝐵2 +

𝑛2𝜇2
2

1 + 𝜇2
2𝐵2)

(
𝑛1𝜇1

1 + 𝜇1
2𝐵2 +

𝑛2𝜇2

1 + 𝜇2
2𝐵2)

2

+ (
𝑛1𝜇1

2

1 + 𝜇1
2𝐵2 +

𝑛2𝜇2
2

1 + 𝜇2
2𝐵2)

2

𝐵2

 

Here the subscripts 1 and 2 reflect the two carriers with different charge carriers and 

densities originating from the two-band contribution to the overall Hall resistance. 

In 2DEG magnetic interfaces, such as the case in STO-based interfaces, the itinerant 

electrons interact with the magnetic moments, showing a non-linear relationship between 

the transverse resistance (Rxy) vs. magnetic field (B) – it is a signature of Anomalous Hall 

Effect (AHE) (existence of magnetism in the film). The AHE originates from the carriers 

carrying a different spin that are spin-polarized, resulting in an imbalanced population of 

accumulated spins in the opposite direction of the sample125. The total hall resistance is 

thus given by: 

𝑅xy = 𝑅xy
OHE + 𝑅xy

AHE = 𝑅xy
OHE + 𝑅0

AHE𝑀𝑧(𝐵) 

where 𝑀z(𝐵) represents a spontaneous magnetization in the out-of-place direction and 

R0
AHE is the saturated resistance. The AHE manifests itself as an increase in the resistance 

at a small applied external magnetic field but saturates quickly with the field. This is shown 

in Figure 1.13 where the Hall coefficient 𝑅H  =  (
𝑅xy

𝐵
) at ±6 T  at temperatures ranging 

from 2 – 5 K for NdGaO3/SrTiO3 films. It is evident from Figure 1.13a that one should 

include the AHE contribution, while in Figure 1.13b implements also the magnetic 

scatterings in the fit line, only at small fields. 
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Typically, the anomalous hall signal is described with a Langevin function108, therefore, 

one can rewrite the following: 𝑅xy
AHE = 𝑅0

AHE tanh
𝐵

𝐵c
. Plotting this gives the s-shaped data. 

It is important to keep in mind that the AHE is not a direct way to measure the 

magnetization, but rather an indirect approach taking spin deflection into account. 

Nonetheless, it is still possible to obtain information such as the Curie temperature from 

the 2DEG. 

 

 

Figure 1.13. Hall coefficient 𝑅H  (𝑅xy/𝐵) 

at ±6 𝑇. Different color corresponds to 

different temperature ranging from 2 – 5 

K. (a) Fit according to 2e model not taking 

the anomalous contribution into account. 

(b) Same data displayed with 2e model 

with the additional AHE. Figure adapted 

with permission from[108]. 



 

 

2 CHAPTER 2 

Experimental 
 

2.1 Sample preparation 

Surface termination is known to play an important role in determining the physical 

properties of materials. Achieving high-quality STO-based heterostructure depends very 

much on the way we prepare our samples. The typical sample fabrication steps are 

displayed in Figure 2.1. The starting point is a single crystal of STO, where the surface is 

often double terminated with SrO and TiO2. The surface of the STO is then etched and 

thermally annealed to obtain a single terminated TiO2 surface with well-defined terraces. 

A uniform and well-defined terminated surface is the prerequisite for achieving high-

quality films. These steps are crucial for achieving a high-quality and reproducible sample; 

hence a detailed description of the termination is made in this section. Although this thesis 

will mainly consider non-patterned films, it is also possible to create a pattered 2DEG, e.g., 

a Hall bar, but utilizing a selective etch with a mask that could either be hard or soft or a 

shadow mask, during deposition126–128. 

 

2.1.1 Single termination procedure 

Achieving atomically flat single TiO2-terminated STO substrates require a two-step 

treatment: (1) a chemical etch including both DI-water treatment to promote hydroxylation 

of the topmost SrO layer at the surface of as-received STO129 prior to the acidic etch, 

followed by (2) thermal annealing for recrystallization. For epitaxial film growth, the 

surface properties of the substrate materials are critical not only with respect to lattice 

Figure 2.1. Fabricating a STO based hetero- and homostructure are typically realized in these steps: 1. mixed 

terminating as-received substrates are chemically etched and annealed to achieve single TiO2-termination. 

Film deposition, followed by characterization. 
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mismatch and resulting film strain but also the miscut angle and step-terrace structure at 

the surface of the substrates may influence the formation of discontinuities or distinct line-

defects in the film plane. The terrace width is related to the miscut angle 𝛼 of the substrate 

through 𝑤 = 𝑎/ tan 𝛼, where a = 3.905 Å is the unit-cell height of STO. Commercial STO 

single crystal substrates are supplied with well-defined crystal orientations, (100), (111), 

and (110) and with either one or two sides polished and with a given miscut angle. The 

ideal step height is one unit cell high (3.905 Å) and the terrace width range is typical about 

70 – 500 nm, corresponding to miscut angles of 𝛼 = 0.3° − 0.05°. By increasing the 

substrate miscut angle, we could systematically reduce the terrace width and thereby 

increase the density of steps at the surface. A uniform height profile of the terraces is of 

importance – this will be shown in the following chapter. Achieving a single TiO2-

terminated can be made in one of the following ways:  

Buffered hydrofluoric acid (BHF): Kawasaki’s pioneering work80 showed that a simple 

chemical etch can remove SrO for TiO2 single termination of the substrate surface. Before 

annealing the STO wafer the post-etch is a crucial step to obtaining well-defined long-order 

terrace structures130. The process was further optimized by introducing a DI-water before 

the chemical etching to promote strontium hydroxide complex formation that is more easily 

etched with the chemical etch. Detailed procedure on how to treat the STO single crystal 

using Buffered HF is given in Appendix A. 

Aqua regia: The ‘Arkansas’ method developed by M. Kareev et al.81 at the University of 

Arkansas showed that using a chemical solution of 3:1 HCl-HNO3 solution would result in 

similar TiO2 termination at the surface of STO substrate as the STO surface made by using 

the conventional BHF method. The advantages of the method are both the safety aspect and 

fewer oxygen vacancies during the substrate treatment process compared to the highly 

corrosive BHF method131. However, there is inconsistency in terms of the aqua regia which 

has to be mixed every time. This is because nitrosyl chloride (NOCl) and chlorine Cl2 fume 

and thus decrease its potency in time while BHF is a premixed solution bought from the 

vendor. 

Thermal annealing: In order to achieve long-ordered well-defined terraces at the surface 

of STO substrate, thermal annealing in O2 atmosphere is required after etching to achieve 

atomic reconstruction. The annealing temperature is crucial; for example, annealing at too 

high temperatures causes a Sr segregation on the surface66,132. This results in an undesired 

mixed termination after the acid and thermal annealing process133 Figure. 2.2b is an AFM 

topography image of the surface of the as-received STO substrate which is rather flat with 

no defined step-terrace structure132. Figure 2.2a shows a typical AFM topography of an 

STO substrate after etching, but prior to the thermal annealing process. Figure 2.2c shows 

the surface after annealing. It is clearly visible that straight and quasi-uniformly structured 

terraces of the single TiO2-terminated surface exist after the thermal treatment.  
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SrO-terminated SrTiO3: In contrast, obtaining a singly SrO-terminated STO has shown 

to be more challenging, as there is currently no selective wet etch for TiO2. This has led the 

way for alternative routes for obtaining such termination. One of the strategies134 is to get 

SrO-terminated STO by deposition of a SrO monolayer on a TiO2-terminated STO by using 

a real-time reflection high-energy electron diffraction (RHEED)-assisted PLD technique. 

Also, it was found135 that when the STO substrates are annealed in air at high temperature 

(1300 °C), Sr diffuses out from the bulk. This results in progressive SrO enrichment of the 

topmost surface up to 100% SrO, maintaining remarkably atomically flat perovskite-

layered surfaces. 

2.1.2 TiO2-terminated SrTiO3 of the current thesis 

In order to establish a well-defined and controlled single TiO2 surface termination, an 

optimization of the surface termination took place. After the standard etching procedure 

using - 3:1:16 (HCl(37%):HNO3(66%):H2O) commonly known as Aqua Regia. The 

substrate is then annealed in a tube furnace at 1000 °C for 1 hour in O2 flow with a ramping 

rate starting from room temperature of 1.67 °C/minute. Single crystal STO substrates, 

supplied by our main two suppliers: (1) the German-based CrysTec GmbH 

Kristalltechnologie (supplier A) and (2) the Japanese Shinkosha Co., Ltd (supplier B), were 

investigated.  

The aqua regia treatment has the advantage of being much more environmentally friendly 

and safer to work with, compared to the BHF treatment process. Therefore, over the years 

we have chosen to work with aqua regia and do so also in this thesis. However, recently we 

have experienced inconsistency in the surface termination; where we normally would 

achieve quasi-uniform single TiO2-terminated surfaces following the otherwise well-used 

procedure. We now see mixed TiO2- and SrO terminations at the recently treated substrates, 

evident from a half unit-cell heigh profile utilizing AFM. Therefore, to obtain the singly 

TiO2-terminated surface, I have studied both the effect of acid concentration and etch time 

in aqua regia on the surface termination. To study the effect of the corrosiveness of the 

acid’s ability to controlled etch the hydroxylated SrO (from the DI water treatment prior to 

chemical etching) I have chosen different concentrations: (1) a diluted (3:1:32); (2) normal 

(3:1:16), and (3:1:8) concentrated solutions following the procedure shown in Appendix A. 

However, by changing the concentration and following the otherwise same procedure of 

elevated DI water sonication for 20 minutes and 20 minutes in the acid while sonicating at 

the same temperature as the water treatment, we did not see a noticeable difference of the 

Figure 2.2. a) Etched STO before annealing. The rough 

terraces are typical before a thermal annealing and a 

surface reconstruction takes place. b) A as received 

substrate from supplier B with no treatment shows a flat 

surface. c) Annealing the sample will create a 

reconstruction of the surface make long-ranged well-

defined terraces. Scale bars in (a) and (b) are 400 nm and 

bar in (c) is 2 µm. 
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surface. Therefore, the acid concentration in the selected range does not seem to be the 

problem, whether the acid is not sufficiently strong or too strong. It is well-known that a 

high-temperature profile can cause SrO to segregate to the surface135. Therefore, we have 

also performed temperature variation studies ranging between 950, 1000 (normally used), 

and 1050°C using the normal concentrated acid procedure. Again, there is no significant 

change in the tomography. We cannot tell whether we need to increase the temperatures 

further to establish a full surface reconstruction or if we would have to lower the 

temperature further to avoid SrO-segregation on the surface. Refining the surface TiO2-

terminated procedure is very time-consuming, and therefore, to save time, we moved our 

focus to the most recognized and well-used etchant for TiO2-terminated STO, the BHF. To 

overcome the absence of well-defined single terminated terraces originating from the acid 

treatment, we decided to use the BHF method. We therefore used 6:1 (NH4F:HF) BHF 

solution (from Merck). We used the etching protocol described as detailed in Appendix A. 

The only parameter that we varied was the etching time. This was done on both substrates 

from suppliers A and B (also to investigate the effect of the single crystal quality) as shown 

in Figures 2.3 and 2.4, respectively. All the samples have been treated in the same way. 

Thus, the samples denoted by 0 seconds (not acid-etched) have also been submerged in DI 

water and annealed in the same manner as the sample e.g., at 60 seconds. Figure 2.3 shows 

AFM images of the surface of the treated STO as a function of etching time (0 seconds to 

3 minutes). The non-etched sample (0 s) has a clear half step termination where the surface 

is covered with both SrO or TiO2. Annealing for 15 seconds seems to “agglomerate” the 

SrO-terminated regions, i.e., the region with the “light” contrast, however, a long etching 

time of up to 150 seconds does not seem to change the ratio between the SrO and the TiO2. 

From this set of data, there does not seem to be a clear trend on whether the etching time 

plays a major role in the final termination of the STO surface. Etching the substrate has an 

effect regardless of the etching time. To investigate whether this was a characteristic of a 

certain substrate batch, we compared the results with other batches but also other suppliers. 

Figure 2.4 shows AFM topography with corresponding phase images of STO (from 

supplier B) for different etching times ranging from 0 to 60 seconds. 

Surprisingly, the surface from supplier B is remarkably different compared to the substrates 

from supplier A. Etching these substrates revealed that substrates begin to show signs of 

over-etching after 30 seconds determined by comparing the height profiles. Nonetheless, 

the terraces were found to have well-defined widths and clear and sharp edges. The phase 

images displayed in Figure 2.4b show regions with more explicit phase contrast that are 

Figure 2.3. Substrates from CrysTec 

GmbH Kristalltechnologie fabricated 

following BHF treatment with varying 

etching times varying from 0 seconds to 

3 minutes. The AFM topography images 

reveals double SrO and TiO2 

termination on the surface for all the 

samples.  
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typically associated with different surface termination due to changes in the composition 

and friction. The minor contrast in the phase images at the edges of these terraces can, of 

course, be traces of SrO, but this is not clear. Therefore, from these findings, the best 

surface termination was achieved without etching, but purely through a thermal annealing 

process. To verify the nature of the termination, we have grown a LAO film on the substrate 

that should only be conducting with a TiO2-termination; the resistance was found to be in 

the order of 100 kΩ with a 2-point measurement at room temperature, manifesting that the 

majority of the surface is TiO2-terminated. Due to the time constraints and the need for a 

well-defined sample for the proceeding experiments, we decided to use the samples 

received from supplier B. Furthermore, we did not try to replicate the treatment utilizing 

aqua regia on the substrates from supplier B owing to the lack of time. This could be a 

future experiment to test.  

 

2.1.3 Film growth 

In this thesis work, I used the PLD as a main deposition technique to fabricate my film 

samples. PLD is a widely used technique for functional oxide growth owing to its high 

flexibility and controllability including film growth kinetics, film thickness, and 

stoichiometry of desired materials. Other methods, such as molecular beam epitaxy (MBE), 

are also suited for the growth of complex oxides. However, they require significantly higher 

temperatures and vacuum; although a recent development in the MBE, namely the hybrid 

MBE84 lowers the required temperatures and vacuum needed to access the stoichiometric 

window. A recent development of the PLD is the metal-organic PLD136 that utilizes a metal-

organic precursor (e.g., titanium tetraisopropoxide) atmosphere in the PLD and ablation of 

a target (e.g., SrO) forming a film (STO) with a reduced cation point defect concentration 

compared to traditional PLD techniques. In the following section, details of PLD as a film 

growth method will be presented. 

  

2.1.4 Pulsed laser deposition 

PLD offers a simple process involving the ablation of a target material with a pulsed 248 

nm KrF excimer laser (used in our lab), subsequently forming a plasma plume aimed 

Figure 2.4. STO substrates from Shinkosha (supplier B) following the BHF procedure varying the etch time 

from the non-etched 0 second to the 60 second etched substrate. a) The topography image of the sample, b) 

shows the phase image of the sample. The non-etched samples are perfectly TiO2-terminated confirmed with 

electrical characterizations, while etching results in a less ideal surface, showing an over etching at 30 seconds 

at the step of the terrace. 
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towards a substrate where the film begins growing (see Figure 2.5). Despite the simple 

principles, the process offers a high level of complexity. The process involves a large 

number of variable parameters such as laser fluence, laser spot size, target composition, 

laser wavelength, laser frequency, background gas, partial pressure during the process, 

target-to-substrate distance, and substrate temperature. All these parameters can have an 

impact on the plume and adatom dynamics at the substrate surface. They are often 

overlapped and interrelated with each other as interdependent parameters. Controlling the 

epitaxial film growth can be monitored in real time by employing RHEED. In my thesis, 

the two main parameters that I varied were laser fluence and PO2, while keeping the other 

parameters constant. 

 

2.1.4.1 Laser fluence 

Laser fluence is an important parameter which is often overseen and describes the 

relationship between laser energy and the focused spot size on the target, 𝐹 =
𝐸 [𝐽]

𝐴 [𝑐𝑚2]
. The 

PLD laser fluence strongly influences the kinetic energy of the ablated species and therefore 

affects the adatom composition and mobility at the substrate surface, therefore dictating the 

ablation rate and film thickness137. The kinetic energy becomes especially important in the 

growth of complex compounds; as a result of an inadequate laser fluence it will 

preferentially ablate certain elements over others, which results in a non-stoichiometric 

Figure 2.5. Pulsed laser deposition with a KrF excimer laser setup with RHEED to monitor the film 

deposition. A rotating target is shot by a focused pulsing laser, ablating material towards a substrate with the 

possibility of heating. An electron beam aimed at the substrate deflects the electron beam creating a real time 

in-situ RHEED pattern allowing to monitor the film thickness and quality. The chamber pressure is controlled 

and monitored with turbo pumps and gas inlet allowing control of the partial pressure in the chamber. 
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film116,137–140. It should also be noted that the ablation of a certain element happens 

surpassing a threshold ablation energy. An example is the control of the stoichiometry of 

LAO and STO films116,139,140. In the case of STO and LAO, a preferential ablation of Ti/Al 

(Sr/La) can be induced by increasing (decreasing) laser fluence, leading to the formation of 

Sr/La-(Ti/Al-) deficient STO and LAO films and therefore to different films/interfaces 

properties. Since the accurate control of laser fluence was of absolute importance in the 

current thesis for the determination of the magnetism at the interface8, the fluence was 

measured carefully in each deposition. The laser energy was measured outside the chamber 

prior to each film growth using a 2D power meter. Nonetheless, it is inevitable that during 

the ablation, excess material will also ablate and be deposited on the laser entrance window, 

therefore the energy of the laser beam reaching the substrate is not the same as the one 

measured outside the chamber. During my thesis I ensured that the value of the fluence was 

based on the energy measured inside the chamber on the substrate 

Spot size: Acquiring the preferred laser fluence can be done either by changing the laser 

energy or the spot size. The preferred way is to vary the laser energy at a fixed spot size. If 

the spot size changes, the number of elements abated from the target changes too, 

consequently affecting the growth rate. In a study by H. N. Lee et al.141 the authors show 

that by diminishing the spot size from 7.7 mm2 to 0.4 mm2, and maintaining the laser 

fluence, the number of pulses required for a single unit cell went from 7 to 200 pulses for 

growing STO homoepitaxial heterostructure. Additionally, changing the laser spot size can 

affect the kinetic energy of the species arriving at the substrate surface. 

The spot size used in this thesis is 1.75 mm2, measured using an optical paper clamped to 

the target position in the PLD. To change the fluence, we fixed the spot size, to ensure a 

consistent growth rate and avoid variations in the amount of oxygen vacancies originating 

from a change in the spot size141. For each deposition, the laser energy was measured 

outside the chamber right before entering the PLD chamber. As an effect of depositions in 

the chamber, it is inevitable that the window will be contaminated in time, thus lowering 

the actual energy inside the chamber. To avoid this, we regularly opened the chamber to 

measure the energy both inside and outside. This allowed us to know the energy from 

measuring outside. 

 

2.1.4.2 Oxygen partial pressure 

The background gas and type of gas in the PLD chamber are perhaps two of the most 

important features for controlling the growth and the resultant properties of the final films. 

The most commonly used gasses used in a PLD chamber are oxygen, nitrogen, argon, and 

methane. The gas controls the kinetics of the arriving species thus controlling and 

incorporating other species in the film e.g., oxygen. The plasma plume is a direct indicator 

(besides the film) that the growth changes character varying the pressure and gas142,143. 

Choosing the exact background pressure is not by any means a trivial process and requires 

systematic investigation to reach the best solution. By changing the partial pressure, the 

plume dynamics greatly change and can be categorized into three regimes144: (1) a vacuum-

like regime at low pressure (see Figure. 2.6a); (2) a transition regime where the plume splits 

and forms two ionic concentrated areas (see Figure. 2.6b); and (3) a diffusion regime where 
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the ablated particles diffuse 

away from the plume (see 

Figure. 2.6c). When the mean 

free path of the species in the 

plume is longer than the 

target-to-substrate distance, 

i.e., the target species does 

not scatter on the background 

gas, it is defined as a vacuum-

like regime145. That said, 

there can still be scatterings 

within the plasma plume for 

more complex target 

materials. Where the 

scattered elements in the 

plume have different arrival times on the substrate due to the elements having a different 

sizes, this scatters differently on the background gas, resulting in a longer time-of-flight 

before arriving at the surface of the substrate. The transition regime is defined as the regime 

where the mean free path is smaller than the target-to-substrate. This dictates the film 

composition, i.e., light elements, are more prone to scatter compared to heavier elements. 

As an example, strontium is ∼ 1.8 times heavier than titanium, thus Ti scatters more 

frequently. In the diffusion regime, the elements arrive on the substrate simultaneously, 

thus forming a homogeneous film; however, it tends to be very porous. The diffusion 

regime requires high partial pressure, e.g., 1 × 10−1 mbar of O2 and Ar and has a slow 

expansion137. 

 

2.1.4.3 Reflection high-energy electron diffraction 

During the growth of my films, I have constantly used RHEED to monitor the films’ 

thicknesses and terminations. The RHEED system consists of a high-energy electron beam 

(10-50 keV) arriving at the surface of the sample at a low angle and diffracting from it. The 

electron beam arrives at the surface with a gracing angle (0.1°-0.5°), allowing the electrons 

to penetrate and probe only the topmost surface layer (1-2 nm)146. The scattered electrons 

are collected by a phosphorus screen displaying a RHEED pattern as illustrated in Figure 

2.5. The growth of a thin film can be categorized into three modes: 

1. Frank-van der Merwe; that is, a layer-by-layer growth, where the growth of one 

layer is completed before the next one starts147.  

2. Volmer-Weber; where the material grows in islands mode148. 

3. Stranski-Krastanov; this is a combination of layer-by-layer and island growth 

modes149.  

The principle of the RHEED is illustrated in Figure 2.7. The detected intensity of the 

specular spot in RHEED during the deposition is monitored.  When the incoming angle and 

outgoing angle of the electron beam are equal, the reflected beam is called the specular 

beam and its spot is the specular spot, which is always enhanced in intensity by constructive 

Figure 2.6. ICCD image after 1 𝜇𝑠 of ablation in a) vacuum b) 

1 × 10−2 𝑚𝑏𝑎𝑟 and c) 1 × 10−1 𝑚𝑏𝑎𝑟 𝑂2 background gas without 

substrate heating. The plume is extracted from the upper part towards 

the lower. Figure adapted from reference [137]. 
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interference. During crystal growth in a layer-by-layer mode, the first atomic layer grows 

by making 2D islands, then the islands grow laterally and eventually connect with each 

other to complete the new atomic layer. Thus, the surface temporally becomes a stepped 

surface during the growth. This process can be monitored by utilizing the intensity change 

of the specular spot as mentioned above. The intensity should oscillate as shown in Figure 

2.7a during the layer growth. The period of the oscillation corresponds to the completion 

of the growth of a single atomic layer. Therefore, just by counting the number of intensity 

oscillations of the specular spot in RHEED during the crystal growth, one can know the 

number of atomic layers grown. Then, one can control the thickness of the grown layer 

with the precision of one-atomic-layer thickness. 

The RHEED oscillations of STO grown on TiO2-terminated STO are displayed in Figure 

2.7b. The LAO on TiO2-terminated STO will have a sharp decrease in RHEED intensity in 

the first LAO unit-cells (see Figure 2.7b bottom panel). This can be explained by the 

difference in the growth alignment of STO which is perfectly matched in comparison with 

the LAO on STO, which does not fully match the substrate. As a result of the difference in 

the c-axis length between STO unit-cell (3.905 Å) and the deposited STO film unit cell 

(3.791 Å), a realignment for optimal RHEED oscillations150 is required, which is illustrated 

in Figure 2.7 bottom oscillation. 

 

 

 

 

Figure 2.7. Illustration of film 

deposition with Reflective high-

energy electron diffraction 

schematic with starting at 𝜃 = 0 to 

1 referring to start and finish for a 

full unit-cell film with 

corresponding RHEED pattern, 

with the most illuminated pattern 

being a complete unit cell and least 

bright being the halfway deposited 

unit cell. Bottom image displays 

RHEED oscillations for STO 

homostructures and LAO/STO 

heterostructure. Insert displays the 

oscillations caused by pulsed, and 

therefore are spaced with the 

repetition rate.  
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2.2 Sample characterization 

In this thesis, I have used various techniques to characterize the samples. These include 

transport measurement setup, magnetometry, and structural characterization with X-rays. 

2.2.1 Transport measurement 

As I discussed in the introduction, many of the physical properties of the materials, such as 

the ferromagnetic and superconducting phase, needed to be characterized and in the 

following section I will briefly discuss the techniques used in my thesis.  

Closed cycle cryostat: Traditionally, cooling materials to cryogenic temperatures was 

achieved using liquid helium or nitrogen. However, a simpler approach is to use a 

cryocooler. A cryocooler requires a helium compressor that requires power and cooling 

water to operate. There are two types of cryocoolers, the Grifford McMahon cryocooler, 

and the Pulsed Tube (PT) cryocooler. The system used in this thesis utilized PT 

cryocoolers. The PT cryocoolers have no cold moving parts, which makes them 

advantageous in terms of noise and requires less service. The cooling itself takes place in 

the cryocooler through a controlled expansion of the compressed helium gas. The 

magnetotransport measurements in Article VIII were carried out in a CRYOGENIC 

cryogen-free measurement system with the temperature ranging from RT to 2 K and 

perpendicular magnetic fields up to ± 16 T. 

𝐇𝐞 
𝟑 / 𝐇𝐞 

𝟒   dilution refrigerator: To reach the necessary temperature of around ∼ 300 mK 

for LAO/STO to be superconducting, the electron transport measurements were performed 

in an Oxford Triton He 
3 / He 

4  dilution refrigerator with a base temperature of ∼ 15 mK. 

The principles of the dilution refrigerator are the formation of a phase boundary between 

the 3He-rich concentrated phase and 3He-poor diluted phases that occur at 870 mK. In a 

mixing chamber, two phases of 3He-4He, the concentrated and diluted, are in a state of 

equilibrium separated by a phase boundary with the concentrated phase on top of the 

diluted. Pumping the 3He from the diluted phase to the concentrated phase is an 

endothermic process, that is the heart of the base temperature of the sample stage, as this 

process will be the driver for the cooling power (23). The Oxford Triton used in this thesis 

is equipped with a vector magnetic allowing for field at 𝐵x/y = 1 T and 𝐵𝑧 = 6 T. The 

transport data in Article IV was collected with a Triton dilution refrigerator system from 

Cryofree, Oxford Instruments. The temperature was controlled with a Lakeshore 

Cryotronics instrument Model 372 AC Resistance Bridge and Temperature Controller. AC 

excitations were sourced with a SR830 DSP lock-in amplifier with a 105: 1 AC voltage 

divider. The DC bias was sourced with a NI PXI-r4461 digital-to-analog converter. The 

drain was connected to an I-V converted from Physics Basel SP983 IF3602. 

 

2.2.2 Magnetometry 

There are several methods for probing the magnetic properties of a sample. In this thesis, 

both superconducting quantum interference device (SQUID) and vibrating sample 

magnetometer (VSM) have been utilized. Both systems measure the same property, but on 

a fundamentally different basis 
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Figure 2.8. a) Schematic of vibrating sample magnetometry. A sample vibrating perpendicular to the applied 

magnetic field induced by perpendicular orientated electromagnets. Pickup coils surrounding the sample 

detects the magnetic flux perturbations. b) DC superconducting quantum interference device take advantage 

of the two Josephson junctions with an applied current bias to detect the magnetic flux from the sample. 

Figure (a) adapted from reference [151] and figure (b) adapted from reference  [152]. 

 

VSM works by vibrating the sample perpendicular to a uniform magnetic field, taking 

advantage of Faraday’s law of inductance. The vibrating magnetized sample introduces 

perturbations in the external magnetic field induced by electromagnetic coils. The magnetic 

flux perturbation is measured with pickup coils surrounding the sample, generating an 

electromotive force that depends on (1) the amplitude and frequency of the vibration, (2) 

an external magnetic field, and (3) the magnetization of the sample. Setting the vibration 

and amplitude as a fixed parameter when measuring a ferromagnet, the resulting data 

provides a picture of the magnetization in a dynamic external field151. For LAO/STO and 

STO/STO, the magnetization saturates around 3 kOe (300 mT), thus an external field in the 

order of ± 5 kOe. The VSM setup used in this thesis is from Physical Property 

Measurement System (PPMS) and has a detection limit of 6 × 10−7emu, enough to 

measure the magnetic moment in LAO/STO and STO/STO, which exceeds a few μemu. 

Due to geometrical limitations, the samples measured in the VSM are in the order of 2.5 x 

5 mm2 and only the in-plane magnetization is measured. The magnetization data in Article 

X was collected with a physical property measurement system from Quantum Design VSM 

setup. 

SQUID combines the two physical phenomena of flux quantization and Josephson effect. 

The flux quantization requires the magnetic flux included by a superconducting loop to be 

quantized with the unit of a flux quantum (𝛷0 = ℎ 2𝑒⁄ ). The Josephson effect is the 

tunneling of Cooper pair though an insulating barrier separating the two superconductors. 

The DC SQUID consists of two Josephson junctions in parallel in a superconducting loop 

and has a current bias. When the pick-up loop experiences an increasing flux e.g., from the 

samples that are magnetized from an external field, the voltage oscillates with a period of 

a Φ0, from where the magnetization of the samples is measured152. The magnetic SQUID 

measurements were performed by Quantum Design SQUID Magnetometer with the 

samples mounted at different orientations to measure the in-plane (100) and out-of-plane 

(001) crystallographic directions. The magnetization data in Articles V, VIII, and X was 

collected with a this SQUID. Unlike the VSM-setup, it is possible to measure both in-plane 

and out-of-plane magnetization, where for the LAO/STO interface, the out-of-plane 

magnetization is roughly of a factor 2 larger compared to the in-plane magnetization116. 
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2.2.3 X-ray diffraction 

X-ray diffraction (XRD) is primarily used for the characterization of material properties 

such as the crystal structure, lattice size, and strain of the grown films. From Bragg’s law, 

it is possible to derive the lattice constant from the 2𝜃, while producing a reciprocal space 

map (RSM) that introduces the tilting 𝜔, to create a 2d map around a discrete Bragg peak. 

The diffractometers used in this thesis to study the structural properties of the grown film 

were a high-resolution Bruker D8 Discover diffractometer with monochromatic Cu Kα1 

radiation (λ = 1.54056 Å).  

 

2.2.4 Angle-resolved photoemission spectroscopy 

Angle-resolved photoemission spectroscopy (ARPES) is based on the photoelectric effect, 

experimentally discovered first in 1887 by Heinrich Hertz153 and later described by Albert 

Einstein in 1905154. The photoemission effect describes the emission of electrons from a 

material by light as an effect of energy transfer from the photon to the emitted electron. 

ARPES uses kinetic energy in the form of intensity and angle from the emitted electrons, 

to deduce information about the binding energy and momentum of the surface of the 

material. This makes ARPES suited for determining and describing the band structure of a 

solid surface material. For a more detailed description of ARPES, the reader is referred to 

the reference155,156. 

A simplified model that is commonly used in the ARPES community to describe the 

photoelectric emission process is the three-step model: 

1. Optical excitation of the electron in the solid. 

2. Transportation of the photoexcited electron to the sample surface. 

3. Escape of the photoexcited electron from the surface to the vacuum. 

The emitted electron to the vacuum follows the energy conservation law that describes the 

kinetic energy 𝐸𝑘𝑖𝑛 through 𝐸kin = ℎ𝑣 − 𝜙 − 𝐸bin, where ℎ𝑣 is the photon energy from 

the monochromatic light 

source, 𝜙 is the work function 

describing the energy that an 

electron needs to escape the 

surface area in the range of 4-5 

eV156 for Ti-terminated Nb 

doped SrTiO3 (Nb:STO), and 

𝐸bin is the binding energy of 

the electron to the nucleus.  

ARPES is a highly surface-

sensitive technique. Utilizing 

the excitation energy by 

varying the photon energy (ℎ𝑣) 

changes the electron inelastic 

mean free path (IEMP); that is, 

Figure 2.9. Universal curve describing the mean free path of the 

excited electron before it scatters at marked energy regions 

corresponding to ultraviolet ARPES and soft X-ray ARPES. Figure 

adapted from reference [242]. 
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the mean length the electron travels before it scatters. This allows us to engineer the probing 

depths, for example, UV-ARPES is in the range of 20-100 nm probes 5-7 Å within the 

surface, while soft x-ray AREPS ranges between 300-1000 eV probing 8-20 Å. The probing 

depth is described by the universal curve (Figure 2.9) linking the photon energy with the 

mean free path of photoexcited electrons. After the electrons leave the solid, the 

surrounding environment has a high importance, as it affects the mean-free path. Therefore, 

the ARPES method was only developed after the ultra-high vacuum in the 1960’s 

technologies became available. The vacuum used with ARPES is usually in the order of 

10−11 mbar. By collecting the emitted electrons utilizing a hemispherical electron analyzer, 

it is possible to measure the kinetic energy and momentum of the photoemitted electrons. 

Introducing an angle between the analyzer and the sample, achieved in this thesis by tilting 

the sample, it is possible to analyze the wave-vector in k-space using the equations: 

𝑘x =
√2𝑚𝐸kin

ℏ
sin(𝜃) cos(𝛼)   2.1 

𝑘y =
√2𝑚𝐸kin

ℏ
cos(𝜃) sin(𝛼)  2.2 

𝑘z =
1

ℏ
√2𝑚(𝐸kin cos2 𝜃 + 𝑉0)  2.3 

Here, the θ and 𝛼 are the tilting angles of the sample and 𝑉0 is the sum of the work function 

and energy of the band bottom, known as the inner potential. For a more detailed discussion 

of the expression and how it is determined, several detailed reviews are given in Refs. 155–

157. For a 2D electronic state, there is no dispersion with the perpendicular 𝑘𝑧. The band 

dispersion will change as a function of the photon energy, where 𝑘𝑥 and 𝑘𝑦 are probed with 

a fixed photon energy, tilting the sample along the x and y axes. This can be achieved by 

tuning the incident photon energy, changing the momentum along the surface or the film’s 

surface (kz). 

The ARPES data in this thesis has been collected at the Paul Scherrer Institute (PSI) at 

Swiss Light Source (SLS) at the Surface/Interface Spectroscopy (SIS) end station and 

Advanced RESonance Spectroscopies (ADRESS) end station for the SX-ARPES 

characterizations. 
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3 CHAPTER 3 

Fabrication of freestanding membranes 
 

This chapter will focus on the fabrication of freestanding membranes utilizing two different 

approaches:  

(i) Detachment of active membranes from STO by employing a water-sacrificial 

layer.   

(ii) Stress-mediated detachment of lattice-mismatched LAO films from STO as a 

spalling approach.  

This chapter will be based mainly on Articles I, II, and III in appendix B. Typically, 

complex oxide thin films are epitaxially grown by employing well-established growth 

conditions and by controlling the distinct material interfaces at the atomic level. Although 

these methods are well established, they have limitations in epitaxy, which possess a 

restricted degree of freedom in terms of integration, manipulation, and utilization: 

1. Heteroepitaxy usually works for a limited set of material systems with similar 

crystal structures, lattice parameters, and crystallographic orientations. 

2. When epitaxial films are grown on single-crystalline substrates, the properties of 

ultrathin films are largely affected by interacting with the underlying substrates. 

3. During the high-temperature growth of epitaxial films, it is inevitable to have a 

mixture of the two layers. This causes atomic diffusion/exchange, e.g., cationic 

intermixing158 which are detrimental effects for the study of truly sharp interfaces. 

4. Epitaxial film growth typically requires sufficiently high temperatures, which also 

limit the integration of materials that are stable in low-temperature environments, 

or which are thermodynamically unstable when in contact with each other. 

Addressing these limitations, new methods have been attempted by bridging the realm of 

epitaxially grown complex oxides and low-dimensional Van der Waals (vdW) material 

systems. The idea of creating freestanding membranes based on semiconducting materials 

was first demonstrated 25 years ago159,160. Recently, different strategies for fabricating 

freestanding thin film membranes have been explored: (i) freestanding thin films utilizing 

a soluble sacrificial layer161,162; (ii) mechanical exfoliation of epitaxial oxide films163; (iii) 

self-formed freestanding thin films through spalling101,164,165 (see Figure 3.1). In the 

following section, I will discuss two experimental works which have been done for the 

fabrication of freestanding oxide membranes by employing a water-soluble sacrificial layer 

(e.g. Sr3Al2O6) and for self-forming freestanding oxide membranes. 
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3.1 Freestanding membranes utilizing soluble sacrificial layer 

Fabrication of freestanding membranes and stacking the membranes on top of each other 

by using soluble sacrificial layers is a new and promising technology. This approach 

involves several fabrication steps which will be discussed below. Some of the questions are 

the followings: 

1. Can we release and transfer a large-scale area of oxide membranes with minimum 

fractures?  

2. Can we stack these membranes on top of each other?  

3. Do the membranes form bonds when they are stacked together?  

To answer these questions, we have fabricated a series of freestanding oxide membranes 

by following the overall steps of (1) thin-film preparation, (2) lift-off, (3) transfer, and (4) 

stacking. The method is described in Article II. Since lattice and structural mismatches 

between the grown film and the sacrificial layer significantly affect the properties of the 

grown film layer, a suitable sacrificial layer should be carefully selected in terms of the 

lattice parameter. In the following experiments, STO has been used as the grown film 

material, which will become the freestanding membrane. 

 

Figure 3.1. Schematics for different freestanding thin film fabrication methods. a) Wet etching method: the 

growth of a sacrificial layer before growing a target thin film layer on a substate. A top polymer layer is used 

attached to the surface and transferred to an etchant liquid to dissolve the sacrificial layer b) Mechanical 

exfoliation method: a film is deposited on a 2D material and cleave the active layer from the 2D material 

mechanically. c) Self-formed freestanding thin film membrane though spalling: a lattice-mismatched layer is 

deposit onto a brittle substate, resulting in spontaneously forming fragmented flakes. 
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3.1.1.1 Sacrificial buffer layer 

A sacrificial layer should possess the following properties: (i) facilitating a facile epitaxial 

growth on perovskite oxides with multiple crystal orientations, and (ii) presenting volatile 

and selective etching compatibility towards a liquid etchant. Figure 3.2 illustrate the 

pseudo-cubic in-plane lattice parameters for several sacrificial materials. The sacrificial 

materials include the majority of water-soluble materials and a few exceptions such as 

LaxSr1−xMnO3 that dissolves in a solution of potassium iodide and hydrochloric acid. The 

family of (Ca, Sr, Ba)3Al2O6 has a cubic unit cell (space group Pa3) and is widely used as 

a sacrificial layer for the growth of freestanding oxide membranes owing to their water-

solubility and growth compatibility with perovskite oxides (e.g. STO). Additionally, the 

lattice parameter of this material group can be tuned to match the desired perovskite 

substrates and films within the range shown in Figure 3.2. Controlling the ratio between Ca 

and Sr (Ca/Sr), the lattice parameter of the compound can be continuously tuned between 

a value of 3.819 Å (100% Ca) to 3.961 Å (100% Sr). Substitution of Sr with Ba can lead to 

a lattice parameter of 4.142 Å (100 % Ba). However, the mismatch between the layers is 

not the only parameter. For example, CaSr2Al2O6 has nearly perfect lattice match with STO 

with only 0.5 % lattice mismatch, and therefore should in principle be the most suitable 

sacrificial layer. However, since the Ca ions are small compared to Sr, it can cause 

structural distortion166. For this reason, the use of Sr3Al2O6 (SAO) without Ca is a better 

candidate as a sacrificial layer for SrTiO3. SAO has a lattice constant of 15.844 Å matching 

4 unit-cells of STO (aSAO 4⁄ = 3.961 Å). Therefore, it gives a lattice mismatch of 1.4 % 

with STO, which is significantly larger than for the case of doping the structure with Ca, 

BaO
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3.905 Å
SrTiO3
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in-plane 
lattice parameter
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(KI + HCl)

SrRuO3
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Figure 3.2. Sacrificial materials compatible with perovskite oxides in respect of lattice match. Pseudo-cubic 

in-plane lattice parameter of the Sacrificial material with the common template substate STO (black dashed 

line) showcased to displays lattice parameter compatibility. The uppermost water-soluble sacrificial materials 

shown with a blue arrow are of the family (Ca, Sr, Ba)3Al2O6 ranging in lattice parameter from 3.819 Å with 

100 % Ca to 4.124 Å with 100 % Ba. The lowermost materials have the perovskite structure. The etchant is 

written with red text. 
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CaSr2Al2O6. However, the lattice mismatch is still much smaller compared to the lattice 

mismatch of ∼ 3 % between canonical LAO and STO heterostructure. It is worth 

mentioning that since the film is deposited at elevated temperatures (700 − 900 °C) and 

low PO2 (10−6 − 10−5 mbar) cationic intermixing has been observed167. This should be 

taken into account when using these material compositions as it may cause the films to be 

water-insoluble168. For that reason, the solubility of the sacrificial layer is often only tuned 

by substituting Sr or Ba for Ca due to an increase in the thermodynamic driving force for 

the cation hydration161,169. For example, it takes 5-10 minutes to dissolve a 16 nm Ba3Al2O6 

interlayer, while it takes as much as 1 day to dissolve a similar SAO interlayer161. The 

thickness of the sacrificial layer also plays an important role in the dissolving time. While 

it takes 1 day to dissolve a 9 nm SAO interlayer, it takes only 5 minutes to dissolve a 90 

nm169. The thickness of the sacrificial layer used in these experiments is 10 nm. While DI 

water dissolves the sacrificial layer, it may also dissolve some target materials (the 

materials grown on the sacrificial layer). Ferroelectric BaTiO3 (not used in this study) is an 

example of where water interacts with the surface of the membrane, which can lead to the 

displacement of Ti ions in the TiO2 plane and surface cation vacancies caused by the 

hydroxylation of Ba-O bonds in the first BaO layer170,171. 

 

3.1.2 Fabrication procedure of wet etch method 

The fabrication of a freestanding membrane with a water-soluble sacrificial layer can be 

divided into a three-step process, followed by stacking of the membranes. 

Thin-Film preparation: The water-soluble sacrificial buffer layer was grown on TiO2-

terminated STO(001) substrate by PLD at 750 °C in PO2 of 10−5 mbar. The thickness of 

SAO was controlled by RHEED (Figure 3.5a). Following the growth of SAO, the STO was 

subsequently grown on the sacrificial layer at 700°C in partial pressure inside the chamber 

Figure 3.3. Schematic illustration of the fabrication process to produce freestanding membrane utilizing the 

wet etch method with a water-soluble sacrificial layer SAO. SAO and the target film are grown op a STO 

substrate followed by spin-coating of a supporting CAB layer and groove carving. The SAO interlayer is 

dissolved in DI water and the freestanding membranes is scooped to a target substrate and the CAB film is 

dissolved. The process is repeated on additional membrane II that is stacked on the first membrane I and 

heated at 140 °𝐶 for 15 minutes followed dissolving of the remaining support layer on membrane II. 
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of 5 × 10−4 mbar. The growth of STO was also monitored by RHEED (see Figure 3.5b). 

These conditions are crucial to achieving a high-quality fabrication of the sacrificial 

interlayer and realizing an epitaxial film. Here, we had chosen SAO as a sacrificial layer 

due to its good lattice mismatch to STO. The as-grown STO film shows high growth 

quality, which was manifested by the formation of terraces, as observed by AFM, see 

Figure 3.5c. 

Lift-off: Detaching the sacrificial layer and target film from the STO substrate was 

achieved by applying a support layer of cellulose acetate butyrate (CAB, 20 g/100 ml in 

ethyl acetate). The CAB was spin-coated on the surface of the STO film and subsequently 

heated at 80 °C for 5 minutes to solidify the polymer (See Figure 3.3). Compared to other 

polymers such as poly(methyl methacrylate) (PMMA) and poly(dimethylsiloxane) 

(PDMS), CAB has advantages owning to its physical and chemical properties, i.e., better 

tunable adhesion to oxides, a high modulus, high flexibility, and high solubility in acetone. 

It is important to note that the flexibility comes from the fact that Young’s modulus 

decreases with temperature. For this reason, the polymer layer is softened at elevated 

temperatures, making it easier to spread out over the surface for the stabilization of the 

membrane. 

Employing the CAB supporter is important to avoid crinkling and folding of the 

freestanding membrane during the etching-and-release process172. Spin-coating CAM on a 

grown STO film also causes the deposition of CAB on the sidewalls of the film. This 

hampers the water-soluble interlayer to be exposed to the water. Therefore, to allow the 

dissolving of the sacrificial layer, grooves are carved into the sample surface before 

immersing in DI water (see Figure 3.3). This gives additional benefits for determining the 

geometry of the membranes by designing the grooves. Figure 3.4a-c shows the process of 

dissolving the sacrificial layer of the CAB/STO/SAO/STO stack where (a) shows the as-

immersed membrane, (b) shows the intermediate dissolving of SAO, and (c) shows the 

almost fully dissolved sacrificial layer. 

Transfer: After dissolving the sacrificial interlayer, the freestanding film with the CAB 

supporter is released from the substrate and scooped up from the water. And, they are 

transferred to target substrates, e.g., TiN, Si, or other oxides. To remove the CAB 

Figure 3.4. Optical microscopy images of the transferring process of the STO membrane from the STO-

template to the target substrate. a-c) The dissolving process of SAO in water after immersing (a) till 

completely dissolved (c). d) The STO membranes transferred to the target substrate. e) Another STO 

membranes (pink dashed square) stacked on the initial STO membrane (green dashed square). 
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supporting layer, the substrate with the transferred freestanding oxide film is immersed in 

acetone and cleaned with 2-propanol (IPA). Figure 3.4d shows an example of a transferred 

membrane. 

Stacking: To transfer the second freestanding layer to the first freestanding layer placed on 

a target substrate, the edges of the second freestanding membrane are often curled. 

Therefore, IPA is used to fix the corners of the second layer to the target substrate, whereas 

another fresh CAB film is used to cover the stacked membranes. To achieve good contact 

between the freestanding layers, they are heated at 140 °C for 15 min and finally immersed 

in acetone to dissolve the CAB layer. In order to avoid contamination between the layers 

which can affect the adhesion, hybridization, and interactions between the two oxide 

membrane layers, post-annealing in a tube furnace at 500 °C in oxygen atmosphere is 

carried out to remove possible organic hydrocarbon contamination from the interface. 

Figure 3.4e shows an optical image of the stacked membranes. 

Figure 3.5. a) The time dependent RHEED oscillations and pattern of 10 nm SAO interlayer. b) The early 

stage of RHEED oscillations of 30 nm STO with corresponding pattern. c,d) AFM topography image of the 

as-grown (c) STO and the transferred  STO membrane (d). e)  Optical microscope image of a millimeter scale 

30 nm thick STO freestanding membrane transferred on a TiN/Si substrate with corresponding magnification 

of the upper left edge. The scalebar in (e) is 500 𝜇𝑚. f,g) XRD of the STO/SAO films before (f) and after (g) 

transfer where (g) is a magnification of the grey area in (f). 

 

Figure 3.6. a,b) Optical microscope image of the stacked STO membranes, which corresponding height 

profile obtained from AFM in (a). The STO membranes in (b) have been stacked with an angle of 100° 

relative to each other. c) The stacked heterostructure is forming an overlapping region displayed by the yellow 

color in the AFM 3D image.  
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Following the processes described above, we fabricated a large-scale membrane (> 2 mm) 

with a minimum of fractures (Figure 3.5e). The RHEED intensity and pattern for the growth 

of a water-soluble sacrificial SAO interlayer (~10 nm-thick) show clear intensity 

oscillations during the film growth and a streaky pattern after the film growth. The RHEED 

patterns indicate a high-quality STO film growth with clear intensity oscillations for the 

first unit cells. AFM topography (2 × 2 µm2) image shows that the STO film layer remains 

the step-terrace surface structure before and after transferring the membrane (Figure 

3.5c,d). XRD confirms a single-crystalline STO(001) film before and after transferring the 

film (Figure 3.5f,g). The (002) STO peak remained at the same position both before and 

after the transfer although the peak broadened after the transfer due to its 2D nature. 

 

3.1.3 Characterization of stacked membranes 

Here, the remaining question is whether we could stack the films on top of each other while 

achieving them with crack-free and chemical bonds. This section will focus on developing 

the quality of the membranes after stacking them and investigating their atomic/chemical 

bonding driven by a simple stacking approach. Figure 3.6 shows a successful stacking of 

STO membranes. The inset of Figure 3.6a shows a low-magnification optical image for the 

stacked membranes. It indicates that it is possible to achieve a large area of membranes. 

However, stacking the membranes create wrinkles in the overlapping region of the top 

freestanding layer due to stress from the bottom membranes and the top polymer used to 

stack the top membrane. AFM image for the surface morphology of the stacked membranes 

Figure 3.7. a,b) Atomic-resolution ADF-STEM images of the interfacial area of the STO/STO stacked 

membrane of the lower film (a) and the upper film (b) orientated in the (010) axis, respectively, by tilting the 

sample 10.5° around the (001) axis. The yellow profile displays the intensity, the red squares represent the 

Sr atomic columns, and the white dashed line marks the interface. c,d) FFT of (a) and (b). e) Schematic 

illustration of the membranes with probing orientation in (a) and (b). f) HAADF-STEM of a 4° twisted 

STO/STO grain boundary with the upper film aligned in the (010) axis. f,g) EELS signal of the Ti 𝐿2,3 edge 

(f) and O-K edge (g) captured at the bottom membrane (blue line), the interfacial area of the two membranes 

(orange line) and the top membrane (grey line). The dashed lines in (f) indicates the 𝑡2g and 𝑒g states to 

displays the shift in 𝑒g. The peaks A, B, C, and D in (g) displays the broadening of the B in the interface 

associated with O 2p hybridization. 
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shows that the height between the two membranes was ∼ 30 nm - equivalent to the 

thickness obtained by RHEED oscillations. This also indicates that the two membranes are 

closely connected/bounded without additional height difference. Moreover, stacking the 

membranes gives the possibility to vary the angle between the layers (twisting). Figure 

3.6b,c shows a stack of STO membranes with an angle of 100° (or 10°, depending on the 

viewpoint). The twisted angle was confirmed by an XRD 𝜑-scan showing the 4-fold 

degeneracy of STO with a twin peak with a 10.4 ° spacing angle between them, 

corresponding to the angle observed from the optical microscope. To examine the interface 

between the two membranes, we used annular dark field scanning transmission electron 

microscopy (ADF-STEM) (see Figure. 3.7) The ADF-STEM image displays the interfacial 

area between the two membranes at two different angles (Figure 3.7a,b) illustrated in Figure 

3.7e. Due to the probing angle in Figure 3.7a-d the two membranes are displayed as either 

dots or lines due to a twisted angle of the top membrane of 10.4°. Figure 3.6c,d shows the 

fast Fourier transformation (FFT) of Figure 3.6a,b. The crystal structure of the STO 

membrane can be recognized from the ADF-STEM data and the atomic positions of Sr and 

Ti can be well resolved. Identifying the interface area, some regions show direct bonding 

between the membranes, whereas the dark regions observed at the interfaces in our stack 

are similar to those seen previously in STO bicrystals, which correspond to dislocation 

cores. Similar observations were made by L. A. Hughes et al.173, who stacked two single 

crystals of STO together with a spark plasma sintering (SPS) apparatus applying a pressure 

of 120-140 MPa followed by a twisting of the crystals (Figure 3.8). Our cross-section 

observations are in good agreement with the results of L. A. Hughes et al. Here, the dark 

regions in the interface denoted with arrows are explained by dislocation cores created by 

stacking faults consisting of Ti-O layers.  

The elemental valence state near the interface was studied with electron energy loss 

spectroscopy (EELS) at the Ti-L2,3 and O-K edges at different regions of the homostructure 

STO membrane. The spectra were recorded in the bottom STO membrane (blue line, Figure 

3.7 f.g), the dark region interface (orange line, Figure 3.7f.g), and the top STO membrane 

(grey line, Figure 3.7f.g). The two bulk areas away from the interface show a 2.2 eV crystal 

Figure 3.8. Method and grain boundary results of pressing a STO substrates with substantial pressure onto 

another STO substate and then twisting it achieved by L. A. Hughes and K. van Benthem (15). a) Schematic 

illustration of the of the SPS apparatus used to pressure and twist two STO with 120-140 MPa. b) HAADF-

STEM image of a 4° (100) twist grain boundary. The upper half crystal is orientated in the (010) and the 

lower half-crystal is tilted around the (001) axis by 4°. Yellow and blue arrow denotes shorter and longer 

defects, respectively. c,d) HAADF-STEM images captured at the same area with the upper half crystal in the 

(100) grain boundary for (c) and (010) for (d). Figures adapted from reference [173]. 
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field splitting in the Ti-𝐿2,3 between the Ti 3d 𝑡2𝑔 and eg states, while the O-K edge shows 

four peaks denoted A, B, C, and D corresponding to local O 2p hybridization with the Ti 

3d states. The Ti-𝐿2,3 edge in the interface region is shifted 0.4 eV and the B peak broadens 

and merges with the C peak in the O-K edge spectra. This indicates a partial reduction of 

the Ti4+ to Ti3+ as a compensation mechanism for oxygen or strontium vacancies173, 

strongly indicating interactions between the membranes. Remarkably, this shows that we 

were able to form atomic bonds between the membranes simply by placing the membranes 

on top of each other, followed by a post-annealing at 650 °C in O2 atmosphere, and we did 

not need to apply high pressure as seen in earlier studies.  

 

3.2 Freestanding membranes through controlled spalling 

An alternative approach to achieve freestanding membranes is by depositing a biaxially 

tensile-strained epitaxial film on a largely lattice-mismatched substrate. For example, by 

depositing a sufficiently thick LAO film on STO, fractures appear in the STO substrate, 

resulting in a release of membranes that contain a bilayer of LAO/STO. 

 

3.2.1 Spalling mechanism 

This method relies on the deposition of a strained top film on a brittle lattice-mismatched 

crystal and handles the layer to peel off the membrane. It was first successfully 

demonstrated on semiconductors such as silicon, germanium nitride, and III-V 

semiconductors174–176. The spalling process relies on depositing a tensile-strained top layer 

on the crystal/wafer of interest under sufficient stress and sufficient bonding strength. Thus, 

the crystal experiences cracks that propagate through the crystal. This fracture mode is 

Figure 3.9. a) Schematic representation of the spalling mechanism in LAO/STO membranes. b) SEM image 

of the surface of a LAO/STO membranes after the spalling with membranes still located on the growth 

substrate with size around 2 µm. c) in-plane SEM image of a membrane with a clear contrast difference 

displaying both the STO bottom fragment from the substate and the LAO top film. d) HRTEM cross section 

image of a membrane displaying the pristine interface is preserved after the spalling with LAO on the top 

and STO on the bottom. 
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known as spalling and relies on a stable propagation of the fracture mode parallel to the 

substrate at the equilibrium depth where the shear stress is minimized. The process is based 

on a self-correction. For a crack too close to the surface, the crystal above the crack 

contracts upon fracture, and the crack propagation is deflected downward. Conversely, for 

a very deep crack in the substrate, the top layer expands upon fracture due to the curvature 

of the membrane, and instead, the crack is deflected upwards177. The resulting steady-state 

crack propagation is thus parallel to the surface at a depth that depends on the mechanical 

properties of the crystals. The basic idea of this mechanism is illustrated in Figure 3.9a,d. 

Experimental observations show that the thickness of the STO fragment stripped away from 

the substrate correlates with the film thickness or is slightly larger176. This process was first 

described by J. W. Hutchinson and Z. Suo in 1999177 and was realized on the canonical 

LAO/STO system reported in 2020164. The LAO film was grown at 730 °C in 2 × 10−2 

PO2 with a fluence of 2-2.5 J/cm2 with post-annealing at 500 °C in 50 mbar oxygen for 1 

hour before cooling with the same pressure. The spalling formation of a bicrystal such as 

LAO/STO is carried out in three stages: 1) the initial strained sample from the lattice 

mismatch does not show membrane formatting during the growth; 2) during the growth, 

the sample goes into an intermediate state where it develops cracks in the STO as observed 

as a sudden intensity drop in the RHEED oscillations, which would continue even with the 

laser being turned off, and is ascribed to the surface strain relaxing, by forming cracks; 3) 

upon exposure to air, the sample develops membranes in a mosaic-like structure. It was 

shown that the spalling of the surface is achieved with film thickness ranging from 28-180 

nm of LAO. For more details on membrane formation, the reader is encouraged to see the 

paper by Sambri et al.164. 

 

3.2.2 As-grown spalled membrane size distribution 

The initial spalling of the membranes originates from an uncontrolled spalling of the 

surface in approximately rectangular membranes along the crystal axis (100) and (010) with 

the lateral sized 𝐷y and 𝐷x. To understand the lateral size distribution, we manually 

measured 451 membranes from three different areas of the sample (Figure 3.10b). Figure 

3.10a shows an example of the image used to measure the size. We note that all the 

membranes on the sample have a curvature as a result of the bilayer heterostructure.  

Combining the results of the lateral size in a sharp peak at ∼ 1.9 μm with a very sharp 

distinct peak (Figure 3.8c), indicating that the size distribution is mostly uniform. The self-

spalling of the LAO/STO membrane fracture is driven by strain energy distribution in the 

LAO/STO heterosystem. This means that it is very unlikely that larger membranes would 

be found because a larger strain may break the membranes into smaller ones. 
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3.2.3 Controlled spalled membrane size distribution and fabrication 

For spalling used with conventional semiconductors, the initial fractures are trigged by a 

discontinuity appearing at the edges of the stressor layer176. For that reason, we have 

investigated the possibility of controlling the spalling of LAO/STO by introducing many 

small edges shaped by a patterned substrate, and by controlling the position of the fractures 

by a topological discontinuity. 

The schematic illustration of the patterning is illustrated in Figure 3.11a, where TiO2-

terminated STO substrates were covered in a ∼ 900 nm electron beam resist, followed by 

electron beam lithography and development to open the resist at the arrays of the square 

regions. The trenches are 250 nm wide and have a depth of 20 nm (Figure 3.11d from the 

white dashed line in (d)). We varied the square size from 0.5-20 μm allowing us to 

understand whether there is an optimal size for the membranes or whether we are able to 

fabricate membranes larger compared to the uncontrolled spalling. This allowed us to 

understand whether the strain in significantly smaller membranes was sufficient to create 

the membranes. To create the trenches, we utilized Argon milling. Ar+ ion bombardment 

was earlier shown to form VO in STO178, therefore we tested whether 6 minutes of 

bombardment utilizing - that is, the time we used to mill the trenches with a current op 23 

mA and voltage of 600 V - would cause the STO to be electrically conducting, which turned 

out not to be the case.  Figure 3.11b,c show a patterning of the substrate with well-defined 

trenches. The step-terrace structure of the unpatterned part of the squares is well preserved 

for the deposition of the stressor LAO layer. 

Figure 3.10. a) SEM image of the surface, showing the spontaneous spalling and membrane formation of 

a as-grown sample with 70 nm LAO. b) Distribution of the lateral size (𝐷x, 𝐷y) of the membranes. The data 

points have been collected on multiple SEM images. No correlation was found between 𝐷x and 𝐷y. d) the 

overall size distribution of the membranes plotted as a histogram with preferential size of 1∼ 1.9 μm.  
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The deposition of LAO shows the formation of LAO/STO membranes spalling along the 

intended pattern (Figure 3.12). However, the membranes do not cover all of the intended 

area. In the regime smaller than the unpatterned membranes (𝐿x,y = 0.5 − 2 μm), only a 

few membranes formed, associated with the strain relaxation at the edges of the patterned 

area, thus indicating that there is a threshold for spontaneous spalling which may be 

ascribed to the pattern but also the thickness of the stressor LAO layer. Figure 3.13a-c 

shows no spalled membranes, while Figure 3.13e-h shows spalled membranes with large 

areas. For that reason, the size of the membranes patterned with the size 𝐿x,y = 0.5 − 2 𝜇𝑚 

are excluded from the analysis in Figure 3.13. 

For the membranes in the patterned field with 𝐿x,y = 4 − 20 μm, we manually measured 

the size of 1146 membranes imaged by SEM distributed throughout the sample. The 

distribution of the membranes is plotted in Figure 3.13. It is worth mentioning that since 

Figure 3.11. a) Schematic illustration of the surface patterning by argon ions bombardment with Kaufman 

ion milling. A patterned electron resist is used as mask to direct the argon beam. b) AFM topography image 

of the STO substrate after the argon milling and resist stripping. The lateral size (𝐿x,y) is 2 𝜇𝑚 equal to the 

scalebar in the image. White dashed square is the magnification in (c) displaying the terrace structure and the 

white dashed line is the height profile shown in (d) showing an average trench depth of 20 nm and trench 

width of 250 μm.  

Figure 3.12. SEM images of patterned STO with 70 nm LAO. a-c) 𝐿x,y = 0.5 − 2 μm shows no spalled 

membranes. d) The patterning orientation has been rotated 45° with 𝐿x,y = 4 μm. e-h) 𝐿x,y = 4 − 20 μm 

show clearly spalled membranes. These images are examples of the imaged used to count the membranes in 

Figure3.13. 
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we measured the samples from top-down scanning electron microscopy (SEM) images, we 

did not consider the fact that the curvature changes the area. For 𝐿x,y = 4 μm, the 

LAO/STO membranes displayed a narrow size distribution that closely matched the 

intended patterned size. However, a small but significantly narrow distribution of 

membranes was found at 𝐿x,y ∼ 8 μm, i.e., twice the size of the narrow population. For 

𝐿x,y = 7 μm, the size distribution shows two distinct populations: one corresponding to the 

intended 7 μm and one half the size of 𝐿x,y = 7 at ∼ 3.5 μm. Nonetheless, it is clear, that 

the membranes were still affected by the trenches since the spalling was achieved with sizes 

significantly larger than the unpatterned spalling ∼ 1.9 μm. For 𝐿x,y = 10 and 20 μm, the 

likelihood of forming membranes corresponding to the intended 𝐿x,y is small, but the 

membranes rather reduced in size and approached the as-grown membranes. Both for 

𝐿x,y = 10 and 20 μm, only very few membranes were observed in the size we aimed at, 

with 𝐿x,y = 20 μm being significantly smaller than 𝐿x,y = 10 μm, with the data shown in 

the insert in Figure 3.13b. This method shows that there is a clear lower and upper limit 

manifesting itself when the size of the patterned size becomes much larger than the average 

size of the unpatterned membranes, e.g. 𝐿x,y = 10 and 20 μm, and they start to break into 

smaller pieces. To get an idea of the rate of the membranes that have spalled following the 

designed pattern, we used the success rate (SR), defined as the fraction of membranes 𝐷x,y 

from the histogram in figure 3.10 (unpatterned) and figure 3.13 (patterned) with a 

dimension window of ±0.25 μm that was the same size as the width of the trenches 

(definition A). The SR monotonously decreased from SR of 75 % (2.7 %) for 𝐿x,y = 4 μm 

to 0.7 % (0.0 %) for 𝐿x,y = 20 μm for the patterned and unpatterned samples, respectively. 

This clearly shows that the spalling of membranes within the designed frame significantly 

increased compared to uncontrolled spalling. For the membranes at 𝐿x,y = 4, 7, and 10 μm 

in particular, the fraction of membranes spalling with respect to the design was significantly 

larger. We noted that for the large membranes (𝐿x,y = 10 and 20 μm), this definition was 

not sufficient to describe the actual picture. A membrane designed to fit a 𝐿x,y = 20 μm 

that breaks into many smaller pieces drive the fraction of spalled 𝐷x,y = 20 μm down. We 

Figure 3.13. a) SEM images of  𝐿x,y = 4, 7, 10 and 20 μm with a spalled membrane false colored to illustrate 

an intact spalled membraned contributing to the spalling statistics. b) Histogram of the lateral size 𝐷x,y 

corresponding to the membranes in (a). 
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addressed this issue by considering an alternative definition of the SR, where the area was 

covered by correctly spalled membranes with respect to the total imaged area (definition 

B). This definition is insensitive to the failures such as the membranes failing to fracture, 

or the membranes subdividing into smaller membranes. Table 3.1 shows a significant 

difference in the SR of the two definitions, where the failure for the smaller membranes is 

mainly due to membranes not forming, whereas for 𝐿x,y = 10 and 20 μm definition B 

segregates the large number of membranes counted from the area of a few grid spaces for 

the large membranes. The above analysis indicates that the membranes can be spalled along 

the intended patterns and it was possible for all the grid's sizes. The histograms in Figure 

3.10 and 3.13 give a quantitative analysis of the fraction of spalling efficiency. Obviously, 

the SR would be 100 % in both definitions if every pattern spalled membranes in the 

designed size. 

The SEM image for the unpatterned membranes clearly shows that, in the case of 

uncontrolled growth, the natural fracture direction is along the (100)/(010) high-symmetry 

direction (Figure 3.10a). This symmetry was also used to control the spalling in figure 3.1-

3.13. However, we dedicated an area on the sample to understand whether the membranes 

would always spall in the crystal orientation or whether it was possible to make more 

complex shapes. For that reason, we rotated the pattern with 45°, i.e., (110)/1-10) direction 

with respect to the design used. The rotated pattern is shown in Figure 3.12d, from which 

it is clear that although a significant fraction of the membranes showed cracks along the 

(100)/(010) direction, the membranes also fractured along the patterned trenches, showing 

that the pre-patterned growth method was feasible for controlling the growth that was not 

along the naturally (100)/(010) crystal orientation. 

 

3.2.4 Membrane transfering 

With the ability to control the film growth, we also demonstrated with the perspective of 

the self-formed membranes with patterning techniques feasible for electronic devices, that 

we can transfer the size-controlled membranes utilizing a micromanipulator onto a SiO2/Si 
substrate (Figure 3.14). Three different membranes 𝐿x,y = 7,10 and 20 μm were 

transferred to the substrate with existing alignment marks used for lithography techniques. 

With this degree of freedom, it was possible to realize, it was not only possible to move a 

single membrane for device fabrication, but it was also possible to move several 

membranes for more complex device combination functionalities of different oxide 

heterostructures within the same circuit. The membranes were sufficiently clamped to the 

Table 3.1. The SR of unpatterned and patterned membranes is defined from the fraction of the spalled 

membranes in the histogram in figure 3.10 and 3.13 with the dimensions 𝐷x,y within ±0.25 μm (i.e. the 

trench width) of the defined pattern. Whereas definition A takes the size of the spalled membrane and 

compares it to a fragment of the total amount of membranes, definition B relates the area covered by correctly 

spalled membranes with respect to the total image area. 
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substrate for device fabrication by vdW forces, although for device fabrication, the 

membranes were further fixed to the substrate due to the metal deposition, clamping the 

membranes. 

  

Figure 3.14. a) Transferring method of a spalled LAO/STO from the patterned growth substrate to the 

SiO2/Si substrate utilizing a micromanipulator, where vdW forces are sufficient to clamp the membrane to 

the substrate. b) SEM micrograph of membranes transferred to the SiO2/Si substrate between prepatterned 

alignment marks. 
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4. CHAPTER 4 

Properties of freestanding membranes 

 

In the previous chapter, I discussed possible fabrication techniques that I used to achieve 

freestanding membranes. Releasing the homo- and heterostructure films from bulk or thin 

film templates and transferring them onto other substrates can open doors for emerging 

phenomena through a new degree of freedom often used in 2D materials, but now to be 

utilized with complex oxides. This chapter will focus on the properties of these membranes 

both theoretically from ab-initio calculations, but also from transport properties. This 

chapter will be based mainly on article IV and part of article II. 

 

4.1 Physical properties of moiré patterns in SrTiO3 membranes 

With the ability to create freestanding complex oxide membranes, the door is opened for 

emerging properties arising from stacking, creating an interference pattern from crystal 

structures with identical structures with a twisted angle with respect to each other, also 

known as moiré patterns. Molecular Dynamics (MD) calculations show that the twisting of 

two STO freestanding membranes with respect to each other yields anisotropic oxygen ion 

diffusion behavior in the near interface region of STO/STO, which is otherwise isotropic 

in bulk (001) STO. Figure 4.1a shows the calculated tracer diffusion coefficient for oxygen 

(D*) as a function of the twist angle. The tracer diffusion coefficient for oxygen (D*) is the 

slope of the calculated Mean-squared displacements (MSD) for oxygen ion migration in 

bulk (001)-STO as a function of time. This is calculated by finding the distance oxygen 

diffuses at a certain time at 1600 K, and changes with a twisting angle (Figure 4.1c,d). The 

sudden increase in the tracer diffusion relative to the twist angle between the two layers is 

referred to as the magic angle, where D* changed at specific angles, and is noted in the 

figure as θ1/θ1
*, θ2/θ2

*, etc. Note that due to the cubic structure of STO, D* and the activation 

energy (Ea) are symmetric around 45 °. Since the diffusion of oxygen vacancy is a thermally 

activated process, the temperature dependence of oxygen vacancy diffusivity can be 

expressed by an Arrhenius relationship where the diffusion constant is proportional to the 

Ea from which the activation energy can be extracted (Figure 4.1e). This variation of 

diffusivity is consistent with the overall Ea for oxygen diffusion which increased with the 

increasing twist angle. Ea is tuned remarkably from 0.6 to 1.2 eV as the twist angle changes 

from 0° to 45°. The phenomenon is attributed to the relative rotation between layers, which 

forms a periodic moiré potential in the material system affecting the diffusion path and 

resulting in lattice site preference for the diffusion of oxygen vacancies. The vacancy 

environment (including their electrons and holes), remains almost immobile below room 

temperature but can move at higher temperatures due to the thermally activated processes 

involving oxygen diffusion and vacancy migration. Together with the experimental 

observations in chapter 3.1.3 on the enhanced oxygen vacancy concentration at the twisted 

https://onlinelibrary.wiley.com/doi/full/10.1002/adma.202203187#adma202203187-fig-0007
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STO/STO interface from the EELS data, this shows that twisting freestanding thin films 

would be a valuable synthetic strategy for manipulating the diffusion properties of oxygen 

vacancies in perovskite oxide thin films using twisted membranes. This makes these 

freestanding membranes interesting for designing novel functional energy materials and 

devices for cutting-edge electronic and energy-related technologies. 

 

4.2 Superconducting 2DEG in freestanding LaAlO3/SrTiO3 membranes 

The state-of-the-art techniques to fabricate freestanding membranes utilizing the sacrificial 

wet etch approach described in chapter 3.1.2 may be a larger part of futures device 

fabrication; however, so far, it has not been possible to create freestanding LAO/STO 

membranes that are conducting. Following the alternative approach described in chapter 3, 

we have been able to fabricate membranes that are not only conducting but also preserve 

properties such as superconductivity seen in the traditionally thin film deposition approach. 

  

4.2.1 Preparation of the device and ensuring good contact to the 2DEG 

One of the challenges in the preparation of any device using a membrane is to ensure good 

electrical ohmic contact to the buried interface with the least possible contact resistance. 

Figure 4.1. ab-initio calculations of the tracer diffusion coefficient (𝐷∗) for oxygen ions as a function of the 

twist angle (a) and the activation energy (𝐸𝑎) for oxygen ion migration with respect to the twist angle. The 

calculations have been carried out at elevated temperatures of 1200 K. c) Mean-squared displacements 

(MSDs) for oxygen ion migration in bulk (001)-STO at a typical temperature of 1600 K. d) Mean-squared 

displacements (MSDs) for oxygen ion migration in twisted STO/STO (θ/θ * = 33.4°/56.6°). c) Arrhenius 

plots for STO/STO with different twisting angles. Note that θ/θ * = 0°/90° corresponds to bulk STO. 
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This is partially due to the thick size of the LAO film on the STO, meaning that simply 

depositing metal on the surface does not bridge the 2DEG to the contacting electrodes. 

Therefore, to prepare the electrical contacts for the spalled membranes, individual 

LAO/STO membranes were transferred onto a Si substrate. This is achieved by utilizing 

the tip of either a clean room wipe or a micromanipulator to a SiO2/Si++ substrate with pre-

patterned electrodes and alignment marks used with lithography methods. A ∼ 900 nm 

trilayer of e-beam was spin-coated, exposed with lithography, and developed to open the 

resist for the metal deposition that serves as electrodes for the membrane. Before the metal 

deposition, a brief Ar+ milling with an angle of 50° was employed at the edges of the 

membrane. The metal electrodes were evaporated in the same chamber as the argon milling 

consisting of Ti/Au deposited with an angle of 20°. The employed angle was to ensure 

contact with the side of the membranes, where the 2DEG is exposed. The remaining resist 

and metal were removed with a lift-off in warm N-methyl-2-pyrrolidone. Figure 4.3 shows 

an AFM micrograph with the corresponding height profile of a device example displaying 

a device with metal contacts. The curvature of the membranes is preserved after the metal 

evaporation and has a radius of curvature of ∼ 5 μm derived from the height profile.  

 

4.2.2 Temperature dependence 

A total of 50 devices of two-terminal were fabricated where 23 of the devices showed low 

conductivity at room temperature, and the rest showed resistance in MΩ-range, presumably 

Figure 4.3. Atomic force microscopy topography of a membrane device, displaying a membrane clamped 

below metal (Ti/Au) electrodes. Colored arrows display the height profiles in (b). The height profile confirms 

the curvature of the membranes after metal deposition. The radius of curvature is ∼ 5 μm.  

Figure 4.2. Schematic illustration of the membrane contacting. a) A LAO/STO membrane is deposited on 

the substrate, preferably bending down wards for a more easily accessible contacting. b) Ar+ milling with an 

angle of ±50° on both sides of the membrane to enhance the probability for contacting. c) Ti/Au deposition 

with an angle of ±20° on both side of the membrane. 
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due to bad contacting of the 2DEG. Out of the 23 conducting devices, 5 devices (devices 

1-5) were selected for more detailed transport measurements. The measurements were 

performed in a dilute refrigerator system described in chapter 2.2.1. Due to limitations in 

the fabrication process where metal deposition requires an angled metal evaporation, 

preferably from two sides to ensure contact (see Figure 4.2). However, utilizing this method 

only allows for a very small contact area presumably resulting in a small device yield i.e., 

by only creating a two-terminal and not a four-terminal device, we are able to make devices 

more reliably. Therefore, the transport-characterized devices in this thesis have a two-

terminal configuration. An example of such a device can be seen in Figure 4.4a displaying 

an SEM image of the device. The double steps in the metal layer originates from the angled 

deposition from either side of the membrane with two materials (Ti/Au). The two-point 

resistance as a function of temperature is shown in Figure 4.4b-c, where (b) is the full range 

and (c) shows a magnification of the low-temperature region. There is a distinct resistance 

drop across all the samples, consistent with the emerging superconducting phase at these 

temperatures. The obvious dissimilar superconducting phase transitions with temperature 

and its nonhomogeneous transitions have been seen before in bulk LAO/STO systems78,79 

and was layer attributed to the superconducting phase being spread in puddles that have an 

individual superconducting transition temperature, which also seems to be the case for the 

membranes179.  Given that the 2DEG in the membranes is buried 70 nm from the surface, 

much deeper than that in bulk samples of < 6 nm78,180–182, this result suggests that the origin 

of the inhomogeneity is intrinsic183,184 and is not associated with surface adsorbates. Also, 

strain in LAO/STO can modulate the interface density185 and a nonhomogeneous strain 

profile in the membranes could lead to spatial variations. 

 

4.2.3 The superconducting phase in spalled membranes 

The superconducting state was measured utilizing an external magnetic field with the 

spatial orientation (Bx, By, and Bz) shown in Figure 4.5a, where Bx and By are the in-plane 

applied magnetic fields and Bz is the out-of-plane applied field relative to the current. Figure 

4.5a-c shows the resistance as a function of the temperature at a fixed magnetic field for 

device 4. The field was increased in steps of 50 mT per measurement. There is a clear 

appearance of the different critical temperatures between the devices and the 

Figure 4.4. a) Tilt-view SEM image of an as-grown (non-patterned) LAO/STO micromembrane device (false 

colored). b) Two-terminal resistance vs. temperature dependence for five devices showing metallic behavior. 

c) Low temperature regime of (b) showing the superconducting transition. The resistance of the cryostat 

filters and membrane/interface have been subtracted. Device 2 and 5 have been scaled for clarity by 0.5 and 

0.2, respectively. 
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nonmonotonous transitions between the devices. This is seen in previous studies of 

superconductivity in LAO/STO interfaces78,79, where the behavior in the mesoscopic 

system is caused by a charge imbalance arising from the inhomogeneous phase 

transition186. This picture supports the spatially inhomogeneous superconducting phase in 

the membranes. Defining the superconducting transition as the 0.95 × 𝑅N, where 𝑅N is the 

normal state conductance, and plotting the field as a function of the critical temperature 

yield, gives a figure as shown in Figure 4.5d. The dots represent the data from Figure 4.5a-

c, and the solid lines are the GL relation 𝐻c(𝑇)/𝐻c(0) = 1 − [1 − (𝑇/𝑇c(0))2], where 

𝑇c(0) is the critical temperature at zero fields and the critical field at T = 0. These values 

were estimated for all of the five devices, but for device 4 we also performed additional 

gating measurements, see Figure 4.5b,c. Device 4 displays a critical field and temperature 

dependence, where 𝑇c(0) = 246 mK, 𝐻c
x(0) =  831 mT, 𝐻c

y(0) =  1335 mT, and 

𝐻c
z(0) =  165 mT. We note that the critical parallel fields for 𝐻c

x and 𝐻c
y
, with respect to 

the substrate surface, are all different. This behavior is consistent with the curvature of the 

membrane due to different areal rejection of the field (Messiner effect) depending on the 

in-plane orientation of the field. Since the membrane is bending either up or down, the 

magnetic field lines either meet a small or large rejection depending on whether the 

membrane is orientated with the bending edge parallel or perpendicular to the field line, 

respectively. To estimate the characteristic coherence length (𝜉) and the effective thickness 

of the superconducting layer, we take the largest in-plane value, since this is the closest 

estimate of the parallel field to the membrane. The perpendicular critical field (𝐻c
z) is not, 

on the other hand, expected to be affected by the orientation, therefore we can use this 

value. For more details regarding the expression for the coherence length and thickness, 

the reader is encouraged to revisit chapter 1.5.2. We also found that the definition for the 

superconducting phase transition does not affect the values significantly. For device 5 the 

𝑅(𝑇c) = 0.9𝑅N give Tc and Hc values of 𝑇c = 196 mK, 𝐻c
x/y/z

(0) = 648/1815/191 mT, 

respectively. 

Figure 4.6b shows a contour map of the differential resistance vs the current (I) and the 

temperature (T). The zero-resistance state illustrated as blue, extends up to ∼200 mK, and 

in Figure 4.6c the extracted temperature dependence of the critical current is shown along 

with a fit to the GL mean field result 𝐼C
GL(𝑡) = 𝐼C(𝑂)(1 − 𝑡2)3 2⁄ (1 + 𝑡2)1 2⁄  where 𝑡 =

𝑇 𝑇C
GL⁄ ,𝑇C

GL = 145 mK, and 𝐼C(0)  =  108 nA. The fit captures the trend reasonably well 

but drops to zero more abruptly than in the experiment. The reason for this discrepancy is 

unknown. A key aspect of the LAO/STO membrane system is the susceptibility to 

electrostatic gating, which merges the functionality of strong correlations with the 

Figure 4.5. a-c) Resistance as a function of temperature at fixed fields ranging from 0-0.5 T for (a), 0-1 T for 

(b), and 0-1.5 T for (c). The shown device is 4. The field was increased in steps of 50 mT. d) Critical field 

(𝜇0𝐻c) as a function of temperature. The solid line represents a fit of the Ginzburg-Landau theory fitted to the 

superconducting transition in (a-c) defined as 0.95 × RN. 
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tunability of semiconductors. For thin films LAO/STO heterostructures, the tuning of the 

carrier density by backgating20 and topgating187 has been well established, allowing  

the tuning of the superconducting transition temperature107,188,189. For the measurement of 

Devices 3 and 4, unfortunately, the backgate was not connected, and instead, device 5 was 

measured in a separate cooldown to previously shown measurements. Figure 4.7a shows 

𝑑𝑉/𝑑𝐼 vs 𝑉𝑔 and 𝐼 for device 5 measured in a separate cooldown with the zero-resistance 

region illustrated by a dark blue color widening with increasing 𝑉𝑔. The corresponding 

extracted gate dependence of the critical current 𝐼𝑐(𝑉𝑔) and normal state resistance 𝑅𝑁(𝑉𝑔), 

respectively, where 𝑅𝑁 extracted from the normal region conductance. The critical current 

in Figure 4.7b clearly illustrates the opening in Figure 4.7a. The behavior of the normal 

state conductance is consistent with a superconducting 2DEG following the same trend of 

conventional LAO/STO in the underdoped regime.  

Due to the fact that we were using only two-terminal configuration, we were not able to 

perform Hall measurements to obtain the carrier mobility and density of these devices. 

However, since our results showed a superconducting state very similar to that of the 

conventional LAO/STO, the values of 𝑇𝑐 and the gate dependence places the devices as 

being slightly underdoped with respect to the maximum of the dome-shaped 

superconducting phase shown in Figure 1.11. From this, we estimate the carrier density of 

𝑛𝑠 ≈ 1 × 1013cm−2 for devices 1-4 with 𝑅𝑠 ≈ 1 kΩ/□ with the typical mobility of 𝜇 ∼

1000 cm2/Vs. We stress that this is only an estimate and should be considered only as 

indirect indication that the membranes behave similarly to a conventional LAO/STO 

heterointerface. This is surprising, since these membranes show properties identical to what 

can be expected from conventional LAO/STO heterointerfaces, given the fact that these 

membranes have very large strain (∼2%) and strain gradients (∼105 m−1) in the 

membranes164. 

In summary, using Si/SiO2 as a substrate, we fabricated electrical devices based on 

LAO/STO membrane. We reported measurements of the low-temperature characteristics, 

demonstrating the presence of a superconducting phase that shows the two-dimensional 

character of the electron system in the freestanding heterostructure membranes. The critical 

Figure 4.6. a) DC bias voltage (𝑉sd) for 

device 4 as a function of current (I). The 

orange and blue lines represent the up and 

down trance, respectively. There is a clear 

difference in the critical current (𝐼𝑐) and the 

retrapping current (𝐼𝑟). b) Color map of the 

resistance (dV/dI) as function of current (I) 

and temperature (T). The blue zero 

resistance state vanished around 200 mK to 

a normal state conductance illustrated as 

green color. c) Critical current as function of 

temperature extracted from (b) (dots) fitted 

with Ginzburg-Landau theory (solid line). 

https://pubs.acs.org/doi/10.1021/acs.nanolett.2c00992#fig4
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supercurrent density and the temperature dependence were found to be similar to values 

reported for macroscopic LAO/STO samples. 

 

 

 

  

Figure 4.7. a) Differential resistance as 

function of applied DC current and gate 

voltage for device 5. B) The extracted 

critical current (𝐼c) as function of gate 

voltage from (a). c) Normal state 

conductance as function of gate voltage. 

The resistance is conductance is extracted 

at high bias outside the superconducting 

and step region. 
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5.CHAPTER 5 

Magnetism in SrTiO3-based structures 
 

This chapter deals with magnetism in STO and STO–based heterostructures. By controlling 

the PO2 of the environment as well as the annealing temperature, it was possible to control 

the stoichiometry of the films and thereby the magnetic responds of the films. Another 

approach is diluting the LAO films with LaBO3 (LBO) during the growth as a way to create 

a magnetic 2D/3D system on STO, where vertically aligned LBO pillars were formed on 

2DEG films displaying a highly anisotropic magnetic response. This chapter is a review of 

the papers in appendix V, IX and X. 

 

5.1 Controllable magnetism though growth pressure 

The origin of magnetism in STO has been frequently debated over the last decades, and the 

presence of oxygen vacancies defects has been widely considered as one of the main 

contributors to magnetization: Oxygen vacancies allow the partial reduction of Ti4+ into 

magnetically active Ti3+. A few examples of some of the proposed mechanisms are listed 

here: Coey et al. suggested that the origin of ferromagnetism in reduced STO was either 

due to direct exchange interactions between VO and the molecular orbitals of valence 

electrons of surrounding Ti ions or due to a Stoner-type spin-splitting of the Ti 3d band for 

ferromagnetically coupled electrons68. However, Brovko and Tosatti190 reported 

theoretical results suggesting that an isolated oxygen vacancy defect in STO only stabilizes 

states with low or zero total magnetization, since the two Ti spins facing each other across 

the VO are antiferromagnetically coupled via strong direct exchange interaction. Doenning 

and Pentcheva94 demonstrated that in LAO/STO heterostructures, Ti dxy bands could be 

dominantly magnetized via magnetic double-exchange interactions between Ti3+ and 

Ti4+ when a tensile in-plane strain is induced in TiO6 octahedra and the electron doping 

level is below 7 × 1014 cm−2. However, this electron doping level (0.5e per Ti) per STO 

monolayer is hard to achieve practically when considering that Ti dxy orbital polarization 

in a c-axis compressed STO is purely induced by a high VO concentration of ∼25 at. % as 

a VO sublattice. 

In this work, we demonstrate tunable magnetic properties of homoepitaxial STO thin films 

by controlling both cation off-stoichiometry (VTi) and VO contents using PLD. Our results 

show that PO2 strongly influences the growth dynamics and the magnetization of the 

films. As described in chapter 2.1.4, a preferential ablation of Ti (Sr) in STO can be induced 

by increasing (decreasing) laser fluence, leading to the formation of Sr-(Ti-) deficient STO 

films. Since the kinetic energy of the arriving species is highly affected by the background 

pressure in the chamber during the PLD process, a suitable balance between the laser 

fluence and background gas is essential137,191. To do this we have grown various samples 
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at different PO2 values at 5 × 10−2, 1 × 10−2, 5 × 10−4, and 5 × 10−6 mbar with film 

thickness kept constant at around 25-26 nm and were cooled in O2-rich atmosphere (200 

mbar). Defects typically resulted in lattice expansion and a charge rearrangement in STO, 

leading to lattice symmetry breaking (electric polarization), followed by an electronic 

reconstruction and crystal field splitting (e.g., splitting of degenerate Ti 3d orbitals into a 

relative energy scheme that follows dxz/dyz < dxy < 𝑑𝑧2 < 𝑑𝑥2−𝑦2)192,193. Therefore, we 

performed high-resolution XRD 2θ-ω patterns of oxidized STO films, grown on STO(001), 

as a function of PO2, to observe any indication for lattice expansion. Figure 5.1a shows the 

XRD spectra showing that the oxidized films were grown epitaxially and possess thickness 

fringes. The STO film grown at PO2 = 5 × 10−2 mbar shows almost identical 2θ (00l) peak 

positions to those of the STO homo-substrate with well-defined thickness fringes. This 

indicates low out-of-plane strain (xz = +0.19%) in the film and an excellent crystal quality. 

When PO2 was decreased to PO2 = 5 × 10−4 mbar, a continuous shift of the out-of-plane 

STO(00l) peaks toward lower 2θ values was found. This revealed an increase in the c-axis 

lattice parameter to a value of c = 3.95 Å (xz = +1.15%), as shown in Figure 5.1c. The RSM 

maps in Figure 5.1b show the strain distribution of the two STO films (PO2 = 5 × 10−2 and 

5 × 10−4 mbar) at the (103) reflection. This shows that the in-plane lattice spacing for both 

films is coherently aligned with the in-plane spacing of the underlying STO substrates (a = 

3.905 Å), while the c-axis lattice parameter was found to increase with PO2. We have 

measured the magnetization of the samples such that we can compare the out-of-plane 

lattice expansion with the measured magnetic hysteresis loop can compare the out-of-plane 

lattice expansion with the measured magnetic hysteresis loop. 

Figure 5.1. a) XRD 2θ-ω for four STO film grown at various PO (5 × 10−2, 1 × 10−2, 5 × 10−4, and 

5 × 10−6 mbar). The right panel shows a magnification of film and substrate at STO(002). b) RSM near 

STO(103) refection for STO films grown at PO = 5 × 10−2 and 5 × 10−4 mbar. c) c-axis lattice constant 

expansion as function of growth PO2. 
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Figure 5.2 displays the magnetic hysteresis loop of the STO films measured with SQUID 

(described in chapter 2.2.2.) at 5 K as a function of PO2. The measured hysteresis loops 

were corrected by subtracting the constant diamagnetic and paramagnetic background from 

the instrument’s accessory. The results show a notable increase in the magnetization with 

decreasing PO2. The saturation magnetic moment of the films continuously increases up to 

14 µemu (56 µemu/cm2), as the growth pressure is decreased to a value of PO2 = 5 × 

10−4 mbar. The enhanced magnetism at low PO2 can be understood through the rise of 

cation off-stoichiometry (Ti deficiency) in the films since VO would not be sufficient to 

create such a large magnetization (more on that in chapter 5.2). 

The O and Ti ions neighboring a VTi site became spin-polarized through charge 

rearrangement, yielding a µB/VTi of 0.48. Furthermore, we considered the effect of A-site 

Sr (2+) vacancies on the magnetism of STO. An A-site vacancy defect contributes to a 

relatively weak magnetization of m < 0.07 µB/VSr in STO due to its much less effective 

charge rearrangement8: (i) Only two electrons can contribute to the oxygen atoms adjacent 

to a Sr vacancy site and (ii) a Sr vacant site has a relatively large distance (2.76 Å) to the 

12 nearest oxygens as compared to that (1.95 Å) of a Ti vacant site. Also, an isolated 

VO when stabilized in STO produces a very weak magnetism (0.003 µB/VO) without 

significant exchange interaction with the neighboring Ti atoms (e.g., a magnetization of 

Ti dxy bands). This is consistent with previous reports190. Paring the oxygen and titanium 

vacancies (i.e., the vacancies are neighbors), our calculations clarify that the large measured 

magnetization is produced by the VTi–VO pair due to (i) a more energetically stable 

formation (smaller charge screening effect) in the STO system with a tendency to pair the 

oppositely charged defects [when comparing the charge screening effect of STO with a 

singular VTi through relaxation and the largely varied magnetization (4 µB /VTi → 0.48 µB 

/VTi)], (ii) a higher dispersive nature of the induced magnetic moment over the lattice 

atoms, and (iii) an effective magnetic coupling with a shorter distance (3.5a) between the 

vacant defect pairs. This trend is also in good agreement with our experimental results, 

where a sample cooled in the same PO2, and therefore still having VO, increased the 

magnetization by a factor of ∼3.5 compared to the oxidized samples (for more details see 

Article V). 

In conclusion, we have demonstrated that the magnetic properties of engineered STO thin 

films can be effectively tuned by PLD film growth parameters (interdependent parameters 

of laser fluence and PO2) by controlling the concentration of cation vacancies, anion 

vacancies, and their complex defects. Our results show that B-site cation vacancies, VTi, 

Figure 5.2. a) Magnetic hysteresis loop of the STO films measured at 5 K. b) variation in the magnetic 

moment derived from the saturation level as function of PO2. 
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not only contribute to the magnetization of STO but also promote the incorporation of 

oppositely charged VO into the B-site cation deficient STO for the formation of the VTi–

VO pairs. This greatly increases the magnetization and stability of the system and has been 

demonstrated both experimentally and theoretically.  
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5.2 Tuning SrTiO3-based systems by oxygen vacancies 

Magnetism in band insulating ABO3 perovskite strontium titanite, STO, and the related 

systems, is an important physical property for potential oxide spin-based electronics such 

as sensors and memories194. Chemical modification, e.g., substitutional magnetic element 

doping (Co, Cr, and Fe)195–197 and defect engineering68,116 has been widely utilized to create 

and control the magnetism in STO systems. A widely accepted magnetic reservoir in STO 

is the oxygen vacancy, which is the most abundant intrinsic point defect. Despite substantial 

work on the related chemical and electrical properties in STO32,87,91, its magnetic 

contribution has not been fully experimentally manifested and is yet to be explored, due to 

unstable and weak magnetic signals.   

Here, this work demonstrates a tunable magnetism in STO-based systems, i.e., a STO single 

crystal, a STO/STO homostructure, and a stoichiometric LAO/STO heterostructure, by 

controlling the content of oxygen vacancies. The effect of oxygen vacancies on the 

magnetization of the samples was systematically determined by conducting continuous 

thermal annealing processes in different temperatures (200 – 700 ⸰C) and atmospheres (in 

O2 and in vacuum). Our results clearly exhibit a tunable magnetism in the STO-based 

systems by controlling oxygen deficiency: (i) the magnetization of all the as-prepared 

samples is almost similar with saturation moments of ~5 - 7 µemu; (ii) a significant 

reduction (~-70 - -80 %) in the magnetization of all the STO-based materials when VO are 

sufficiently compensated by a thermal annealing, driven at 700 oC in O2; and (iii) the 

magnetization of all the samples were turned back to/over the initial values when the 

samples were subsequently annealed in an O-reducing condition at the same temperature. 

Figure 5.3. a,b) RHEED intensity profiles for the STO (a) and LAO (b) films grown on STO(001), recorded 

during PLD film growth. The insets show the RHEED patterns before and after film growth. c) XRD θ-2θ 

patterns for the grown STO and LAO films on STO(001). d) reciprocal space mapping around (103) reflection 

of STO.  
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This work provides not only direct experimental evidence for the oxygen vacancy-induced 

magnetism in STO, but also gives insights for understanding the correlated electronic and 

magnetic properties of STO-based homo/heterosystems. 

To investigate the effect of oxygen vacancy on the magnetic properties of STO-based 

systems, three different STO-based samples were prepared: (i) a reduced TiO2-terminated 

STO(001) single crystal, treated at 700 oC in PO2 = 5 × 10-4 mbar; (ii) a stoichiometric STO 

film on TiO2-terminated STO(001); and (iii) a stoichiometric-like LAO film on TiO2-

terminated STO(001). The volume of the STO single crystal substrate used in this work 

was 5 × 5 × 0.5 (z) mm3. The epitaxial STO and LAO films were grown by PLD at 700 oC 

in an PO2 of 5 × 10-4 mbar and were cooled down to room temperature in the same film 

growth pressure. Both films were grown by using laser fluence of ~1.5 J/cm2. The thickness 

of both films was controlled by RHEED during film growth and remained almost consistent 

with approximately 15 nm (see Figure 5.3a,b).  

Figure 5.3c shows XRD θ-2θ scans for the as-grown STO and LAO films grown on 

STO(001). The results indicate that the c-axis parameters of the epitaxially grown 

STO(001) and LAO(001) films are 3.920 Å and 3.765 Å, respectively. This corresponds to 

the out-of-plane strain of the grown STO, and LAO films are approximately +0.3 % and -

0.7 % with respect to their bulk cubic (/pseudo cubic) parameters. RSM further indicates 

that the in-plane lattice spacing of both films are coherently matched with that of the STO 

substrate (Figure 5.3d). 

To examine the magnetic properties of the samples, a VSM system was employed. Careful 

data corrections (subtraction of diamagnetic background caused by instrumental 

accessories, e.g., a sample holder and a low temperature glue) were made before sample 

measurement. Moreover, the accuracy of measured data for the samples was determined by 

comparing magnetic data of the same samples, collected by SQUID in MLU, Germany (not 

Figure 5.4. The 2 K magnetic hysteresis loops of the as-prepared samples: a treated STO substrate in 

5 ×  10−4 mbar at 700 oC (left), a 15 nm-thick STO film grown on STO(001) in 5 ×  10−4 mbar 700 oC 

(middle), and a 15 nm-thick LAO film grown on STO(001) in 5 × 10−4 mbar at 700 oC. 
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shown here). We confirmed that magnetic data measured in two different places are 

identical and thus the VSM data is highly reliable. 

Figure 5.4 shows the 2 K magnetic hysteresis loops of the samples, measured by applying 

external magnetic fields in ±5 kOe range along the in-plane direction of the samples. All 

the samples exhibit clear ferromagnetic hysteresis behaviors. Almost similar saturation 

magnetic moment (ms ~5 – 7 µemu), remanence (mr/ms ~18 – 20%), and coercive fields (Hc 

~150 – 180 Oe) for the as-prepared samples were found. This reveals the same magnetic 

nature for all samples regardless of the upper STO and LAO layers. Such a weak magnetic 

response with ms < 10 µemu has been typically observed in STO-based systems, e.g., 

reduced STO and conductive LAO/STO interfaces116. The origin of the ferromagnetism in 

reduced STO has been proposed by the effect of oxygen vacancies as they could allow the 

partial reduction of Ti4+ into magnetically active Ti3+. Possible magnetic solutions, e.g., 

oxygen defect-mediated magnetic ordering and/or localized unpaired Ti d-band electron 

spins through exchange coupling of itinerant carriers, have been proposed68,198,199. Since, 

in this work, all the as-prepared samples (treated or grown in 5 × 10-4 mbar) are partially 

oxygen-reduced, it was predicted that oxygen vacancy would play a common role in 

creating the magnetic properties of all the samples.     

Figure 5.5. a,b,c) The 2 K magnetic hysteresis loops of the STO single crystal, STO/STO, LAO/STO samples 

as a function of TA. All the samples were annealed in O2 by varying TA up to 700 oC and the same samples 

were subsequently annealed in vacuum at 700oC. d) The 5 K magnetic hysteresis loop of the MBE-grown 

STO film (20 nm thick) on STO(001) before and after PA. e) A comparison for the measured magnetic 

moment of the samples with different PA conditions. 
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To verify the effect of oxygen vacancies on the magnetic properties of the samples, ex-situ 

post annealing (PA) work was carried out. Firstly, all the samples were subsequently 

annealed in common magnetic reservoir in the samples is oxygen vacancy as it can be 

thermodynamically reactive with and compensated by additional oxygen as ½O2 + VO. 

Moreover, a similar large reduction (approximately ~-80 %) in the magnetization of a 

stoichiometric-like STO film grown on STO(001) by molecular beam epitaxy (performed 

in University of Minnesota, USA) was found after O2 annealing at 500 ºC for 1 hour (Figure 

5.5d). To further confirm the effect, we annealed the samples in vacuum at 700 ºC for 2 

hours. The results clearly exhibited that the magnetization of all the samples turned back to 

increase, similarly to those for the as-prepared samples. All the measured ms for the samples 

are listed in Figure 5.5e.  

In summary, this work provides experimental evidence that oxygen vacancy acts as a 

common magnetic reservoir in STO-based systems with a limited range of ms < 10 µemu. 

This means that the magnetization of STO-based systems can be effectively tuned by 

controlling oxygen vacancy in-and-out processes. Experimentally, future quantitative work 

is indeed required to establish the relationship between the concentration of oxygen 

vacancies versus the magnetization of STO or the related systems. 
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5.3 Magnetism in self-assembled LaAlO3(1-x):LaBO3(x)/SrTiO3 

heterostructures 

 

Here, we demonstrate an interface engineering of complex oxide nanocomposite thin film 

heterostructure, LaAlO3(1-x):LaBO3(x) (LABO) nanocomposite films deposited on 

STO(001), using a self-assembly approach to control the electric and magnetic landscape. 

Our results show that a unique 2D layer-by-layer growth mechanism yields atomically 

abrupt crystal interfaces where vertically aligned magnetic structures are spontaneously 

formed in the LABO/STO heterostructures (see Figure 5.6f). This transition is primarily 

driven by the change in the composition ratio. The presence of such structural transition in 

this material system leads to the coexistence of a low-dimensional high-mobility electron 

gas and magnetism ordering. The LABO composite thin films with composition of 0 ≤

 𝑥 ≤  10 % were grown on TiO2-terminated STO(001) substrates with PLD, as 

schematically shown in Figure 5.6a with thickness kept between 22 and 25 nm.  

The film is grown on a TiO2-terminated STO(001) monitored with RHEED for both the 

growth of LAO (bottom) and LABO top, shown in Figure 5.6b. For the LAO film, a steady 

2D growth mode was observed, resulting in streak RHEED pattern after the growth. In 

contrast, the LABO film growth showed a transition from 2D to 3D film growth transition 

around 10-12 unit-cells resulting in a spotty RHEED pattern. To obtain insights for the film 

growth characteristics of the LABO films with varying x, RSM was performed for the LAO 

and LABO films around the STO(113) reflections as shown in Figure 5.6c. The RSM shows 

that the in-plane LAO(hh0) for the undoped LAO film (~25 nm thick) is constrained along 

the STO(hh0), yielding a positive strain of approximately +3.0 %, while the out-of-plane 

(00l) shows a negative strain of ∼0.8 % to compensate for the in-plane strain. In contrast, 

Figure 5.6. a) Schematic illustration of the LABO nanocomposite film growth containing rhombohedral 

LAO(1-x) and orthorhombic LBO(x) grown on cubic STO(001). b) RHEED oscillations and pattern of LABO 

(top) and LABO (bottom) growth. c) RSM of the nanocomposite film as function of x measured at the (113) 

reflection of STO. d) The a- and c-axis lattice constant of the nanocomposite films as function of x for both 

region (I) and (II). e) Cross-sectional high-resolution STEM image along (100) direction for the LAO/STO 

film. f) Cross-sectional TEM (upper panel) and HR-STEM (lower panel) images of the LABO (x = 8 %) 

nanocomposite film on STO(001). 



68                                                                  5 Magnetism in SrTiO3-based structures 

 

 

the RSM for the LABO nanocomposite films shows a development of two reflections of 

the films varying with composition x. Assigning these two reflections: (I) a film region that 

is coherently constrained with the in-plane STO parameter, (II) a region that moves away 

from the in-plane STO. The nanocomposite film (LABO) with lower concentration of LBO 

(x ≤ 5 %) shows a partial in-plane strain relaxation of region (I) seen form the spot coherent 

to the substrate; however, region (II) has a developing intensity with higher composition x. 

Upon x increasing above x ≥ 8 %, the reflections separate into two regions: streak and a 

broad peak. While the streak represents the strain gradient of the 2D coherent film perfectly 

aligned with the in-plane STO, the out-of-plane c-lattice constant increases with x, while 

still aligned perfectly along the in-plane axis with the underlying STO substrate, also shown 

in Figure 5.6d. This is different from the normal LAO/STO, where the elastic deformation 

of a coherent LAO layer has a Poisson ratio of 0.2435. This can be seen in the light of the 

tensile in-plane strain of LAO, which will be compensated by compressive out-of-plane 

strain, resulting in the LAO having a reduced thickness (≤ 20 unit-cells)200. However, in 

this work we observe that the in-plane and out-of-plane strains of the coherent layer (I) in 

the nanocomposite (x ≥ 8 %) films are almost only tensile strained in-plane relative to bulk 

LAO. This means that the out-of-plane of the continuously developed coherent layer is 

oppositely constrained (c-axis lattice elongation) in the LABO nanocomposite films 

maintaining the in-plane matching with the underlying STO. Figure 5.6e illustrates a cross-

sectional high-angle annular dark field (HAADF) STEM image of the undoped LAO(001) 

film grown on STO(001). As expected, we see a layer-by-layer epitaxial growth of the 26 

nm-thick undoped LAO(x = 0) (001) film layer on STO(001). In contrast, we found that 

the LABO film (x = 8 %) shows vertically aligned stripes (1.5 – 2 nm width) with visible 

contrast (atomic z-contrast) as shown in the HAADF-STEM images in Figure 5.6f, whereas 

x < 8 we did not see the vertically aligned stripes (see Article VIII). An intriguing 

observation is magnetism in the LABO/STO heterostructures. Figure 5.7a illustrates the 

magnetic hysteresis loops of the samples as a function of x, measured along the in-plane 

direction (H||,(100)) at 5 K. No ferromagnetic response was found in a bare TiO2-terminated 

Figure 5.7. a)  In-plane magnetic hysteresis loop of the LABO films as function of x (= 0 %, 1.5 %, 3 %, 5 

%, 8 %, and 10 %) measured at 5 K. b) variation in the in-plane saturation magnetization as a function of x. 

c,d) In-plane and out-of-plane magnetization of x = 1.5% measured at 5 K (d) displaying randomly distributed 

moments in the film (c). e,f) In-plane and out-of-plane magnetization of x = 8% measured at 5 K (f) displaying 

moments aligned with the LBO nanopillars (e). 
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substrate, showing that magnetization is only achieved in the presence of the film. To 

compare the magnetization, Figure 5.7b shows the in-plane saturation magnetization as a 

function of x. The in-plane saturation magnetization of the samples (x ≥ 8 %) decreases 

towards the value of the undoped LAO/STO sample (Figure 5.7b). We have further 

measured two nanocomposite samples (x = 1.5 % and 8 %) along both the in-plane 

(H//(100)) and out-of-plane (H//(001)), with the results shown in Figure 5.7c-f. There is no 

variation in the magnetization of the nanocomposite sample when x = 1.5 % due to 

randomly distributed magnetic moments in the film. In contrast, the out-of-plane 

magnetization was found to be ~30 μemu/cm2 in the nanocomposite sample (x = 8 %) 

resulting in a 5 times stronger magnetization compared to the in-plane magnetization. 

Therefore, a magnetic anisotropic structure is generated as a result of the formation of the 

mixed 2D-3D LABO/STO heterostructures (x ≥ 8 %). The origin of the preferential out-of-

plane magnetism in the self-assembled 2D-3D LABO/STO heterostructure has been 

experimentally and theoretically proposed to be the presence of boron interstitials which 

are placed near the vertical LAO:LBO interfaces (see Article VIII). 

Based on the out-of-plane magnetism results of the LABO/STO heterostructures, we have 

further performed magnetotransport measurements for the sample with high LBO content 

(x = 10 %). Figure 5.8a shows the 8 K Hall resistance (Rxy) of the LABO/STO 

heterostructures as a function of the thickness of LABO film layers (t = 10 unit-cells, 19 

nm, 48 nm), measured by applying external magnetic fields up to B = ±16 T. The low-

temperature Rxy data were fitted by using a two-band model due to the non-linearity of the 

hall resistance (Figure 5.8a) due to high- and low-mobility electrons. The derivative of 

Figure 5.8. a) Hall resistance Rxy of LABO (x = 10 %) at 8 K as function of thickness (t = 10 unit-cells, 19 

nm and 48 nm). Rxy is fitted by deconvoluting nonlinear ordinary Hall effect (NOHE) and non-hysteretic 

anomalous Hall effect (AHE). b) The deconvoluted AHE resistance (RAHE) of the samples shown as a 

Langevin function. C) Thickness dependent RAHE at 8 K. d,e) Temperature dependence of RAHE of the 10 unit-

cell and 48 nm samples. The experimental data is fitted to NOHE and AHE. f) Temperature dependence of 

RAHE for the two samples in (d) and (e). 



70                                                                  5 Magnetism in SrTiO3-based structures 

 

 

dRH/dB shows a clear increase in the low-field non-linearity of RH across the zero-field 

associated with the AHE102,108. The result shows a clear increase of RAHE with increasing 

thickness of magnetic LABO upper layer (see Figure 5.8c) and that the magnitude of the 

extracted AHE strongly depends on the temperature (Figure 5.8d-f). This indicates that, in 

the 2D-3D LABO/STO heterostructures, the observed magnetoelectric coupling effects 

stem from a magnetic proximity of the LABO film layer to the 2DEG at the LAO/STO 

interface. Therefore, the transport results affirm that the spontaneously formed 2D-3D 

LABO/STO heterostructure generates an emergent magnetoelectric coupling effect, which 

can be effectively tuned by the thickness of the nanocomposite overlayer. 

In conclusion, we demonstrate magnetism and electromagnetic coupling in a self-

assembled 2D-3D LABO/STO heterostructure, which can be evoked by the composition of 

two constituent oxide phases, LAO and LBO. Finding an appropriate composition of LBO 

is a key parameter for driving the spontaneous transition from 2D to 3D structure - in this 

work, the spontaneous structural transition happened at composition of x ≥ 8 %. The 

formation of atomically defined horizontal 2D-LAO/STO and vertical 3D-LAO/LBO 

interfaces leads to the coexistence of a 2DEG and tunable magnetic ordering. Hence, the 

self-assembled 2D-3D LABO/STO heterostructure generates an emergent magnetoelectric 

coupling effects, resulting in the appearance of AHE with a film thickness dependence. 

This work paves the way for designing oxide nanocomposite heterostructures via a self-

assembly approach with multifunctional coupled phenomena



 

6.CHAPTER 6 

The electronic structure of STO-based 

oxides 
 

This chapter deals with the relationship between band structure and the process parameters 

such as surface treatment, annealing, strain, or additional a buffer layer. The reviews in this 

chapter are based on the papers VI, VII, and IX found in the appendix of this thesis. 

 

6.1 Creation and control of low dimensional states at SrTiO3 

surface 

The octahedral crystal field in the cubic single crystal STO splits the Ti 3d orbitals to t2g 

and eg subbands, with degenerate t2g states at the Г point and the eg states lying at higher 

binding energies. The degeneracy and the lower dimensionality of the electronic bands can 

be lifted by structural relaxation and reconstructions at the STO surface201. Additionally, 

the band structure in bare STO can be modified by temperature change202–205 and surface 

termination134,206,207. ARPES studies on a nominally TiO2-terminated STO single 

crystal72,201,208,209 display the typical electronic structures of STO consisting of shallow 

dxz/dyz bands and deep dxy subbands – a fingerprint of most STO-based systems (see also 

chapter 1.2). Interestingly, a single band was observed in the epitaxial-grown SrO layer on 

TiO2-terminated STO206 and a recent study of SrO-capped STO systems exhibited the 

absence of electronic states near EF
210.  

This subchapter describes the experimental results of sputtering and annealing effect on the 

surface region of TiO2-terminated Nb doped STO investigated by ARPES. The STO were 

subjected to three different treatments as follows: 1) "as-received" substrate; 2) 5 minutes 

of Ar sputtering followed by annealing in ultra-high vacuum (UHV) at 700 °C for one hour; 

and 3) high-temperature annealing at 800 °C for 2 hours in UHV. We used ARPES to study 

the surface band structure and XPS to characterize the core levels of the sample at each 

stage. 

Figure 6.1 shows the electronic structure of the STO surface measured by ARPES in the 

three stages (#1, #2, and #3) described above (Figures 6.1a-c). The ARPES data was 

obtained using circular polarized (C+) light that allows both in-plane dxy and out-of-plane 

dxz/dyz orbitals at the STO surface to be probed. The electronic structures of STO in stages 

#1, #2, and #3 after 100 minutes of irradiation along the Γ-X crystal direction are shown in 

Figure 6.1a-c. The band characters of stages #1 to #3 are displayed by in-plane Fermi 

surface (FS) maps and kz maps (Figure 6.1j-l). For stages, #1 and #3 (Figure 6.1 j,l), the in-

plane FSs consist of one circular electron pocket and two intersecting ellipsoidal electron 

pockets centered at Г, which are typical for the STO(001) surface. The dyz and dxz bands 
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for stages #1 and #3 show a quasi-3D characteristic, while the dxy band shows a two-

dimensional (2D) character (Figure 6.1j,l). Stage #2 only shows a single circular electron 

pocket centered around Г with a 2D character, i.e., there is no dispersion in the kz direction 

(Figure 6.1k). 

Figure 6.2a,b shows XPS spectra of the STO sample in all three stages study the core levels 

of the sample of Sr 3d, Ti 3p, and Ti 2p with photon energies in the VUV (170eV; surface 

sensitive) and soft X-ray (750 eV; more bulk sensitive) ranges. The core levels of Ti are 

located at the peaks at EB~38 eV for the 3p (Figure 6.2a) and at EB~459 eV for the 2p 

(Figure 6.2b) for the Ti4+ ions, whereas the shoulder peaks at EB~35 eV and at EB~457 eV 

belong to the Ti3+ ions. The Ti3+ seems to increase in stage #3, which most likely happens 

due to the vacuum annealing at high temperatures. However, the Sr 3d core levels of the 

surface state show a significant intensity decrease after sputtering and annealing (#2) (see 

Figure 6.2c). The data from the soft X-rays (Figure 6.2b) suggests that decrease in the 

spectral weight of Sr is a surface effect. The VUV-XPS data shows that the spectral weight 

of Sr at the surface is significantly increased (Figure 6.2a). Also, the data shows that the 

multi-peak nature of the Sr 3d core in STO splits into a multipeak structure in stage #3, 

Figure 6.1. a-c) ARPES intensity cuts of as-received (stage #1), sputter-annealed (stage #2), and high 

temperature annealed (stage #3) STO wafers, respectively, after saturating the carrier density by irradiation 

(tf). d-f) k-resolved ARPES maps at EF of stages #1 to #3, respectively, as a function of VUV irradiation time. 

e) Intensity map, and (d,f) are horizontal 2nd derivative maps. g-i) ARPES intensity cuts of stages #1 to #3 

measured at a fresh spot and acquired within 2 minutes of VUV-irradiation (t0), respectively. Green, pink, 

cyan and yellow lines mark the kF of dxy, dxz, dxy in #2, and dyz bands, respectively. j-l) Fermi surface maps of 

the ГXY plane (upper) by in-plane mapping and the ГXZ plane (lower) by hv-dependent mapping of stage 

#1 to #3, respectively. Grey solid lines mark the BZ boundary and red dashed lines show the high-symmetry 

lines. Figure (a-i) and the upper panel of (j-l) are measured at 85 eV. All figures are measured with circular 

polarized (C+) light. 
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indicating that there is a chemically distinct Sr species after the surface rearrangement. 

Comparing the spectral weight of the XPS data provides a quantitative analysis of the 

changes between the different stages. Figure 6.2c show the normalized value of the 

different stages, i.e., comparison of surface and bulk. The ratio ISr/ITi of the bulk-like region 

(soft X-ray extracted) remains nearly unchanged (see pink dash line in Figure 6.2), while 

the surface region (VUV-extracted) increases by about 50% from stage #1 to stage #2 and 

decreases again to the starting value in stage #3 (blue dashed line in Figure 6.2). Thus 

indicating that annealing and sputtering result in an enrichment of Sr on the surface of the 

single STO terminated TiO2 crystal. 

To get an understanding of the band reconstruction, we used DFT to calculate the TiO2- 

and SrO- terminated STO to understand the two possible consequences of the surface 

termination (Figure 6.2d,e). We define ∆t2g as the energy difference (band splitting) 

between the lowest dxy and dxz/dyz states from the first TiO2 layer. This allows us to compare 

the ARPES data with the slab calculations. The calculations show that the value of ∆t2g is 

negligible for the TiO2-terminated slab, see Figure 6.2f. In contrast, the SrO-terminated 

slab shows that the dxy-band derived from the TiO2 layer below the surface terminated SrO 

shifts ∼150 meV downwards, thus generating a tetragonal symmetry splitting of the t2g 

bands, see Figure 6.2g. This split is much larger than the fitted data measured in figure 6.2i 

for stage #2, where the dashed band (black) represents the fitted data and the solid lines 

Figure 6.2. a,b) Core-level of Ti 3p and Sr 3d orbitals measured at hv = 170 eV at the initial carrier density 

of the three stages (t0). b) Core-level of Ti 2p and Sr 3d orbitals measured at 750 eV at the initial carrier 

densities of the three stages (t0). c) Calculated spectral weight ratio of Sr/Ti extracted from (a) and (b), and 

normalized to the ratio of the as-received STO wafer (#1). d-e) Relaxed 2 × 2 × 7 STO slabs of TiO2-

termination and SrO-termination, respectively. Red/orange ellipses and dark green/blue squares mark the 

superficial TiO2 layer and the bulk of two models, respectively. Green, blue, and red spheres represent the 

Sr, Ti, and O atoms, respectively. f,g), Calculated electronic band structures of TiO2- and SrO- terminated 

STO models as presented in (a) and (b), respectively. The red and orange curve in (f) and (g) highlights the 

dxy band from the first TiO2 layer. h,i) ARPES intensity cuts of as-received (#1) and sputter-annealed (#2) 

STO wafer at t0, plotted with calculated band structures in (f) and (g), respectively. The dashed black curves 

in (f) show the fitted dxy bands. 
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(red) are the calculated bands. A possible explanation is the large effective mass of the 

observed band at t0 caused by strong EPI, which we did not consider in these calculations. 

When EF is set according to the experimental value of kF (Figure 6.2h,i), only the surface 

dxy band crosses EF for stage #2, while the remaining bands are unoccupied, thus showing 

only a single-band state in stage #2 in agreement with the ARPES data in Figure 6.1b. This 

shows that the surface termination of STO has a clear effect on the surface electronic 

reconstruction. VO may still affect the system, causing a transfer from the 2D to 3D 

electronic state, as seen in other systems211 and as also indicated in stage #3 showing a 

quasi-3D state after heavy annealing at 800 oC for 2 hours. Annealing the sample typically 

induced VO, however, it was reported that the SrO-terminated surface completely prevents 

the formation of VO at the surface212. Nonetheless, our ARPES and DFT data validate that 

the Sr-enriched STO(001) surface is characterized by the intrinsic splitting of the t2g states 

and the surface state, causing a pure 2D electronic structure. 

In summary, employing systematic XPS measurements, we show that combining Ar 

sputtering and UHV annealing modifies the STO surface composition, transforming 

nominally TiO2-terminated to SrO-enriched surface. Utilizing ARPES with first principle 

DFT calculations shows that a Sr-enrichment on the surface of STO (001) by sputtering 

and annealing results in a surface where only the dxy state persists, yielding a pure 2D 

electronic state. 
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6.2 The electronic structure of a-LAO/LMO/STO 

For STO-based 2DEGs, the typical carrier mobility is around 1000 cm2 V–1 s–1 at low 

temperatures213,214, where the experiment in this section has been carried out at 12 K. 

Recent studies show that carrier mobility can be significantly enhanced by deliberate 

surface or interface engineering180,213,215–219 by introducing buffer layers, controlled surface 

preparation, alternative top- films (e.g., γ-Al2O3/STO), and Mn doping the LAO film. For 

example, by insertion of a single unit cell of epitaxial LMO at the interface between 

amorphous-LaAlO3 (a-LAO) and STO substrate (a-LAO/LMO/STO)217, the mobility 

exceeds 70,000 cm2 V−1 s−1 at 2 K. The electrons of the dxy orbitals, contributing to the 

most carrier concentration, are strongly confined near the surface/interface of STO, forming 

quasi-2D subbands (Figure 6.3a), known as the light band with low effective mass, while 

dxz/dyz orbitals construct heavy bands with large effective mass while their wave functions 

extend deep into the bulk STO, resulting in quasi-3D character201. It is believed that it is 

due to Mn3+ at the buffer layer which acts as an electron sink in the perovskite structure, by 

decreasing the carrier density of 2DEG on the STO side through interfacial charge 

transfer217. To understand the electronic band structure of this system, we have used SX-

ARPES to identify both the heterostructure without the buffer layer and the LMO-buffered 

a-LAO/STO systems. Soft X-rays are suitable for systems where the interfacial 2DEG 

locates at the interface underneath the capping layer, normally for capping layers which are 

thicker than 1.6 nm. Here, the photoelectrons have an escape depth sufficiently larger than 

a few Å to a few nm as described by the universal curve (see Figure 2.9), which is 

sufficiently large to probe buried interfaces193,220–224. 

We first identified the FS maps and band dispersions for a-LAO/STO heterointerfaces with 

and without the LMO buffer layer. Figure 6.4c,e shows a circular electron pocket located 

Figure 6.3. a) Schematic of quantum 

well states of the 2DEG in STO 

forming a wedgelike potential near the 

surface of STO. The bold black line 

indicates the conduction band profile. 

The cubic structure in (a) illustrates 

the unit cell of STO with 

corresponding dxy/dxz/dyz orbitals. b) 

3d Brillouin zone of STO. c,d) The 

typical FS (c) and electronic band 

structure (d) of a STO system. 

https://pubs.acs.org/doi/10.1021/acsnano.2c00609?fig=fig2&ref=pdf#fig1
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at the center of the Brillouin zone (BZ) and two other intersecting elliptical electron pockets 

aligned along the kx and ky directions (the ΓX direction in the BZ (Figure 6.3b)). A typical 

FS pattern of the STO-based 2DEG systems is measured in Figure 6.3c201. 

From Figure 6.4d,f we can identify the light dxy bands and heavy dyz bands near the second 

Γ-point for both the a-LAO/STO and a-LAO/LMO/STO samples, marked as parabola to 

guide the eye. The kF used to fit the parabolas is determined by the intensity peaks of the 

momentum distribution curve (MDC) at EF. In an alternative approach for systems with 

narrow bands such as this, where the energy resolution is low, kF is extracted using the 

extremes of MDC gradient (dI/dkx), which gives a higher accuracy225,226. Using this 

method, it is evident that there is a small decrease in the kF and carrier density of 𝑘F
xy/yz  

 

(Å-1) = 0.14/0.38 and 0.16/0.35 for a-LAO/STO and a-LAO/LMO STO, respectively, 

although these changes are relatively small compared to conventional crystalline LAO/STO 

with 𝑘F
xy/yz  

(Å-1) of 0.15/0.33. Nonetheless, these results are in good agreement with 

conventional STO-based systems, where the Ti t2g bands are reconstructed at the interface 

forming deep dxy subbands and shallow dxz/dyz bands, as shown in the illustration in Figure 

6.3d. This behavior of deep dxy subbands and shallow dxz/dyz bands comes from the 

confined quantum well states with the bent band profiles near the surface region (see Figure 

6.3a), which is typically estimated by the binding energies of Ti 2p orbitals.  

STO-based systems have shown a sensitivity toward exposure to X-ray beam 

irradiation201,208,223. For that reason, we have performed k-resolved intensity maps as a 

Figure 6.4. a) Schematic of the modulated delta doped a-LAO/LMO/STO system with the experimental 

geometry for the ARPES measurement illustrated. b) illustration of the resonant photoemission process in 

STO 2DEG systems. c,e) Fermi surface map with C+ polarization of a-LAO/STO (c) and a-LAO/LMO/STO 

(tLMO=1 uc) at the Fermi surface in kz = 0 plane. The black circle and red eclipse are a guide for the eye for 

the Fermi surface of dxy and dxz/dyz orbitals, respectively. 
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function of beam irradiation time at EF for both samples to examine this effect. The sample 

with the LMO buffer layer was only slightly affected by the irradiation time. This suggest 

that: 1) the introduction of the LMO spacer suppresses the formation of VO in the buffered 

sample; and 2) although the beam irradiation induces in-gap states in buffered samples, the 

photogenerated extra carriers are most likely transferred to the manganite buffer layer 

instead of 2DEG conduction layer. 

Finally, we found that the EPI is strongly suppressed in the system with the buffered LMO 

film. The EPI often results in the polaronic nature of the interfacial charge carriers that 

increase their effective mass218. The tail below the high-intensity (brown) region is 

associated with the EPI (the second BZ in Figure 6.4d,f). The intense spot near EF (brown 

spot at kx = 2 π/a in Figure 6.3d,f) is the quasiparticle (QP) (i.e., electron interactions in a 

many-body-system), and the intensity at higher binding energies below the QP reflect the 

EPI strength. Since the EPI suppresses the carrier mobility due to scattering, this is an 

important feature. Performing energy distribution curve (see Article VI) shows that the 

relative distance between the QP to the peaks (humps) at lower binding energies increases 

from 33% in a-LAO/STO to 46% in a-LAO/LMO/STO. As the EPI strength is related to 

the QP residual weight221, the increase in the residual weight suggests a decrease in the EPI 

strength. 

In summary, SX-ARPES, were used to analyze the electronic structure of the a-

LAO/LMO/STO. We found that a nontrivial feature of weakened EPI strength was 

associated with a decrease in the formation of VO. The combination of (1) an unexpected 

irradiation-robust band structure, and (2) a significantly reduced EPI strength on the STO 

side, which is absent in the nonbuffered interface193,220 could account for the extreme 

mobility of the buffered oxide heterostructures. These combined effects of a reduction of 

the carrier density, the suppression of defect concentration of VO, as well as the decrease 

in the EPI strength on the STO side, could account for the high mobility of the buffered 

oxide heterostructures.  
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6.3 The electronic structure of ion diffusion in TiO2/SrTiO3  

In this work, we studied the electronic structure of anatase-TiO2 deposited on single crystal 

STO doped Nb (a-TO/STO:Nb) heterostructure. Utilizing ARPES, we observed a band 

modulation in the a-TO/STO induced by vacuum annealing. Through high-temperature 

annealing process, Sr ions from the STO underwent a thermal diffusion, migrating to the 

upper a-TiO2 film, thus resulting in the TiO2 resembling the STO band structure that 

consists of deep dxy and shallow dxz/dyz bands. To study this, we grew 5 nm Anatase TiO2 

films on a 0.5 Nb doped STO (001) substrate. The samples were studied in three stages: 1) 

as-grown sample; 2) vacuum annealing at 700 °C for 1 hour to remove contaminations from 

the sample after exposure to air; and 3) vacuum annealing at 800 °C for 1 hour.  

The electronic structure and FS of the a-TO/STO sample are shown in Figure 6.5a-h. We 

note that the 2nd BZ  (at kx = 2 𝜋/a) seen in Figure 6.5a-c,e,g is much stronger than the first 

BZ but take advantage of both as they show light different features e.g., the circular dxy 

electron pocked is clearer in #3 in the first BZ compared to the second zone. Nonetheless, 

the BZ zones are inherently not different around the Γ-point due to the periodicity of the 

Bloch waves in the crystal. The electronic structure of the as-grown (#1, see Figure 6.5a) 

and low-temperature annealed (#2, see Figure 6.5b) sample show only one occupied band 

(dxy). The difference in the electronic structure between stages #1 and #2 is the increased 

data quality of stage #2, owing to the annealing process cleaning the surface of the film. 

Annealing the sample for an additional 1 hour at 800 oC (#3, see Figure 6.5c), showed that 

the band bottom of dxy extended to higher binding energies at ∼0.3 eV, and an additional 

two shallow dxz/dxz bands emerged at the EF. The electronic structure in stage #3 (Figure 

6.5c) remarkably resembles the electronic structure of pure STO. 

Considering the FS of stage #2 (and #1), the in-plane image shows only one circular 

electron pocket centered at the Γ-point shown in Figure 6.5d as well as dispersion along kz 

(Figure.6.5e), consistent with the FS of TiO2 films in former studies201,227 (Figure.6.5h). In 

contrast, the FS in stage #3 after annealing reveals the formation of only one circular and 

two intercepting elliptical electron pockets centered a the Γ-point (Figure 6.5f), which 

belongs to the deep dxy and shallow dxz/dyz bands, see Figure 6.5c. The circular band 

additionally shows a linear dispersion along kz, while the shallow elliptical bands show 3D 

features in the kz direction centered at the Γ-points (Figure 6.5e,g). These FS features in 

stage #3 and band dispersion along Γ-X are very similar to the electronic band structure of 

STO surface201,204. This finding implies that annealing the a-TO/STO at sufficiently high 

temperatures can cause a phase transition from a-TiO2 band structure to a similar band 

structure of STO. The core level spectra of Ti 2p and Sr 3d from XPS measurements for 

the three samples’ stages are displayed in Figure 6.6a,b. The core level intensity curves are 

normalized to the background for better comparison. Although we see a small Sr 3d signal 

marked by the blue arrow in Figure 6.6a in stages #1 (red line) and #2 (blue line), they are 

probably due to the Sr migration during the fabrication process. The intensity of Ti 2p 

orbitals in stage #2 increases rapidly after low-temperature annealing (Figure 6.6a), likely 

to be due to surface cleaning improving the ARPES spectra signal, and also enhancing the 

intensity of the Ti3+ shoulder peak (EB∼-454 eV) associated with VO (Figure 6.6a). After 
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high-temperature annealing, the intensity of Ti 2p orbitals in stage #2 decreases, while the 

Sr 3d orbital intensity increases significantly (Figure 6.6a). This suggests that a large 

amount of Sr diffuses into the TiO2 layer, resulting in an elemental ratio similar to that of 

the STO substrate. To demonstrate this more clearly, we show the spectral weight ratio of 

Sr 3d and Ti 2p in all three stages (Figure 6.6b), where ISr/ITi = 1 refers to an ordinary STO 

substrate. The as-grown non-annealed and low-temperature annealed stages have an ISr/ITi 

-ratio of 0.14, thus showing that there is only a limited amount of Sr in the a-TiO2 film due 

to the reasons mentioned above. In contrast, high-temperature annealing increased the ratio 

to ∼0.7, i.e., the TiO2 film approaches an Sr-poor STO film on the surface, presumably 

caused by Sr diffusion from the substrate to the thin film during the high-temperature 

annealing. 

In conclusion, the as-grown a-TO/STO has a deep dxy band. The low-temperature annealed 

a-TO/STO has a single circular dxy electron pocket and 3D features in the kz direction. High-

temperature annealing causes the sample surface to resemble the STO surface band 

structure, while the core spectra of Ti 2p and Sr 3d show that the ISr/ITi ratio approaches 

that of a perfect STO crystal. 

 

 

 

 

Figure 6.5. a-c) ARPES intensity cuts of as-received (stage #1), low-temperature annealing (stage #2), high 

temperature annealed (stage #3) of the a-TO/STO sample, respectively. d-g) Fermi surface maps of the ГXY 

plane (upper) by in-plane mapping and the ГXZ plane (lower) by hv-dependent mapping of stage #2 (d, e) 

and #3 (f, g). h,i) The electron pocket in the BZ of stage #1 and #2 (h) and stage #3 (i). 
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Figure 6.6. a) Core-level of Ti 2p 

and Sr 3d orbitals normalized to 

the background for all three stages 

measured at 750 eV. b) ISr/ITi ratio 

of the spectral weight with grey 

dashed line representing the Sr/Ti 

ratio of a perfect STO crystal. 
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6.4 Electronic response to strain in SrTiO3 (001) 

A wide range of external stimuli are widely used to affect the properties of STO-based 

structures87. The relatively large splitting between the light dxy and heavy dxz/dyz 

bands201,204 suggest that deviations from the cubic (or slightly tetragonal when at low 

temperatures) structure might occur at the surface region. It has already been shown that an 

La-doped STO film under uniaxial stress37 can enhance electron mobility by a remarkable 

300 %, indicating that strain could be an effective way to tune the properties.  

We prepared two samples of 2 wt. % Nb-doped STO(001), one that had not been annealed 

(called N-A) and one that had been annealed (called A-STO) at 500 oC for 1 hour in oxygen-

rich conditions to avoid formation of VO. To investigate the effect of strain, we used a 

homemade bending device that works by a screw pushing a cylindrical part of the bender 

that subsequently induces strain on the substrate, as shown schematically in Figure 6.7(a-

b). The cylinder displacement and thus the strain is controlled by turning a screw with a 

conical tip, which serves as a wedge37. To calibrate the strain profile of the STO slab, we 

measured the height profile change as a function strain using Cyberscan Vantage optical 

profilometer on a 500 μm thick 5x10 mm2 STO slab. The resulting data, as shown in Figure 

6.7c, fits to parabolas of the form 𝑦 = 𝑎𝑥2 + 𝑏𝑥 + 𝑐, where 𝐶 = 2𝑎 is the maximum 

curvature i.e., the maximum achievable strain. The profilometry data shows that the STO 

wafer bends around its shorter symmetry axes. We estimated the strain by multiplying the 

curvature (C) by half the thickness of the wafer 𝑆 = 𝐶 ⋅ 𝑡/237. The maximum strain as a 

function of the maximum height is displayed in Figure 6.7d, for all the strained orientations. 

To investigate the strain with respect to the orientation, we performed finite element 

simulations utilizing COMSOL Multiphysics (Figure 6.7e-g). This showed that the bent 

STO substrate in the in-plane long direction between the clamped regions is expanded in 

the x-direction (Figure 6.7e). To compensate for the expansion in the x-direction, the out-

of-plane axis (z-direction in the figure) experiences compressive strain (to ensure constant 

volume). In contrast, the short side of the sample, which is the in-plane axis (y in the figure), 

is only negligibly affected compared to the two other orientations. The same bender was 

specially designed and modified to serve as a sample holder for the ARPES measurements 

(Figure 6.7b). The ARPES spectrum which is collected at 20 K showed no states at the 

Fermi level during the initial exposure, but new states developed throughout the 

measurements as a function of time, developing parabolic dispersion when the intensity 

was saturated. The ARPES data obtained with hv = 85 eV C+ polarized light is shown in 

Figure 6.8, and were all obtained at the saturated state. The panels (a-f) display the data for 

the non-annealed sample, while the panels (g-l) show the band structure for the annealed 

sample. Panels (b, e, h, k) and (c, f, I, l) display the dispersion map without and with an 

applied force, respectively. The maximum strain before the sample broke was roughly 

estimated to 0.1%. Since the strain originated from the displacement, and the displacement 

was tuned by turning the screw, we cannot know the exact displacement without measuring 

it with the profilometer, thus the estimate comes from how much we turned the screw. The 

photon energy and polarization were chosen carefully such that it is possible to measure 

the band structure corresponding to the Γ-point, while the C+ polarization allows us to 

capture contribution from all the manifold t2g orbitals201. We note that the intensity varies 

across BZ, arising from matrix element effects, i.e., modulations of the spectral intensity 

https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
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caused by the dependence of the ARPES data on photon energy and experimental 

geometry201,204,208. In particular, the bottom of the d𝑦𝑧 band and the outer d𝑥𝑦 band are easily 

seen around the first Γ-point at the first BZ, while the bottom of the d𝑥𝑦/d𝑥𝑧 bands are very 

clear around the second Γ-point201. Thus, the measurements were performed around both 

the first and second Γ-points. The respective band dispersion maps in Figure 6.8 were 

obtained along Γ-X at k𝑦 = 0, represented by the horizontal line in the FS maps in Figure 

6.8a,d,g,j. The dxy/dxz/dyz bands remain degenerate for the non-annealed sample, 

resembling the bulk conducting the band. However, for the annealed sample the dxy bands 

shift downwards ∼ 180 eV to lower binding energies. The band structure of the non-

annealed and annealed samples indicates that the adsorbents passivate the surface and 

prevent the formation of the 2DEG, whereas it can be fully developed at a clean surface. 

Careful analysis of the Fermi wave vector kF and of the splitting value between dxy and dyz 

bands can only confirm that no change in the conduction band is observed within the 

experimental resolution (around 10 meV) for either the non-annealed or the annealed 

Figure 6.7. a) Schematic of the strain device. A cendred ball pushed upwards in the middle of the sample 

clamped at the sides forcing the sample to bend. b) Cross section drawing of the strain device showing that 

by turning a screw forces the ball upwards. c) Profiliometer measurements of a strained slap (blue dots) to a 

parabola 𝑦 =  𝑎𝑥2 + 𝑏𝑥 + 𝑐 (red solid line) with the maximum height being 𝐶 =  2𝑎. d) Displacement 

converted to strain for x, y, and z  orientations following 𝑆 = 𝐶 ∗ 𝑡/2. e-g) x, y, and z strain obtained utilizing 

finite element method on a 500 µm STO slap with fixed edges. The center of the slap has a displacement of 

30 μm. 

https://avs.scitation.org/doi/10.1116/6.0001480
https://avs.scitation.org/doi/10.1116/6.0001480
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samples upon bending. This finding also suggests that a strain of 0.1 % is too small to 

clearly distinguish the conducting band of STO. That said, from the valence band spectra, 

we observed a shift in the spectral weight of the in-gab state redistributing from -5 to -7 eV 

at only 0.1% strain for the annealed sample, while the non-annealed did not show such a 

change. This may arise from the fact that the in-gab states have earlier been associated with 

point defects in the crystal228–231 which may give rise to localized electronic states or induce 

the formation of small polarons, quasiparticles arising due to strong, short-range EPI, which 

show a typical binding energy of 1 eV232–235. The fact that we do not observe a change in 

the dxy band with strain in the ARPES data is also confirmed with our DFT calculations 

(see Article VII) where we calculated a sample with 0.2% along the x-direction and −0.1% 

along the z-direction, which shows a slightly increased Δt2g of 7 meV that may not be 

possible to detect within the experimental resolution, and therefore DFT shows shift in the 

dxy that we cannot detect with the experimental setup. 

In conclusion, by combining the experimental external strainer in combination with ARPES 

supported by DFT calculations, we have examined the consequences of applied strain on 

the electronic structure of the STO(001) surface on both the as-received non-annealed and 

annealed STO surfaces. We were able to apply 0.1 % strain before the sample cracked; 

however, this level of in-plane tensile strain shows no influence on the electronic structure 

of the low-dimensional states, but is enough to sensibly alter the in-gap states. We utilized 

DFT to compare the splitting energy showing that our ARPES measurements are consistent 

with DFT calculations, however, to see a large change in the band structure, it requires 

heteroepitaxial growth to apply significant strain in the order of 2-3 %. 

 

  

Figure 6.8. APRES data of nonannealed STO (001) (STO N-A) (a-f) and annealed STO (001) (STO A) 

(g-l), collected around the first and second Γ-point along the Γ-X direction. a,d,g,j) The FS of N-A sample 

(a,d), and A sample (g,j). The corresponding conducting bands are collected along the red line in the FS 

map for both no strained, N-A sample (b) and (e), and A sample (h) and (k). The same maps for strained 

N-A (c) and (f) and A samples (i) and (l). 
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7 CHAPTER 7 

Conclusions & outlook 
 

 

The conducting interface between the insulating oxides LaAlO3 (LAO) and SrTiO3 (STO) 

displays numerous physical phenomena that can be tuned by fabrication parameters, post-

treatment, and external stimuli. Here, I report some of the main results which show how the 

interfacial magnetism and conductivity in SrTiO3-based heterostructures are influenced by 

fabrication methods, strain, and oxygen vacancy doping. 

Oxide-based freestanding membranes have the potential to become the preferred candidates 

for next-generation oxide materials coupling the high selectivity to the high functionality of 

these materials. Here, we provide a new way to assemble both similar and dissimilar 

freestanding oxide membranes via artificial stacking and twisting and demonstrate that these 

stacks are indeed heterostructures with atomic bonds formed at the interfaces. Additionally, I 

have shown that LAO/STO membranes formed by spalling exhibit properties which are 

comparable to their counterpart LAO/STO thin film, i.e., the existence of a superconducting 

phase persists in these membranes. 

We further demonstrated that the magnetic properties of engineered STO thin films can be 

effectively tuned by PLD film growth parameters (interdependent parameters of laser fluence 

and PO2) by controlling the concentration of cation vacancies, anion vacancies, and their 

complex defects. We have also demonstrated a self-assembly of combined 2D and 3D 

nanocomposite heterostructure, which can be evoked by the composition of two constituent 

oxide phases. To obtain this structural transition, it was essential to control the ratio between 

two distinct crystal components, LAO and LBO. The formation of atomically defined 

horizontal 2D-LAO/STO and vertical 3D-LAO/LBO interfaces in this system leads to the 

coexistence of a 2DEG and a tunable magnetic ordering. 

Understanding the electronic band structure of STO-based heterostructure is crucial for 

understanding the transport properties of the material. We have used ARPES to understand the 

electron mobility enhancement on the a-LAO/LMO/STO with a single unit-cell of LMO 

between a-LAO/STO. The ARPES results reveal a nontrivial feature of weakened EPI strength 

concomitant with decreased formation of oxygen vacancies. The combination of these effects 

could explain the mobility enhancement. By using a custom-made device to bend and, 

consequently, generate a strain we have tested STO-based materials with ARPES. We have 

shown that the in-gap states are tunable with strain, while band structure modifications require 

heteroepitaxial growth. This provides a practical guidepost for engineering the properties of 

STO under the application of strain. 

Possible future work: The ability to detach the STO membrane from its epitaxial host substrate 

and strain it opens opportunities for further work. This could be used in conjunction with strain 

which showed an enhance the mobility with increasing strain, but this time one can apply much 
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larger strain values. Utilizing the LAO/STO spalled membranes can also potentially be used as 

a platform for Josephson junctions. By changing the contacting metal (Ti/Au), e.g., to Al which 

has a higher superconducting transition temperature than LAO/STO and can potentially show 

novel physics not seen in LAO/STO. Another interesting experiment is investigating the strain 

energy in spalled membranes, and exploring whether it is possible to achieve larger (or smaller) 

membranes by changing the top film to a smaller lattice mismatch (or larger) with STO. 

 

 

 

 

 



 

8 APPENDIX A 

SrTiO3 TiO2 treatment protocol 
 

A.1 Aqua regia TiO2 treatment 

 

Chemical treatment 

1. Preheat water in an ultrasonic bath to 70 ◦C (7/8 filled). 

2. Immerse substrate in EtOH and sonicate for 5 min. at RT followed by drying and 

defect/dirt inspection. 

3. Repeat step 2 with acetone. 

4. Immerse substrate in milli-Q water (or de-ionized water) and sonicate for 20 min. at 

70 ◦C followed by drying and defect/dirt inspection. 

5. Prepare an 3:1:16 HCl(37%) : HNO3(66%) : H2O(milli − Q) acid solution (e.g. 

9mL:3mL:48mL for a total of 60mL) by adding HCl slowly to HNO3 (and not vice 

versa). Let it be for 5 min. See below for info about the aqua regia acid solution*. 

Immerse substrate in acid solution and ultrasonicate for 20 min at 70 ◦C and transfer 

directly to water (step 6). Clean alumina oven boxes with the acid solution. 

6. Immerse substrate in milli-Q water (or de-ionized water) and sonicate for 30 s. at RT 

followed by drying and defect/dirt inspection. 

 

Annealing in tube furnace 

1. Place tube in furnace with ≈13 cm of each tube-end outside the furnace. Check the 

thermocouple with corresponding plug in the rear end reaches 50 cm into the tube. 

2. Place substrate in alumina boxes and insert the box close to thermocouple in the center 

of the furnace. Set the flowrate of oxygen through the tube to ≈10 (arbitrary units) 

with 5-10 bubbles per second in the bubble-bottle (with 500 ml water). 

3. Bake substrate by ramping 100 oC/h to 1000 ◦C in tube furnace and hold for 1 h 

then ramp to 25 ◦C at 100 oC/h. 

 
* Information about aqua regia: 

- HNO3 (aq) + 3HCl (aq) NOCl (g) + 2H2O (l) + Cl2 (g), which is usually used for 
dissolving noble metals. 

- Always make it fresh as it decomposes into 3 toxic gases, which makes it less effective: 
2NOCl (g) 2NO (g) + Cl2 (g) ; 2NO (g) + O2 (g) 2NO2(g) 

- Do not use a closed container (due to the gas production) and keep away even small 
amounts of organic material as it might cause explosion 
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A.2 Buffered HF TiO2 treatment 

 

Personal protective equipment: Acid apron, acid shoes, BHF gloves, face mask 

Equipment needed: Glass beakers, 3 Teflon beakers, Teflon tray, Teflon dipper/Tweezer, N2 

gun, ultrasonicated. 

 

Chemical Treatment 

Cleaning:  

1. Immerse the substrates in acetone and sonicate for 3 minutes at RT.  

2. Without dying, Immerse the substrates in IPA and sonicate for 3 minutes at RT 

followed by drying and defect/dirt inspection. 

Sr(OH)2 formation: 

3. Immerse substrate in milli-Q water (or de-ionized water) and sonicate for 2 min at RT 

followed by drying and defect/dirt inspection. 

BHF Etching: 

4. Prepare the etch by pouring BHF in the smallest Teflon beaker such that it will cover 

the samples and milli-Q water (or de-ionized water in the two larger beakers. Fill the 

larger beakers with 6/8 water to assure a large dilution of BHF. Place the Teflon tray 

underneath the Teflon beakers.  

5. Immerse the substrates in BHF utilizing the Teflon dipper for 1:30 minutes. Transfer 

the substrates to the middle-sized Teflon beaker for 5 seconds to stop the etch followed 

by transferring the substrates to the largest beaker Teflon for 20 seconds. 

Cleaning afterward: 

6. Immerse the substrates in acetone and sonicate for 3 minutes at RT.  

7. Without drying, Immerse the substrates in IPA and sonicate for 3 minutes at RT 

followed by drying and defect/dirt inspection. 

 

Annealing in a tube furnace 

1. Place the tube in a furnace with ≈13 cm of each tube end outside the furnace. Check 

the thermocouple with the corresponding plug in the rear end reaches 50 cm into the 

tube. 

2. Place the substrate in alumina boxes and insert the box close to the thermocouple in 

the center of the furnace. Set the flow rate of oxygen through the tube to ≈10 (arbitrary 

units) with 5-10 bubbles per second in the bubble bottle (with 500 ml water). 

3. Bake the substrate by ramping 100 °C/h to 1000 °C in the tube furnace and hold for 1 

h then ramp to 25 °C at 100 °C/h.
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1. Introduction

In December of 1959 Richard Feynman
proposed in his famous lecture “There’s
Plenty of Room at the Bottom” that lay-
ered heterostructures could host prop-
erties and phenomena not present in
the constituent materials alone.[1] Nearly
63 years later this statement is still
relevant. After decades of progress in
the field, conventional 2D materials—
such as graphene and transition-metal
dichalcogenides—as well as advanced
methods for the synthesis of these ma-
terials into layered structures have been
widely investigated.[2,3] Despite the large
number of oxides that occur in 2D layered
crystal structures, ultrathin freestanding
oxides were only recently identified as
one of the future directions in ceramics
by a recent National Science Foundation
workshop.[4] Here, we review the recent
progress in the fabrication, transfer, and
fundamental physical properties of free-
standing oxide perovskite thin films.

Transition metal oxides thin films constitute an exciting class
of electronic and ionic materials with a plethora of function-
alities, including superconductivity, ferro-, pyro-, and piezo-
electricity, ferromagnetism, andmultiferroicity.[5–7] This richness
arises from a strong interaction between the charge, orbital, spin,
and structural properties, which enables the realization of func-
tional devices with functionalities beyond those possible with
standard semiconductors. Perovskites represent one of the most
important crystal structures among transition metal oxides.
This crystal structure has the general formula ABO3 and

includes an octahedron of oxygen ions surrounding each B-site
cation. Materials with the perovskite structure may have a highly
symmetric cubic lattice, which when distorted can induce tilting
and rotation of the oxygen octahedra. The tilted and rotated oc-
tahedra may in turn dictate the dielectric, magnetic, optical, and
catalytic properties of the perovskites. The properties of oxides
in general, and of perovskites in particular, are closely coupled to
their lattice. Breaking the lattice symmetry can therefore result
in prominent changes in the material’s properties. This is par-
ticularly the case when two oxides form a heterointerface, where
completely different electronic and ionic properties emerge at
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Figure 1. Fabrication of single-crystal free-stranding thin films, a) wet etching of sacrificial layers: 1) Deposition of the sacrificial layer and the target thin
films, 2) application of a polymer on the film for easing the transfer process, 3) dissolution of the sacrificial layer with a liquid etchant, and 4) transfer
of the layer onto another substrate. b) Mechanical exfoliation method: 1) Deposition of target thin film onto a 2D material, 2) cleavage of the deposited
layer and 3) transfer onto another substrate. c) Self-formed freestanding thin films through spalling: 1) deposition the film (e.g., LaAlO3) onto a substrate
(e.g., SrTiO3), and 2) forming fragmented flakes above a critical thickness.

the interface. Traditionally, these complex oxide thin-films and
interfaces are grown epitaxially with a well-regulated growth
scheme and atomic-level control over the material interfaces and
substrate surfaces. However, these methods have fundamental
limitations that prevent an unrestricted manipulation, integra-
tion, and utilization of these materials owing to the fact that:

1) Heteroepitaxy only works for a limited set of material systems
with similar crystal structures, lattice orientations, and lattice
parameters.

2) Epitaxial films are clamped by the substrate with the proper-
ties of the ultrathin films often affected by substrate interac-
tions

3) During the high-temperature growth of epitaxial films, it is in-
evitable to have a mixture of the two layers leading to cationic
interdiffusion,[8] which prevents the study of truly sharp in-
terphases.

4) Epitaxial growth typically requires elevated temperatures, of-
ten preventing the integration of materials which are stable in
different environments or which are thermodynamically un-
stable when in contact with each other.

Recently, new methods have been developed, bridging the
realms of epitaxial complex oxides and low-dimensional van der
Waals (vdW) materials systems. By replicating concepts previ-
ously developed in semiconductor technology,[9,10] the realiza-
tion of freestanding perovskite films was demonstrated. Through
controllable weakening of epitaxial crystals and epitaxial water-
soluble sacrificial crystal layers, it is now possible to detach ultra-
thin complex oxide crystals (i.e., typically 50–100nm but in prin-
ciple can be of any thickness above one unit cell[11]) from their
substrate to realize freestanding thin films. Different strategies
for fabricating freestanding layers have been demonstrated as il-
lustrated in Figure 1: 1) Freestanding thin films using wet etch-
ing of sacrificial layers;[12,13] 2) Mechanical exfoliation method of

epitaxial oxide crystals;[14] and 3) Self-formed freestanding thin
films through spalling.[15,16] Recently, heterostructures have also
been fabricated by stacking membranes directly.[14] These re-
sults demonstrate an exciting general approach for producing
freestanding thin films and multilayers. The membranes can
be made of functional perovskite oxides and transferred directly
onto any substrate, thus bypassing the limitations of conven-
tional epitaxy.[17] Moreover, freestanding thin films have been
shown to display different functionalities when released from
their substrate, thus presenting a new playground for investi-
gating fundamental properties into large regimes of strain and
strain gradients. This broadly defined field is rapidly developing
and this review paper is aimed at describing the current state of
the art of freestanding perovskites oxide: their synthesis, fabrica-
tion, transfer, and functional properties. Finally, the review will
also provide an outlook on the current state.

2. Fabrication of Single-Crystal Freestanding Thin
Films

In this section, the most common methods for fabricating free-
standing perovskite membranes are reviewed. We will focus on
themethods that allow achieving of high-quality single-crystal ox-
ide thin films: wet etching of sacrificial layers, mechanical exfoli-
ation of epitaxial oxide crystals, and self-formed freestanding thin
films through spalling.

2.1. Wet Etching of Sacrificial Layers

Wet etching release/epitaxial lift-off is emerging as one of the
most reliable method for obtaining high-quality single-crystal
of freestanding perovskite oxides.[12,18] In this method, the per-
ovskite oxide of interest is grown on top of a sacrificial layer which
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Figure 2. Sacrificial materials compatible with perovskite oxides. a) Pseudo-cubic in-plane lattice parameters of sacrificial materials with the represen-
tative perovskite oxide (SrTiO3 indicated by a black dashed arrow). Each etchant is written in red inside parenthesis. The blue arrow represents the
family of (Ca,Sr,Ba)3Al2O6, and the brown arrow does perovskite oxide or layered perovskite oxide. The grey arrow indicates metal oxide with a rock salt
structure. b) Schematic of crystal structures for SrTiO3, Sr3Al2O6, and BaO projected onto the (001)pc plane. Note that SrTiO3, Sr3Al2O6, and BaO are

displayed as 1 × 1, 4 × 4, and 2
√
2 × 2

√
2 unit cells, respectively.

is then dissolved by selective etching, releasing the freestanding
membrane (Figure 1a). An ideal sacrificial layer should thus: 1)
present a facile epitaxial growth on perovskite oxide substrates
with custom orientation, 2) allow a coherent epitaxial growth of
perovskite oxide films, and 3) present a high selectivity toward
the liquid etchant. In the following, the main sacrificial layers
proposed in the literature and the main transfer methods are re-
viewed.

2.1.1. (Ca,Sr,Ba)3Al2O6

The family (Ca,Sr,Ba)3Al2O6 has been largely used as sacrificial
layer for growing perovskite oxides due to a facile dissolution in
water and to a good structural and chemical compatibility with
perovskite oxides.[12,19–23] For example, Sr3Al2O6 (SAO) possesses
a cubic unit cell (space group Pa3) with lattice constant equal to
15.844 Å, consisting of Sr ions andAlO4 tetrahedra.

[24] This struc-
ture resembles quite well four unit cells of many perovskite ox-
ides (aSAO/4 = 3.961 Å) and the epitaxial growth is allowed by
a 75% match of the oxygen sublattice of the two structures, see

Figure 2b. For this reason, SAO was extensively used as sacrifi-
cial layer for the growth of a variety of epitaxial perovskite thin
films, as listed in Table 1. Using pulsed laser deposition (PLD)
or molecular beam epitaxy (MBE), perovskite oxide membranes
were grown on SAO in a layer-by-layer mode, attested by clear re-
flection high energy electron diffraction oscillations.[12,25] Struc-
tural characterizations of ultrathin membranes revealed that the
crystallinity of the layers remains close to the seed films down
to few unit cells.[11,26] It is worth noticing that the epitaxial re-
lation between SAO sacrificial layers and other perovskite ox-
ides is not limited to the (001) orientation, but also extends
to other crystallographic orientations. As an example, single-
crystal (110)- and (111)-oriented membranes of SrRuO3 (SRO)
and La0.67Sr0.33MnO3 were successfully grown on SAO sacrificial
layer and transferred onto arbitrary substrates.[27,28]

Interestingly, by controlling the ratio between Ca, Sr, and Ba
the reduced lattice parameter of (Ca,Sr,Ba)3Al2O6 can be contin-
uously tuned from 3.819 Å (100% Ca) to 4.124 Å (100% Ba) (Fig-
ure 2a).[57,56] For example, Ca2SrAl2O6 was used as a seed sacri-
ficial layer for La0.7Ca0.3MnO3 growth due to the nearly perfect
lattice match (<0.1%).[55] The minimization lattice mismatches
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Table 1. (Ca,Sr,Ba)3Al2O6 as sacrificial layers in literature.

Sacrificial layer

Material Synthesis
method

Synthesis condition Target material Substrate Transfer method Etchant,
temperature,

time

Comments

Sr3Al2O6 PLD T
PO2

or
PAr
E

670–900 °C
1.0 × 10−6 -
∼0.27 mbar

∼6.7 × 10−6 mbar
0.8–2.0 J·cm−2

SrTiO3
[12,19–23]

LaxSr1−xMnO3
[19,28,58]

BaTiO3
[59–63]

BiFeO3
[64,65]

SrRuO3
[27,60]

LaNiO3
[66]

BiMnO3
[67]

Sr2IrO4
[68]

Fe3O4
[69,70]

CeO2
[71]

La0.7Ca0.3MnO3
[72]

[(La0.7Sr0.3MnO3)5/(SrTiO3)5]n
[12,19,35]

BaTiO3/La0.7Sr0.3MnO3
[73]

BaTiO3/La0.7Sr0.3MnO3/BaTiO3
[13]

LaAlO3/YBa2Cu3O7−x/LaAlO3
[74]

La0.7Sr0.3MnO3/BiFeO3
[75]

BiFeO3/La0.67Sr0.33MnO3
[76]

BaTiO3-CoFe2O4
[77]

SrTiO3

(001)
SrTiO3

(110)
SrTiO3

(111)

PDMS
PMMA

PPC/PMMA
PET/PMMA
PPC/PDMS
PET/PDMS

PET/ PEDOT:PSS
PI tape
PET
epoxy

Photoresist

Water
RT
5 m

(∼90 nm)
1 h

(∼50 nm)
1 d

(∼9 nm)

(Ca,Sr,Ba)3Al2O6

Tunable lattice
parameter

MBE T
PO2

750–950 °C
1.29 × 10−11 –

1.33 × 10−6 mbar

SrTiO3
[11,78]

BiFeO3
[79]

PbTiO3
[25]

SrTiO3

(001)
PI tape

PEN/epoxy

Sr2CaAl2O6 PLD T
PAr
E

710 °C
∼5.3 × 10−6 mbar

1.35 J·cm−2

SrTiO3
[32]

n-SrTiO3/n-PbTiO3/n-SrTiO3
[33]

[(PbTiO3)16/(SrTiO3)16]8
[33]

PPC
PMMA

Water
RT
-

Sr1.5Ca1.5Al2O6 PLD T
PO2
E

700 °C
2 × 10−3 mbar
2.0 J·cm−2

SrRuO3
[34] PDMS Water

RT
12 h

SrCa2Al2O6 PLD T
PO2
E

700 °C
∼6.7 × 10−6 mbar

1.25 J·cm−2

La0.7Ca0.3MnO3
[31] PPC/PMMA Water

RT
-

Ba3Al2O6 PLD T
PO2
E

PO2

850 °C
∼1.3 × 10−7 mbar

1.5 J·cm−2

∼ 0.08 mbar

La:BaSnO3
[30] PPC/PDMS Water

RT
5–10 m

The synthesis method of each sacrificial thin film is shown along with synthesis conditions, substrates, and etching conditions; In the table, T, PO2 , PAr, and E indicate the
synthesis temperature, pressure of oxygen gas, pressure of argon gas, and laser energy density, respectively; The list of perovskite oxide membranes obtained, the substrate,
and the transfer method are also shown; In the column of etching condition, water and RT represent deionized water and room temperature; d, h, and m denote days, hours,
and minutes, respectively.

can largely improve the quality of the released membranes by
hindering the formation of cracks,[55] which has motivated the
exploration of sacrificial layers such as Ca2SrAl2O6 (3.852 Å),
Ca1.5Sr1.5Al2O6 (3.882 Å), Sr2CaAl2O6 (3.907 Å), and Ba3Al2O6
(4.124 Å).[56,55,52–54] However, small Ca ions can make more dis-
torted geometries leading to less structural compatibility with
perovskites and reduced water solubility.[57]

Table 1 presents a list of references where
(Ca,Sr,Ba)3Al2O6 was used as sacrificial layer for obtaining
oxide membranes, along with the synthesis method and the
main synthesis conditions used in literature. It is interesting
to note that in order to achieve a good crystal quality, SAO
sacrificial layers are usually grown at high temperatures (700–
900 °C) and low oxygen partial pressure (10−6–10−5 mbar).
Nevertheless, it was observed that, at these temperatures,

cationic interdiffusion between the sacrificial and the functional
layer can occur, especially along misfit dislocations or vertically
extended defects.[44] As a matter of example, cationic intermix-
ing between SAO and La0.7Sr0.3MnO3 thin films at 900 °C may
cause a phase transformation of the sacrificial layer, making
it water-insoluble.[19] Interestingly, Baek et al. showed that the
inclusion of a few-unit-cells of SrTiO3 (STO) between the SAO
and La0.7Sr0.3MnO3 entirely blocks Mn and La diffusion into
the sacrificial layer and avoids the structural transformation,
preserving the water solubility.[19] Moreover, 6 u.c. of STO cap-
ping layer was also found to protect the sacrificial layer from air
humidity, making this heterostructure a practical template for
ex situ epitaxial growth using other techniques.[58]

(Ca,Sr,Ba)3Al2O6 can be immersed in deionized water at
room temperature to dissolve the sacrificial layer and release
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Table 2. The experimental information of other oxides as sacrificial layers.

Sacrificial layer Target material Substrate Transfer method Etchant,
temperature, time

Comments

Material Synthesis
method

Synthesis condition

La0.7Sr0.3MnO3

La0.67Sr0.33MnO3

PLD T
PO2
E

650–800 °C
∼0.03–2.7 mbar
1.0–2.0 J·cm−2

PbZr0.2Ti0.8O3
[40–44]

[(CaTiO3)n/(SrTiO3)n]6
[40]

BiFeO3/SrRuO3
[40]

LiFe5O8
[46]

SrRuO3/BaTiO3/SrRuO3
[45]

Ba1−xSrxRuO3/Ba1−xSrxTiO3/
Ba1−xSrxRuO3

[45]

BaTiO3
[47]

SrTiO3

(001)
GdScO3

(110)

PMMA
PS/PMMA
PI tape

PPC/PDMS

KI + HCl solution
-
1 d

-

SrRuO3 PLD T
PO2
E

600–615 °C
0.1–0.12 mbar
1.5 J·cm−2

La0.7Sr0.3MnO3
[48]

LaAlO3/SrTiO3
[49]

SrTiO3

(001)
PDMS NaIO4 (0.4 M)

RT
Few h - 2 d

-

SrVO3 PLD T
PO2

760 °C
1.2 × 10−6 mbar

SrTiO3
[50] PDMS

PET/silicon film
Water
50 °C
5 d

Small lattice
parameter

YBa2Cu3O7 PLD T
PO2

750 °C
∼0.08 mbar

SrRuO3
[80]

La0.7Sr0.3MnO3
[80,81]

PMMA HCl (0.6%)
-

Few m

Short etching time

SrCoO2.5 PLD T
PO2
E

750 °C
∼0.13 mbar
1.1 J·cm−2

SrRuO3
[53] SrTiO3

(001)
SrTiO3

(110)
SrTiO3

(111)

PDMS Vinegar, 36%
CH3COOH and
carbonated
drinks
RT
-

3–10 m

BaO PLD T
PO2
E

400 °C
∼1.3 × 10−5 mbar

-

BaTiO3/SrTiO3
[54] SrTiO3

(001)
PET/PDMS Water

-
> 10 h

Epitaxial growth on
SrTiO3 (001)

MgO PLD T
PO2
E

600 °C
∼2.7 × 10−2 mbar

-

CaFe2O4
[55] SrTiO3

(001)
PS (NH4)2SO4 (10%)

80 °C
12 h

-

The synthesis method for each sacrificial material is shown with synthesis conditions, target material, substrate, transfer method, and etching conditions; In the table, T, PO2 ,
PAr, and E indicate the synthesis temperature, pressure of oxygen gas, pressure of argon gas, and laser energy density, respectively; In the column of etching condition, water
and RT represent deionized water and room temperature; d, h, and m denote days, hours, and minutes, respectively.

the freestanding membranes. The time it takes to remove the
(Ca,Sr,Ba)3Al2O6 sacrificial layer depends on the composition
and the thickness of the sacrificial layer, see Table 1. In the
case of Ca3Al2O6, the sacrificial layer is weakly soluble in water
because of the strong Ca─O bonding.[59] However, the solubility
can be tuned by substituting Sr or Ba for Ca, which increases
the thermodynamic driving force for the cation hydration.[12,56,54]

For example, it takes 5−10 min to fully dissolve the 16 nm thick
Ba3Al2O6 layer while it takes around 1 day for SAO of similar
thickness (Table 1).[56] Regarding the thickness dependence, the
sacrificial layer dissolving time is reduced as the thickness of the
layer increases. For the SAO, it takes 1 day (5 min) to dissolve
a film thickness of 9 nm (90 nm).[12] Last, it is worthwhile to
mention that target materials might also react with water, for
example, BaTiO3 (BTO), which could lead to Ti ion displace-
ments in the TiO2 plane and surface oxygen vacancies due to the
hydroxylation of the first BaO layer.[60,61] Therefore, care should
be taken when choosing the sacrificial layers and the target
material.

2.1.2. Perovskite Oxides and Other Oxides

Perovskite oxides such as LaxSr1−xMnO3 (LSMO),[62–69]

SRO,[70,71] SrVO3 (SVO),[72] have also been demonstrated as
sacrificial layers, see Table 2. Compared with the complex
crystal structure of the (Ca,Sr,Ba)3Al2O6, these sacrificial layers
have in most cases the same structure as the target perovskite
films, which could potentially help in preserving the in-plane
orientation and retain the structural quality of the transferred
film. In the case of LSMO sacrificial layer, the chemical reaction
for selective etching of LSMO is based on the reduction of the
insolubleMn4+ to solubleMn2+ by Cl− according to the following
reaction[73]

MnO2 + 4H3O
+ + 2Cl− → Mn2+ + 6H2O + Cl2 (1)

However, if Mn4+ is not completely reduced, insoluble
MnO2 precipitates are left behind. As a matter of example, Elan-
govan et al. have grown BTO/LSMO heterostructure on STO
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(001) to realize BTO freestanding membranes.[69] The single-
crystalline BTO film was released by selective etching of the
LSMO in an aqueous solution of KI + HCl + H2O. Negligible
chemical etching of BTO was observed due to the much faster
etch rate of LSMO with respect to BTO.
Dissolving of SRO is realized by oxidizing RuO2 into volatile

RuO4 within aqueous solution:

SrRuO3 (s) + 2H3O
+ + 2IO4

−

→ Sr2+ (aq) + RuO4 (aq) + 3H2O + 2IO3
− (2)

Weber et al. have investigated the etching rate of SRO with
different etchants and selected NaIO4 solution with a suitable
etching rate (2 nm s−1) and near-neutral pH.[79] Using this ap-
proach, Pesquera et al. grew LSMO epitaxially on STO mediated
by an SRO sacrificial layer, which was subsequently dissolved
by selective etching without damaging the LSMO film.[70] This
approach is also used to fabricate single-crystalline freestand-
ing membranes of LAO/STO heterostructures and directly inte-
grated the membrane on sapphire substrate via vdW stacking.[71]

SrVO3 is another sacrificial layer candidate, which is suitable
for the growth of a wide spectrum of perovskites due to its cubic
structure (a = 3.84 Å). Compared with LSMO or SRO that re-
quires complex etchants, SVO can be dissolved in water.[72] This
material would expand the choice of water-soluble materials es-
pecially for those materials that are not chemically stable against
stronger acids. However, special caution is needed because SVO
is toxic.
Recently, SrCoO2.5 (SCO) has been also proposed as generic

sacrificial layer for a facile epitaxy of perovskite oxides thin
films.[76] SCO presents a brownmillerite structure with an in-
plane lattice parameter close to the STO (a = 3.90 Å) and can be
epitaxially grown on many perovskite substrates with different
crystallographic orientations. Moreover, SCO can be dissolved in
weak acetic acid solutions, in vinegar and in common carbonated
drinks, which allows a safe transfer process of perovskite mem-
branes.
Beside perovskite oxides, metal oxides were also proposed as

sacrificial layers, such as BaO,[77] MgO,[78] ZnO,[80] and VO2.
[81]

BaO has a rock salt structure with a lattice parameter of 5.539 Å.
The lattice mismatch with STO is small (0.31%) as a result of
the 45° rotation when coherently grown on the STO (001) sub-
strate, see Figure 2b.[77] Takahashi and Lippmaa have fabricated
BTO/STO freestanding membranes using BaO as a sacrificial
layer.[77] This BaO sacrificial layer was dissolved by water after
10 h as a result of the reaction between BaO and water: BaO
+ H2O → Ba(OH)2. Various combination of the sacrificial layer
and etchant have been developed, for example, MgO, ZnO, and
VO2, and were used to fabricate non-perovskite oxides, such as
CaFe2O4, VO2, and TiO2.

[77,78,80,81] However, such sacrificial lay-
ers are not suitable to fabricate freestanding membranes with a
perovskite structure due to the large lattice mismatch.

2.1.3. Transfer Methods for Freestanding Oxide Thin Films

The transfer and manipulation of single-crystals membranes is
an essential part of wet etching methods, since the integrity and

quality of the membrane is largely affected by the releasing pro-
cess and handling techniques.[31,42,82] Common methods used
for perovskite oxides membranes mimics the well-developed wet
transfer process of 2D vdW materials, such as graphene[83,84]

and TMDC,[85,86] and generally involve three major steps: lifting
off the film, stamping the free-standing film onto the desired
substrate and last, removing the stamp layer (also called sup-
port layer). Figure 3 shows the main strategies adopted in
literature for transfer and manipulation of perovskite oxide
membranes.
The first step is the etching process where the oxide film is

detached from the growth substrate by selectively etching the
sacrificial layer, as described above (see Table 1 for the list of
etchants and optimized condition for each sacrificial layer). To
prevent crinkling and folding of the free-standing membranes
during the etching release process,[82] a common way is to cover
a support layer on the oxide membrane to facilitate the lifting
off and follow-up transferring, just as polymer-supported is used
for transfer of graphene.[84] Many polymer materials have been
developed and used as support layers, considering the merits
of flexibility, mechanical strength, and adhesive contact, such
as polyimide (PI) tape, polydimethylsiloxane (PDMS),[11,12,82,87]

polymethyl-methacrylate (PMMA),[20,62] polystyrene (PS), or the
combination of these materials, like polypropylene carbonate
(PPC)-PDMS stack[13,62,87] and PI sheet with PPC layer.[52,67]

PMMA, which is most commonly used in transferring of
chemical-vapor-deposited graphene,[38,84] has also found a wide
application in the transfer of oxidemembrane.[20,62,42] PMMA can
be easily coated on the oxide surface, and washed away by acetone
once the transfer is completed, see Figure 3a. However, the poly-
mer residues and the contamination associated with this process
are always hard to be removed.[88] Moreover, it was found that
the PMMA on the oxide stack may not be fully in contact with
the transfer substrate, which can result in unattached regions
that tend to form bubbles and ripples or in the cracking of the
membrane during the dissolving process of PMMA.[42,83] Zhang
et al. has introduced a frame structure consisting of polyethylene
terephthalate (PET) and PMMA to stamp the SROfilm, achieving
a high yield transfer rate without macroscopic cracking.[42]

Thermal release polymer sheets such as PDMS have been also
explored as candidates for support layers, see Figure 3b. Instead
of chemically etching in the final step, the polymer can be hand-
ily released by heating up to 70 °C, which facilitates the removal
of residues and the membrane cleanliness.[12] However, cracks
and tears can be introduced inevitably when peeling off PDMS
from the membrane, making it difficult to obtain continuous
membranes.[82] A two-layer structure was also designed to im-
prove this method, for example, PPC-PDMS stack.[13,62,87]

Scotch tape, like PI tape, has been used to transfer large area
oxide membranes through adhesion, see Figure 3c.[28,68] How-
ever, the downside of this method is that it is impossible to re-
move the adhesive tape from the membrane at the final step.
Steady transfer operation should be guaranteed, otherwise the
freestanding membrane may easily bend and crack.
A support-free transfer method was also proposed by Gu

et al.,[31] see Figure 3d. In their work, they showed that crack-free
membranes of SRO and BTO could be obtained by scooping the
freestanding membranes floating on the surface of the solvent
after the dissolution of the sacrificial layer. Interestingly, in their
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Figure 3. Sketch of the main transfer strategies used for the release and transfer of perovskite oxide membranes via wet etching method: a) Soluble
polymer, b) Thermal tape, c) Insoluble polymer and d) Scooping of the floating membrane.

work they also showed that the substrate, after the membrane
releasing, could be reused for other depositions.
The enormous progress in the development of 2D materials

transfer such as graphene and TMDs over the last decades, can be
a good starting point for successfully and fast progress of transfer
methods for perovskite oxide membranes. The polymer-assisted
transfer method has been demonstrated to yield a single-crystal
oxidemembrane withmacroscopic dimensions (hundreds ofmi-
crometers to millimeters). However, considering the hardness
and brittleness of oxide membranes, as well as the issues such
as cracks, wrinkles, trapped bubbles, and polymer residues, the
question of how to develop techniques for transferring single-
crystal oxide membranes with sufficient size, as-grown unifor-
mity, and high-quality onto arbitrary substrate remains a key chal-
lenge.

2.2. Mechanical Exfoliation

In the last few years, the quest for flexible oxide electronics has
motivated the development of mechanical exfoliation methods
for integrating oxide thin films into complex devices.[89] Mechan-
ical exfoliation is a technique based on the deposition of target
thin film onto a 2D layered material, followed by the cleavage of
the deposited layer along the heterointerface (Figure 1b).[90] 2D
layered materials are structures characterized by weak bonds be-

tween the constitutive layers. This allows thinning the 2D-layered
substrate along these planes, reducing progressively its thick-
ness and increasing its flexibility, eventually achieving mem-
branes. Moreover, the integration of well-ordered epitaxial struc-
ture into 2D layered substrates can be achieved even for dissim-
ilar crystalline structure, through quasi-van der Waals (qvdW)
epitaxy.[91–93] In traditional epitaxy, strong chemical bonds be-
tween the thin film and the substrate determine the orientation
and structural characteristics of the layers, intrinsically limiting
the choice of substrates materials. Indeed, when the lattice con-
stants of the substrates strongly differ from the thin films, struc-
tural dislocations or random orientation of grains tend to appear
in the layers, in order to minimize the elastic strain energy of the
system. On the contrary, vdW epitaxy consists in the creation of
weak bonds between the film and the substrate, which allows the
growth of relaxed and epitaxial thin layers with unrelated orienta-
tion with the substrate.[94–96] The deposition of 3D structures on
2D layered materials can take place through the qvdW epitaxy, a
mixed behavior based on the initial creation of an interface with
vdW bonds followed by traditional homoepitaxial growth of the
layer.[97] The weak interaction between the oxide layers and the
substrates offers the opportunity of creating freestanding mem-
branes by exfoliating the top layers.[98]

A characteristic example of 2D-layered material used for
the integration of perovskite oxide is mica, a large family
of phyllosilicate minerals possessing a monoclinic structure
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layered along the 001 plane. Mica possesses general formula
X2YnZ8O20(OH,F)4, where X, Y and Z are the interlayer cation
(e.g., K and Na), the octedrahedrally coordinated atom (e.g., Al
and Mg) and the tetrahedral coordinated element (Si, Al, etc.),
respectively. The most commonly used micas for the thin film
integration are the muscovite (n = 4, e.g., KAl2(Si3Al)O10(OH)2)
and the pholgopite (n = 6, e.g., KMg3(Si3Al)O10F2).

[93] Mica is
emerging as one of the most interesting substrates for flexible
electronic, due to its superior mechanical properties and its
good compatibility with oxides´ deposition processes.[92,93] The
epitaxial growth of perovskite oxides on Mica has been generally
interpreted in the light of qvdW epitaxy.[91–93,99] Nevertheless, Lu
et al.[100] recently showed that strong bonds can be formed at the
interface between pholgopite mica and STO thin films deposited
by PLD, resulting in the epitaxial relation {111}STO||(001)mica
(in-plane 〈110〉STO||[100]mica and 〈112〉STO||[010]mica), see
Figure 4. Despite the different cationic rearrangements of
these orientations, the epitaxial match is allowed by an almost
identical rearrangement of the oxygen sublattices of the two
compounds.[100] A similar (111) orientation was also observed
for other perovskites thin films deposited on mica (001), such
as SRO/BTO,[101] SrVO3,

[102] Eu-doped 0.94Bi0.5Na0.5TiO3–
0.06BaTiO3,

[99] CaVO3/STO,
[103] and La0.7Sr0.3MnO3/STO.

[104]

Nevertheless, other types of orientations and even polycrystalline
thin films are reported in literature for perovskite oxides de-
posited on mica substrates.[105–107] In this sense, Ko et al. found
that the PbZrO3/SRO heterostructure tends to develop multiple
orientations if directly grown on muscovite mica, while well-
oriented (111) thin films can be obtained by the insertion of a 1-
nm-thick CoFe2O4 seeding layer.

[108] These results show that dif-
ferent types of crystallographic orientations and bonding can be
expected at the perovskite/mica interface. The possibility of cleav-
ing La0.7Sr0.3MnO3 thin films from mica substrates was demon-
strated by Zhang et al.[98] In their work, the authors showed that
polycrystalline LSMO thin films could be easily peeled off by
muscovite mica due to the weak interaction between the film and
the substrate. Additionally, mica can be cleaved along the weak
bonded constitutive planes after the thin film deposition, increas-
ing the flexibility of the structure and allowing the study of bend-
ing strain effect on the perovskite layers (see Section 4.2).[93,101]

Another promising 2D material that can be used for the me-
chanical exfoliation of perovskite oxide thin films is graphene.
Lee et al. showed that STO thin films with predominant (001)
orientation can be directly grown on graphene covered SiO2/Si
substrates by PLD.[109] The thermal oxidation of graphene can
be avoided during the film growth by using low oxygen partial
pressure (≈10−6 mbar). The interface between the STO and the
graphene is characterized by moderate bonding, as suggested by
the presence ofmoderate lattice strain in the oxide layer.[109] Inter-
estingly, Kum et al. showed that graphene can be used as a univer-
sal mechanical exfoliation method for obtaining freestanding ox-
ides thin films.[14] In their work, the authors showed that epitaxial
STO (001) thin films can be grown on double-layer graphene-
coated STO (001) single-crystals through remote epitaxy, a mech-
anism based on the semitransparency of the graphene layer to
the atomic potential fields of the STO substrate. Moreover, the
thin films can be transferred to other substrates thanks to the
weak bonds between graphene and the perovskite layer. These
results show that graphene-based remote epitaxy has emerged

Figure 4. Epitaxial growth of SrTiO3 on Mica. a) Low magnification TEM
and b) STEMhigh angle angular dark field image of an STO thin film grown
on Mica. c) Reconstruction of the epitaxial relation and reconstruction of
the interface between the (001) mica and the (111) STO thin films. The
epitaxial relation is ensured by a similar arrangement of the oxygen sub-
lattice. Reproduced under terms of the CC-BY 4.0 license.[100] Copyright
2020, Wiley-VCH.

as a promising method for obtain large area freestanding thin
films.

2.3. Self-Formed Freestanding Films through Spalling

As an alternative to themethod based on sacrificial layers and epi-
taxial liftoff[110] freestandingmembranes of brittle crystals can be
produced by inducing and controlling the fracture mode known
as spalling. The basic mechanisms and elements of the tech-
nique are illustrated in Figure 1c: A tensile strained top layer
is deposited on the crystal/wafer of interest and under suffi-
cient stress and sufficient bonding strength, the crystal will form
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Figure 5. Self-formed membranes through spalling. a) Illustration of the spalling mechanism. b) Evolution of the spalling depth of the fracture plane
as a function of the thickness of the stressor for Ge single-crystals. c) Schematic representation and SEM images of spalling mechanism of LAO thin
films deposited on STO (001). a,b) Reproduced under terms of the CC-BY license from Bedell et al., 2013, IOP Science. The inset of (b) is adapted with
permission.[115] Copyright 2013, American Chemical Society. c) Top panel reproduced with permission.[16] Copyright 2021, American Chemical Society.
Bottom two panels reproduced with permission.[15] Copyright 2020, Wiley-VCH.

cracks which propagate through the crystal. Different types of
substrate fractures may occur, the most familiar being the verti-
cal cracking through the entire crystal leading to breaking of the
wafers. However, under certain conditions of tensile strained top-
layers on brittle crystals, the interplay of the shear- and opening-
stress at the tip of a crack may direct the propagation parallel
to the surface at a stable depth. This fracture mode is known as
spalling and relies on a stable propagation of the fracture mode
parallel to the substrate at the equilibrium depth where the shear
stress is minimized. The process is self-correcting: for a crack too
close to the surface, the crystal above the crack will contract upon
fracturing and the crack propagation is deflected downward. Con-
versely, for a crack very deep in the substrate the top layer will
expand upon fracture due to the curvature of the membrane and
the crack is instead deflected upwards.[111] The resulting steady-
state crack propagation is thus parallel to the surface at a depth
that depends on the mechanical properties of the crystals. The
phenomenon and its mechanism was first analyzed in detail by
Hutchinson et al.[111] It is important to note that the mechanism
is purely mechanical, that is, it does not require defects, inho-
mogeneities, or anisotropies and applies in general for material
combinations with the required mechanical properties.
Substrate spalling has been investigated for the realization

of semiconductor membranes. Dross et al.[112] obtained silicon
membranes of areas up to 25 cm2 and thicknesses of 30–50 mi-
crons by deposition/bonding of Ag and Al films on silicon
and inducing the strain by the difference in the coefficients of

thermal expansion upon cooling the sample after annealing.
The metal film was then selectively etched and the high-quality
spalled silicon films were used to fabricate functional solar cells.
The method has been generalized and optimized, including
the introduction of flexible handle layers to support and control
the initiation of the fracturing rather than the spontaneous
spalling of early works. Wafer scale spalled membranes of
germanium, nitrides, and III–V compounds have been suc-
cessfully produced[113,114] and also the release of free-standing
semiconductor membranes containing functional elements and
electronic devices and circuits have been in demonstrated as a
viable route toward flexible electronics.[115,116] The thickness of
the spalled membranes depends on the mechanical properties,
stresses, and thicknesses[113] of both the target crystal, the
stressor material and possible handle-layers. For example, for
the same materials, there is an approximately linear relationship
between the thickness of the stressor and the depth of the
fracture plane (see Figure 5b). This enables good control of the
spalling process and thicknesses from hundreds of angstroms
to hundreds of micrometers have been achieved.[117] No funda-
mental barrier seems to hinder spalling of films of only a few
nanometers.
Until now, the spalling method has been developed in the

context of semiconductors, however, recently, the viability of the
method was demonstrated also for oxides.[15] Epitaxial LAO/STO
heterostructures with 70–100 nm LAO top layers were grown
by PLD, and the LAO/STO lattice mismatch LAO experiences
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tensile epitaxial needed for activating the spalling process. No
handle layers were used to direct the fracturing and provide
mechanical support of the membrane, which resulted in a
combination of vertical and spalling fracturing, leaving a mo-
saic of micrometer scaled membranes on the sample surface
(Figure 5c). As expected for the spalling process, the parallel
fracture occurred below the tensile LAO and each membrane
contains an LAO/STO interface. Dahm et al.[16] showed that by
pre-patterning of the growth substrate using lithography and
ion milling, the lateral locations of cracks can be controlled. This
procedure enabled the controlled formation of free-standing
LAO/STO micro membranes with sizes from 2 to 20 μm. Also,
by mechanical micro-manipulation individual membranes were
transferred to silicon substrates and electrical devices were
fabricated using lithography.[16]

3. Emerging Functionalities in Freestanding
Perovskite Thin Films

Perovskite oxide thin films present several functional proper-
ties that have allowed their usage in sensors, actuators, surface
acoustic wave devices, and memory devices to name a few.[5–7]

The continued advancement of oxides in potential applications
is however often hampered by the lack of epitaxial integration
with important technological platforms such as silicon and flex-
ible materials like PET. Freestanding oxide membranes, on the
other hand, provide the possibility to combine oxide perovskite
with othermaterials bymeans ofmechanical transfer (stamping).
This possibility has led to significant advances in the field, for ex-
ample, with demonstration of freestanding LaAlO3/STO mem-
branes on silicon substrates that contain a 2D electron gas ex-
hibiting also superconductivity at low temperature.[15,16] Another
important prospect of freestandingmembranes is the emergence
of different functionalities when compared with the substrate-
clamped counterpart. This section will cover representative sem-
inal works where new functional properties not found in the
substrate-supported thin film have arisen.

3.1. Surface-Induced Changes in the Electronic and Structural
Properties

Transitioning from an as-grown to a freestanding state will natu-
rally force the membranes to undergo structural changes, for ex-
ample, due to the large surface to volume ratio. Ji et al.[11] synthe-
sized high-quality freestanding BiFeO3 films withMBE using the
method of Lu et al.[12] They discovered that ultrathin freestand-
ing BFO films show a structural transition from rhombohedral-
like phase to tetragonal-like phase when the clamping effect of
the substrate is removed, see Figure 6a. This effect is especially
observed in 3 u.c. thick BFO membranes, where the significant
increase of the lattice parameter yielded to a c/a ratio of 1.22 and a
polarization of 140 𝜇C cm−2 in the out-of-plane direction.[11] This
stands in sharp contrast to the bulk rhombohedral BiFeO3,

[118]

which only reaches a polarization of 100 𝜇C cm−2 and c/a ra-
tio of 1. Through first principle calculation, they proposed that
the large c/a ratio originates from the displacement of Fe from
the centrosymmetric position in the tetragonal phase of ultrathin
BFO membranes not clamped by the substrate.[11]

Enhanced tetragonality was also observed in ultrathin free-
standing STO thin films by Chiu et al.[119] In their work, the au-
thors showed that STO thin films below 10 nm undergo through
a transformation from cubic to tetragonal structure when re-
leased from the substrate. This phase is characterized by a dis-
placement of Ti atoms from the TiO6 octahedron center and by
the appearance of delocalized electrons. A modification of the
electronic and magnetic properties was also observed in other
perovskites membranes when released from the substrate. Lu
et al. showed that ultrathin freestanding LaMnO3 thin films dis-
play an exotic soft ferromagnetism along both in-plane and out-
of plane direction for thicknesses below 4 nm.[120] This phe-
nomenon, not present in the substrate-supported thin films, is
originated by a symmetrical reduction of Mn oxidation state near
the membrane´s surface, induced by a protonation of the ma-
terial during the wet releasing process, which reduces the mag-
netic anisotropy and leads to the appearance of multidirectional
soft ferromagnetism. These works show that surface effects in ul-
trathin perovskite oxide membranes may give rise to functional
properties absent in the substrate-supported thin films.

3.2. Enhanced Elasticity and Flexibility

Perovskite oxides in bulk form are usually very brittle and only
withstand small tensile strains before fracture.[121] Because of
this, conventional oxide thin films grown epitaxially on bulk crys-
tal substrates are tough and very difficult tomanipulate mechani-
cally without causing crystal fracturing. However, when the oxide
film is released from its epitaxial host by one of the strategies de-
scribed in this review, it becomes far more flexible.[22,30] Indeed,
it was shown that single-crystal perovskite membranes can sus-
tain extremely large tensile strain before breaking.[22,69,30,35,38,122]

In particular, Harbola et al. showed that in single-crystal mem-
branes of STO the tensile strain strength can be as high as 6%,
almost an order of magnitude more than in bulk form.[22] A non-
monotonic change of the Young modulus in nanometric mem-
branes of STOwas also observed, due to a competitive behavior of
surface elasticity and strain gradient elasticity.[23] Moreover, ferro-
electric freestanding perovskite thin films display superelasticity
and ultraflexibility at the nanoscale, due to a continuous rotation
of the polarization direction and to local phase transformations
that avoid mechanical failure.[69,30,35,38,122] More details about this
phenomenon and about the effects of strain in freestanding per-
ovskite oxides will be discussed in Section 4 of this work.

3.3. Suppression of Mechanical Interaction with the Substrate

Freestanding oxide thin films are characterized by a suppression
of the mechanical interaction with the substrate (i.e., absence
of the clamping effect). This effect may be particularly relevant
in ferroelectric materials, where the clamping effect controls
the movement of ferroelastic domain walls and limits the
piezoelectric response.[123] Bakaul et al. studied the evolution of
ferroelectric domain walls in PZT freestanding thin films.[64] A
decrease from two to three orders of magnitude of domain wall
velocity was found after the substrate removal. However, this vari-
ation does not origin directly from the alteration of the epitaxial
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Figure 6. a) Giant out of plane polarization in freestanding BiFeO3 thin films below 3 u.c. TEM images shows a large tetragonality and a large out
of plane displacement of the Fe atoms after the releasing process. Reproduced with permission.[11] Copyright 2019, Springer Nature. b) Ferroelectric
bubble domain in PZT/STO/PZT freestanding membranes. The panel shows the comparison between the out-of-plane polarization component for as
grown and freestanding thin films. Reproduced with permission.[65] Copyright 2020, Wiley-VCH.

landscape, but rather from the formation of mesoscopic rip-
ples, generated to release the compressive strain during the
membrane fabrication. On the contrary, Pesquera et al. showed
that high-quality freestanding BTO membranes sandwiched
between SRO thin films electrodes present lower coercive fields
and faster domain dynamics compared to substrate-clamped
epitaxial BTO.[67] The origin of this change of behavior lies
in a reduction of the elastic energy needed for the creation
of 90° domain boundaries in membranes upon the substrate
removal, favoring the polarization switching of the ferroelectric
freestanding thin films.[67]

The possibility of completely detaching the film from the sub-
strate can also give rise to the formation of exotic ferroelectric
topologies. Saidur et al. showed that ferroelectric bubble domains

can be stabilized in freestanding PZT/STO/PZT heterostructure
membranes.[65] These type of ferroelectric topological objects
are typically seen as a precursor to electrical skyrmions, which
have been shown to arise in ferroelectric–dielectric–ferroelectric
heterostructures epitaxially clamped to flat oxide surfaces.[124,125]

Comparing the as-grown to the freestanding PZT/STO/PZT
system, first principle-based effective Hamiltonian simulations
shows that the stress in the free freestanding membranes in-
creases the energy range and the domain size that stabilize the
formation of skyrmion bubbles, due to a reduction of the ho-
mogenous strain, see Figure 6b.[65] Additionally, Li et al. ob-
served a radical transformation of the polarization direction in
PbTiO3/STO superlattice with a SRO bottom electrode when re-
leased from its substrate.[126] Interestingly, the variation of the
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polarization direction in the superlattice drove the membrane to
curl up into microtubes, in order to minimize the overall elastic
energy. These results show that the suppression of the mechani-
cal interaction with the substrates may influence the polarization
dynamics of ferroelectric perovskite oxides.

3.4. 2D Free-Standing Perovskite Oxides

Finally, it is worth mentioning the last advances in the synthesis
of perovskite oxides approaching the 2D limit. Hong et al. found
that ultrathin membranes of STO below 5 u.c. undergo through
a crystalline to amorphous transition when released from the
substrate.[20] The collapse of the crystalline order was interpreted
in the frame of the Berezinskii–Kosterlitz–Thouless transition,
which predicts the proliferation of dislocations below a critical
thickness, hindering the long-range crystallinity.[20] Nevertheless,
Ji et al. recently showed the possibility of synthetizing single-
crystal STO and BiFeO3 down to 1 unit cell, with a good long
range crystallinity observed by TEM.[11] These results pave the
way to the study of interfacial and 2D phenomena in perovskite
oxides thin films.[127]

4. Strain Control in Freestanding Perovskite Oxide
Thin Films

The profound interplay between structural and electronic prop-
erties is one of the most interesting strategy for discovering
and control functionalities in perovskite oxides.[128–131] Epitaxial
perovskite thin films and heterostructures are largely influenced
by strain, especially when the thicknesses of the films are only
a few unit cells.[132,133] Indeed, perovskites are well known for
their strong coupling between structural distortions and physical
properties due to the centrally coordinated octahedra bond
flexibility, which allows for a multitude of distortions from the
ideal highly symmetric structure.[5] The traditional method for
investigating strain effects is based on the epitaxial growth on
lattice-mismatched substrates, which results in the generation
of misfit strain in the layers. This method, however, limits
the maximum achievable strain before structural relaxation of
the layers takes place and hinders a deterministic study of the
strain effect on the functional properties.[134] Moreover, epitaxial
growth of thin films usually requires high temperature condi-
tions, favoring the formation of chemical defects (e.g., oxygen
vacancies) and cationic interdiffusion with the substrate.[135] For
example, tensile strain reduces the formation energy of oxygen
vacancies during growth, which largely modifies the electronic
structure and hinders an isolated study of structural effects on
the functional properties.[136–138] Additionally, the presence of
the oxide substrate, order of magnitudes thicker than the thin
film, may impede the measurements of some functionalities,
such as the probe of in-plane ionic conductivity in oxygen ionic
conductors.[139] For overcoming these limitations, new strategies
must be pursued.
Freestanding thin films are emerging as a new platform for in-

vestigating extremely large and tunable strain states in perovskite
oxides. The most common strategies for controlling lattice strain
in thin membranes are 1) multilayer epitaxy of freestanding thin

films, 2) mechanical bending, and 3) mechanical stretching (see
Figure 7). In the following, we review these methods, highlight-
ing the main advantages and drawbacks.

4.1. Multilayer Epitaxy in Freestanding Films

Epitaxial strain in multilayer membranes was recently proposed
by Pesquera et al. as an alternative method for controlling the
strain state of oxide thin films by tuning the lattice mismatch of
the multilayers’ components.[67] In a single material membrane,
the misfit strain imposed by the substrate vanishes in the release
process and the layer tends to adopt the bulk equilibrium lattice
parameter. In amultilayer epitaxial membrane, the releasing pro-
cedure will remove the substrate constraint but the lattice mis-
fit among the layers will determine a residual strain state in the
films. Considering the simple case of an oxide thin film epitaxi-
ally sandwiched between two symmetrical layers, the lattice mis-
match between the components will drive a force with opposite
directions on the internal (P) and the eternal layers (−P/2), see
Figure 7a. Considering a planar stress condition and no bending
of the trilayer membrane, the equilibrium in-plane strain of the
internal layer can be calculated as[140]

𝜀i =
uM

1 + ti
2te

⋅ Mi

Me

(3)

where ti andMi are the thickness and biaxialmodulus of the inter-
nal layer, te andMe the thickness and biaxialmodulus of the exter-
nal ones, and um the misfit strain between the in-plane lattice pa-
rameters of the internal and external thin films (uM = ai−ae

ai
). Fig-

ure 7b shows the equilibrium in-plane strain of a trilayer mem-
brane calculated as a function of the layers thickness ratio for
different bulk misfit strains. The results show that the in-plane
strain can be progressively tuned by varying the thickness of the
external layers, with a trend that depends on themechanical prop-
erties of the layers. Using this approach, Pesquera et al. achieved
the control of the tetragonality of compressive strained ferroelec-
tric BTO sandwiched between Ba1−xSrxRuO3 electrodes.

[67] Their
results show that a deterministic control of the Curie tempera-
ture, remanent polarization, and coercive field can be obtained
in BTO through compressive strain.
Overall, the main advantage of this method is the possibility

of continuously controlling the strain state of oxides by varying
the thickness or the composition of the layers. Moreover, a facile
measurement of out of plane electrical properties can be achieved
by depositing metallic oxides as external layers. Nevertheless, the
driving force for the generation of in-plane strain remains the
lattice mismatch between the layers, which bears the typical dis-
advantages of traditional substrate-inducedmisfit strain and lim-
its its application to oxides that can be coherently grown on each
other.

4.2. Mechanical Bending

Mechanical bending is themost commonway employed in litera-
ture to actively control the strain in oxide thin film.[141] Two main
types of strategies were developed: 1) bending of layers supported
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Figure 7. Schematic representation of the main strategies for strain tuning in oxide membranes. a) Sketch of a trilayer epitaxial membrane displaying
strain due to lattice mismatch between the layers. b) Evolution of the strain in a symmetrical trilayer as a function of the layers thicknesses, for different
misfit strains (uM) and elastic Moduli ratios (Mi/Me). Schematic representation of the distribution of strain states in a c) supported and d) self-standing
membrane subjected to mechanical bending. e) Maximum bending strain calculated for a supported membrane under different radius of curvature (R)
and for different substrates thicknesses (ts). Sketch of the f) biaxial and g) uniaxial strain achievable in a membrane under mechanical stretching.

on a flexible or curved substrate (Figure 7c) and 2) bending of self-
standing thin films (Figure 7d). In both cases, bending generates
an in-plane strain, 𝜀x, along the bending direction proportional
to the distance, bi, from the neutral plane:

𝜀x =
𝛽

R
(4)

where R is the radius of curvature of neutral plane. Tensile strain
develops for a convex bendingmode while compressive strain for
a concave one. In amulticomponent system, the neutral plane po-
sition depends on the thicknesses (ti) and the mechanical prop-
erties of the constituent layers (with Young´s modulus Ei). The
general expression for a multilayer structure with n components
is[142]

𝛽 =
∑n

i=1 Eiti((
∑n

j=1 tj) − ti∕2)
∑n

i=1 Eiti
(5)

In the case of a single oxide membrane supported on a thick
flexible substrate (ts >> tf, where ts and tf, are the thicknesses of
the support and the film, respectively), the strain in the thin film
can be approximated as:

𝜀x =
ts
2R

(6)

Along the other directions (i.e., out of plane and perpendicular
to the bending direction) a biaxial strain with opposite sign of
𝜀x develop, proportional to the Poisson coefficient.[78] Figure 7e
shows the expected strain in a supported-membrane as a func-
tion of the bending radius for different substrate thicknesses.
One can note that larger strains are achievable by choosing
thicker substrates but the ultimate strain will largely depends on
the fracture point of the support, that is, the compressive and
tensile strength.[93,142] For example, muscovite mica substrates,
one of the most promising support for flexible electronics,[93]
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can withstand a tensile strain up to ≈0.3% upon bending (for
thickness between 15 and 85 μm).[143]

The mechanical bending strategy has been largely adopted for
the study of the strain effect on transport and magnetic proper-
ties of perovskite membranes. Liu et al. found that the magnetic
properties of SRO thin films deposited on muscovite mica are
very sensitive to mechanical strain.[101] Upon bending, they
observed a large variation of the Curie temperature, saturated
magnetic moment, and coercive field. An increase of saturated
moment from 1.2 to 3.2 𝜇B per Ru was measured for a compres-
sion strain of −0.3% and was attributed to a spin state transition
from low to high spin taking place under compressive in-plane
strain. Li et al. also observed a significant effect of bending
strain on the electrical resistivity of SRO thin films.[144] In their
work, a decrease (increase) of resistivity of −26.05% (1.75%) was
observed for a compressive strain of −0.25% (tensile, +0.25%).
The decrease of resistivity upon compression originates from an
increase of the Ru─O─Ru bond angle and by a rise of the density
of state near the Fermi level, as probed by Raman and X-ray pho-
toelectron spectroscopy. LSMO thin films are also known to give
rise to a variation of resistivity[106] andmagnetization[145,146] upon
mechanical bending. In particular, Yao et al. showed that outward
bending in LaMnO3 thin films generates a significant modifi-
cation of the oxygen octahedra and Mn─O─Mn bonds, which
induces a larger overlaps between the Mn and O orbitals and a
significant enhancement of saturation magnetization (92%) and
of Curie temperature (123–130 K).[146] Similarly, strain effects
on the electrical resistivity have been reported also for other
perovskites oxides such as SrVO3 and BaNb0.5Ti0.5O3.

[103,105] It is
also worth noting that bending strain may affect other functional
properties of perovskite oxides thin films, such as the photolu-
minescence intensity of Pr-doped Ba0.85Ca0.15Ti0.9Zr0.1O3 thin
films.[147]

The opportunity of dynamically tuning of ferroelectric and
dielectric properties in ferroelectric supported thin films through
mechanical bending was demonstrated by Ko et al.[143] In their
work, the authors showed that BTO thin films onMica substrates
undergo a transformation from ferroelectric tetragonal to para-
electric cubic structure for both inward and outward bending
mode, hindering the out of plane ferroelectric polarization. The
results were used to build a mechanically controlled ferroelectric
transistor, were the conductivity of the top electrode (Al-doped
ZnO) can be modulated by the variation of ferroelectric polar-
ization of the underlying BTO, controlled through the bending
mechanism. Zhao et al. explored the multiferroic properties of
(Fe)/BTO membranes on PDMS substrate during mechanical
bending.[33] They found that the compressive strain enhances the
ferromagnetic resonance of the Fe layer along the out-of-plane
direction, due to a variation of the electric field at the Fe/BTO
interface tuned by the rotation of ferroelectric domains.
Mechanical bending also introduces a strain gradient in the

structure, equal to d𝜀
d𝛽

= 1∕R (see 7c). In perovskite oxides, strain
gradients can give rise to the generation of electric fields, through
the flexoelectric effect.[48] Guo et al. showed that ferroelectric
BiFeO3 membranes on PDMS withstand significant strain gradi-
ents during themechanical bending, which can be used tomodu-
late the photovoltage and photocurrent generated in the layers.[48]

Jiang et al. also show the flexoelectric control of the photocon-
ductivity in LaFeO3/LaNiO3 heterostructures onmuscovite mica,

where a continuous change of short-circuit current density upon
bending was reported.[148]

In the case of a self-standing membrane (Figure 7d), the posi-
tion of the neutral plane will be equal to half its thickness (bi =
tf∕2, where tf is the thicknesses of the film) and the strain in the
outer/inner surfaces can be written as: 𝜀x = tf∕2R. Clearly, com-
pared to the substrate supportedmembranes, the radius of curva-
ture needs to be significant smaller for achieving similar strains,
which can be accomplished by the use of nanomanipulators[35]

or by other external stimuli[69] in scanning or transmission elec-
tron microcopies. As commented in Section 3.2, the study of
ferroelectric self-sustained membranes subjected to large bend-
ing strain showed that these ceramic materials, generally con-
sidered brittle in bulk, possesses superelasticity and ultraflexi-
bility at the nanoscale.[69,30,35,38,122] Dong et al. first showed that
single-crystalline ferroelectric BTO membrane can withstand an
remarkable tensile strain of 10% without breaking.[30] The origin
of this superelasticity was found to lie in a continuous rotation of
the polarization direction in BTO membranes, which efficiently
avoid mismatch stress and delay the membrane failure. Peng et
al. found also that multiferroic BiFeO3 membranes displays su-
perelasticity, due to a reversible rhombohedral–tetragonal phase
transition taking place in the most strained regions.[35] Such su-
perior flexibility can also be observed in periodic wrinkles that
can be formed during the membranes releasing and transfer
process.[122]

Overall, mechanical bending emerges as a reliable strategy to
investigate strain effects on perovskite oxidemembrane. The abil-
ity to actively control the strain state in the same sample by con-
trolling the radius of curvature allows a systematic and precise
study of the variation of functional properties. The limitations of
this method for substrate-supported thin filmsmainly arise from
the limited strain that can be imposed without affecting the me-
chanical properties of the support, while for self-standing mem-
branes from the requirements of nanomanipulators needed to
achieve large strain states.

4.3. Mechanical Stretching

Mechanical stretching of single-crystal perovskite membranes is
emerging as a new fascinating strategy to study the functional
properties of perovskite oxides under tensile strain. This tech-
nique is based on the deposition of single-crystal thin films on a
sacrificial layer and the subsequent transfer of the membrane on
a flexible polymer (see Section 2.1.2), such as PI[55,52] or PET.[25]

The support can then be stretched in a biaxial or uniaxial mode
by micro-manipulators (see Figure 7f,g, respectively), producing
a tensile strain in the structure equal to 𝜀i = ΔL∕L0, whereΔL and
L0 are the elongation and the initial length, respectively.

[149] The
adhesion between the thick polymer and the nanometric mem-
brane allows the transfer of the strain state from the support to
the thin film. As commented in Section 3.3, it was shown that
freestanding perovskite thin films can withstand extremely large
tensile strain before breaking, allowing the investigation of strain
states not achievable in bulk and substrate-supported perovskite
oxides.[22,23,69,30,35,38,122]

The mechanical stretching method was first used by
Hong et al. to study the magnetotransport properties of
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Figure 8. Strain-induced ferroelectricity in STO membranes. Piezoelectric force microscopy a) amplitude and b) phase measured for STO membranes
under 2% uniaxial strain, showing the appearance of in-plane ferroelectric domains. c) Schematic of the uniaxial strain application on STO membranes.
d) Ferroelectric transition temperature (Tc) measured in STOmembranes as a function of uniaxial strain and predicted by numerical models. Reproduced
under terms of the CC-BY license.[52] Copyright 2020, Springer Nature.

La0.7Ca0.3MnO3 under extreme uniaxial and biaxial tensile
strain (8% and 5%, respectively).[55] They found that strain
promoted a transition from ferromagnetic metal to antiferro-
magnetic insulator, evidenced by orders of magnitude increase
of resistivity at low temperature. The antiferromagnetic state is
characterized by a charge/orbital ordering consisting in alternat-
ing Jahn–Teller-distorted Mn3+O6 octahedra and Mn4+O6, and
can be quenched by the application of magnetic fields. Mechan-
ical stretching was also employed for controlling the domain
orientation in ferroelectric PbTiO3 membranes and to induce
room temperature ferroelectricity in STO membranes.[25,52]

In particular, Xu et al. showed that tensile strain can linearly
increase the ferroelectric transition temperature of STO, giving
rise to the creation of in-plane polarized 180° domain struc-
ture aligned along the strain direction, see Figure 8.[52] The

ability to manipulate the polarization direction through strain
was also exploited by Zang et al. to engineer the interfacial
thermal resistance in self standing Al/BiFeO3 membranes.[51]

In their work, the variation of polarization direction in ferro-
electric BiFeO3 through strain gave rise to a redistribution of
the charge at the interface and eventually, through electron–
phonon coupling, to a modification of the interface thermal
resistance.
Overall, mechanical stretching appears as a promisingmethod

for tuning tensile strain of perovskite oxidemembrane. Themain
advantage of this strategy is the possibility of controlling the
strain state on the very same sample and the enormous strain that
can be achieved. Nevertheless, due to the flexibility of the stretch-
able support, only tensile strain can be applied, which hinder the
study of compressive strain states.
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5. Outlook

Oxide-based freestanding membranes have the potentials to be-
come the preferred candidates to next-generation oxide materials
coupling the high selectivity to high functionality of thesemateri-
als.However, it is not expected that the uptake of oxide-based free-
standingmembranes may occur in the short term, as novel fabri-
cation, releasing and transferring processes needed to be further
developed to take the full advantages of the oxides. Several ap-
proaches have been reported in this review paper for synthesiz-
ing, transferring, and measuring the freestanding oxide proper-
ties. What is still needed in the short term is the understanding
of how to transfer large defect-free membrane size. Freestand-
ing oxides show already unique properties and hence have sig-
nificant potential for further new discoveries making them both
interesting and challenging research subjects. Continuous devel-
opment of operando probes and their combination as well as the-
oretical tools will help addressing the urgent questions regarding
the relation between the freestanding oxide chemistry and their
properties. Stacking, twisting, gate-modulating, and optically ex-
citing have opened up a new field in 2D materials with promis-
ing ways in which unexpected strong correlations, topological,
and symmetry-induced phenomena have been discovered. This,
however, has never been tried before in oxide freestanding mem-
branes and can lead to progress in synthesis, experimental tools,
and potential new properties as well as applications of these ma-
terials. Finally, the rich science revealed so far in 2D moiré su-
perlattice solids can be expected to remain an important source
of stimulating scientific discoveries in freestanding oxide mem-
branes. These directions could lead to new science, engineering,
and application discoveries in atomically designed freestanding
oxide materials.
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information, and energy applications. By 
stacking different 2D layered materials 
with different in-plane rotation angles 
between them, a large set of van der Waals 
(vdW) heterostructures can be created ena-
bling the exploration of novel applications 
and the discovery of new phenomena.[1–5]

A very interesting subgroup of func-
tional materials is the complex metal 
oxides (e.g., transitional metal oxides, rare-
earth oxides, etc.), which display a large 
range of appealing properties, both for 
electronics and the important field of ionic 
devices.[6–11] The complex metal oxide 
heterointerfaces give rise to a plethora 
of novel phenomena not present in the 
individual parent compounds, and have 
motivated extensive research efforts in 
the fields of superconductivity,[9] thermo-
electricity,[10] and ferromagnetism among 
many others.[11] Complex oxide thin films 
can be grown epitaxially with a well-reg-
ulated growth scheme and atomic-level 
control over the material interfaces and 

substrate surfaces. However, these growth methods have funda-
mental limitations that prevent the unrestricted manipulation, 
integration, and utilization of these materials: 1) heterointer-
faces typically rely on epitaxy, which only occurs for a relatively 

The integration of dissimilar materials in heterostructures has long been 
a cornerstone of modern materials science—seminal examples are 2D 
materials and van der Waals heterostructures. Recently, new methods have 
been developed that enable the realization of ultrathin freestanding oxide 
films approaching the 2D limit. Oxides offer new degrees of freedom, due to 
the strong electronic interactions, especially the 3d orbital electrons, which 
give rise to rich exotic phases. Inspired by this progress, a new platform for 
assembling freestanding oxide thin films with different materials and orienta-
tions into artificial stacks with heterointerfaces is developed. It is shown that 
the oxide stacks can be tailored by controlling the stacking sequences, as 
well as the twist angle between the constituent layers with atomically sharp 
interfaces, leading to distinct moiré patterns in the transmission electron 
microscopy images of the full stacks. Stacking and twisting is recognized as 
a key degree of structural freedom in 2D materials but, until now, has never 
been realized for oxide materials. This approach opens unexplored avenues 
for fabricating artificial 3D oxide stacking heterostructures with freestanding 
membranes across a broad range of complex oxide crystal structures  
with functionalities not available in conventional 2D materials.
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1. Introduction

The ability to create materials with predetermined proper-
ties has been one of the key elements for modern electronics, 
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limited set of material systems with similar lattice parameters; 
2) epitaxial films are clamped by the substrate, which will con-
strain some important properties;[12,13] 3) interfacial intermixing 
of two layers at high-temperature deposition can lead to cationic 
interdiffusion,[14] which prevents the formation of atomically 
abrupt interfaces; and 4) there are limitations on the integration 
of materials with different thermodynamic stability conditions.

Recently, new methods have been developed enabling the 
detachment of ultra-thin complex oxide crystals from their 
substrate to realize freestanding oxide thin films.[15–28] The 
methods typically rely on: 1) controllable weakening of epitaxial 
crystals;[16] 2) releasing thin oxide films using sacrificial inter-
layers and selective etching (Figure 1a);[17] and 3) self-formed 
freestanding oxide thin films.[18] These innovative approaches, 
especially the sacrificial interlayer etching method, have pro-
duced a broad range of new freestanding oxide films of,  
e.g., cubic SrTiO3,[19] BaTiO3,[20] BiFeO3,[21] SrRuO3,[22] pseudo-
cubic La0.7Ca0.3MnO3,[23] La0.7Sr0.3MnO3,[24] fluorite CeO2,[25]  
BaTiO3/La0.7Sr0.3MnO3 bilayers,[26] La0.7Sr0.3MnO3/BiFeO3 
bilayers,[27] as well as (La0.7Sr0.3MnO3)n/(SrTiO3)n]n superlattices.[17]  
These freestanding films and multilayers exhibit a wide range 
of exciting physical and chemical properties combined with 
the option of transferring them onto arbitrary substrates, thus 
bypassing the epitaxial roadblock.

Although many novel functionalities have been recently 
discovered in the freestanding oxide membranes,[17,19,22–26] the 
assembling and stacking of these oxide thin films directly into 
heterostructures has not been shown yet. The properties and 
potential applications of such oxide heterostructures are fun-
damentally different from conventional 2D heterostructures 
and will allow, e.g., the design of new material systems (e.g., 
perovskite, spinel, and garnet structures) that address the over-
arching challenges of the next generation of energy technolo-
gies. Moreover, fabricating large-area freestanding films, free 
of cracks and defects remains challenging.[17,19–26] In this work, 
we refine the epitaxial lift-off methods using sacrificial layers 

to produce high quality, large, and uniform areas of perovskite 
SrTiO3 (STO) and fluorite Gd-doped CeO2 (Ce0.8Gd0.2O1.9, CGO)  
freestanding films—two oxide representatives of semiconductor 
and ionic electrolytes. Further, we demonstrate a route for the 
fabrication and stacking of atomically controlled freestanding 
oxide layers of different composition and lattice parameter, see 
Figure 1b. Finally, inspired by breakthroughs in magic-angle gra-
phene and twisted van der Waals heterostructures,[1–5] we create 
the first oxide artificial heterostructures with a controlled twist 
angle between the crystallographic axes of the constituent layers 
(Figure 1c). The results provide a new degree of freedom for the 
design and engineering of oxide heterostructures and interfaces.

2. Results and Discussions

Freestanding oxide membranes were fabricated by growing 
single-crystal (001)-oriented STO and CGO with thicknesses 
ranging from 10 to 60 nm on a water-soluble Sr3Al2O6 (SAO) sac-
rificial buffer layer by pulsed laser deposition (PLD) on (001)-STO 
substrate (see the Experimental Section). Since the high quality 
of SAO interlayer is essential for the growth and detachment of 
the upper film from the substrate, the growth and thickness of 
the films were monitored by reflection high-energy electron dif-
fraction (RHEED). Layer-by-layer growth was achieved for both 
the SAO and STO layers, as highlighted in Figure 2a,b by the 
presence of clear oscillations in the intensity of the RHEED 
spots. The high quality and crystallinity of the oxide films were 
further confirmed by atomic force microscopy (AFM, Figure 2c 
and Figure S3, Supporting Information), X-ray diffraction (XRD, 
Figures S3 and S6, Supporting Information), and high-resolu-
tion transmission electron microscopy (HRTEM) below.

The first challenge we targeted was the epitaxial release and 
transfer of large areas of oxide membranes with high yield and 
minimal defects.[25] For 2D materials, the maximum lateral  
size of exfoliated single layer flakes varies from a few  

Adv. Mater. 2022, 34, 2203187

Figure 1. Schematic illustration of the fabrication and assembly of freestanding oxide membranes into artificial stacks with heterointerfaces by transfer 
method. a) Release of the freestanding oxide membranes (yellow, red) by dissolving the sacrificial layer (blue), b) stack of freestanding films, c) twisting 
the vertically stacked films.
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micrometers to several tens of centimeters, while for free-
standing oxide films, the sizes of the complete area without 
tearing or breaking were limited to a few hundreds of micro-
meters.[19,21,23,25] In this study, we employed polymeric cellu-
lose acetate butyrate (CAB) applied via spin-coating to support  
and transfer the substrate-free oxide film,[29] replacing the 
most common stamp materials of poly(methyl methacrylate) 
(PMMA) and poly(dimethylsiloxane) (PDMS) (see the Experi-
mental Section and Figure S1 in the Supporting Information 
for the transfer process).[25,28,30] CAB has some advantages over 
PMMA or PDMS, owing to its desirable physical and chemical 
properties, such as better tunable adhesion to oxides, high 
modulus, flexibility and negligible chemical residues after 
dissolution in acetone.[31] Utilizing the CAB polymer, we suc-
ceeded in exfoliating and subsequently transferring millimeter-
sized, single-crystalline membranes of STO and CGO onto dif-
ferent substrates. Examples of transferring 1.2–2.0 mm lateral-
sized STO and CGO onto TiN-coated silicon wafer (TiN/Si) and 
single-crystal sapphire, respectively, are shown in Figure  2e,f. 
Cracks, bubbles, and tearings are the most common types of 
fabrication process-induced defects in transferred materials. 
Using our methodology, we demonstrated a versatile approach, 
where homogenous crystalline membranes with large lateral 
size (>2000 µm, see Figure S2, Supporting Information) can be 
fabricated and transferred. Defects mostly appear at the edges, 
which is attributed to the stress during the releasing of the sup-
port layer (Figure 2e,f and Figure S2, Supporting Information). 
Moreover, AFM images show that the STO film retains terraced 
morphology at the microscale before and after the transfer 
(Figure 2c,d and Figures S3 and S6, Supporting Information), 
and the single-crystallinity of the transferred films was further 
confirmed by XRD (Figures S3 and S6, Supporting Information),  
scanning transmission electron microscopy (STEM, Figure  5 

and Figure S7, Supporting Information), and HRTEM (Figure 6 
and Figure S9, Supporting Information).

Transferring such large-area single-crystal oxide films with 
nearly perfect quality is the striking characteristic of this work, 
which is essential for the follow-up stacking and twisting of 
membranes. Using a micromanipulator, we align two free-
standing films together on a hot target substrate (≈140 °C) to 
form a stable stack (see Experimental Section and Figure S1, 
Supporting Information). This transfer method represents a 
simple and effective way to produce stacked oxide heterostruc-
tures. We developed a “fixed corner” strategy by applying iso-
propyl alcohol (IPA) droplets to partially dissolve and fix the 
position of the top oxide layer with CAB covering layer. This 
strategy ensures that the top oxide layer does not slide, fold, or 
shrink in the stacking process, and also increases the contact 
area between adjacent layers (see the Experimental Section).  
The presence of contaminants at the interface between the 
oxide layers is another  important issue in the fabrication of 
stacked oxide heterostructures, since it can affect the adhesion, 
hybridization, and interactions between the layers of the stack. 
Post-annealing was carried out at 650 °C to remove possible 
hydrocarbon contamination, and samples were subsequently 
kept under a protective atmosphere of N2.
Figure 3 shows the successful stacking of single-crystal free-

standing layers of CGO/CGO (Figure 3a), STO/STO (Figure 3b) 
as well as STO/CGO (Figure  3c). The insets in Figure  3a–c 
show the low-magnification images of the stacks, and dem-
onstrate the feasibility of stacking large areas of freestanding 
oxide thin films. Some wrinklings of the top layer—caused by 
stresses generated by the bottom layer and top polymer layer 
can be observed in the overlapping region. AFM images of the 
surface morphology of the stacks after annealing together with 
the line profiles show that the thickness of the upper oxide layer 

Adv. Mater. 2022, 34, 2203187

Figure 2. a) The time-dependent RHEED intensity oscillations and pattern of the SAO (10 nm) interlayer. b) The early stages of RHEED intensity oscil-
lations and pattern of the upper STO film (30 nm). c,d) AFM images of the terraced morphology of STO films before and after transferring. The RMS 
is 0.184 and 0.215 nm. e,f) Optical microscopy images of the millimeter-scale 30 nm-thick STO and 40 nm-thick CGO freestanding films transferred 
on TiN/Si and single-crystal sapphire, respectively. Scale bar: 500 µm. High-magnification images of the corresponding area are outlined in the dotted 
boxes in (e) and (f).
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corresponds well to that determined by the RHEED oscillations.  
The surface morphology of the stacked STO membranes 
retains step-and-terrace features (Supporting Information,  
Figure S6). The line scans across the step edge show that the 
surface areas are flat within 5  µm, indicating the two layers 
of membranes are closely joined together without any notable 
“distance” between the layers. Our first-principle calculation 
results show that depending on the specific material stacking 
sequence and termination, the equilibrium structures can be 
stabilized with different interfacial distances, which correspond 
to the balances between the inter- and intralayer interactions 
(Note S4 and Figure S4, Supporting Information).

Twisted layers provide an additional degree of freedom to 
overcome the symmetry restrictions imposed by forming het-
erostructures using conventional epitaxial growth. A celebrated 
example is given by 2D material heterostructures consisting of 
graphene or transition metal dichalcogenides, where a slight 
rotation radically changes the properties and can lead to exotic 
physical behavior.[1–5,32–35] There has been a large interest in 
those 2D materials but such twisting in freestanding oxide films 
has never been explored before. Here, Figure 4 shows the con-
trol of the twist angle in the artificially stacked oxide bilayers by 
sequential transferring and stacking of freestanding oxide films 
with various rotational alignment, e.g., CGO/CGO with 90° twist 
angle (Figure 4a,d), CGO/CGO with 45° (Figure 4b,e), and STO/
STO with 100° (Figure 4c,f). The twist angle between the stacked 
oxide layers was estimated from the edge orientation of the layers 
and confirmed by XRD (Note S5, Figures S5 and S6, Supporting 
Information). The stacks with large size (>1200  µm) are found 
to be stable (insets in Figure 3 and Figure 4a–c) after high-tem-
perature annealing. AFM images of the twisted stacks with clear 
edges are shown in Figure  4d–f. It is clear from these twisted 
bilayer images that a well-defined rotation angle can be achieved.

The fabrication of freestanding oxide membranes into 
artificially twisted stacks enables the search for exotic new 

physics and novel device functionalities. The cross-section of 
our stacked heterostructure composed of STO/STO has been 
characterized with annular dark-field scanning transmission 
electron microscopy (ADF-STEM). Figure 5 shows an ADF-
STEM image of 10° (equivalent to 80° or 100° twist angle due 
to symmetry) twisted STO/STO stack with a clean and well-
defined interface oriented along the [010] zone-axis. No indica-
tion of any effect of a wrinkling phenomenon was observed at 
the twisted interfaces (see Supporting Information, Figure S7).  
Tilting the sample 10.5° around the [001] axis orients the top 
STO layer to [010] zone axis (Figure  5a,b), which is in good 
agreement with the results from XRD (≈10.4°) and the geo-
metric estimation (≈10.0°) (Supporting Information, Figure S6). 
Fast Fourier transform (FFT) mask filtering was applied to the 
images in Figure 5a,b to clearly visualize the interfacial region 
of ≈1.0  nm thick between the two STO layers (Figure  5c,d). 
The crystal structure of STO is identified, and the atomic posi-
tions of Sr and Ti can be well resolved. Notably, the ADF-STEM 
images show some regions, where the two crystals appear to be 
directly bonded. This is confirmed by analyzing the intensity 
profile of the images along the [001] direction, and the inter-
planar distance d(001) between consecutive Sr atomic columns 
(see inset in Figure 5a, d(001) ∼ 0.4 nm), which demonstrates an 
uninterrupted and well-defined profile.

The observations of bright regions interspaced by darker 
regions at the interface of STO/STO stack (Figure  5a,b and 
Figure S7d, Supporting Information) are in excellent agree-
ment with what has been reported earlier in artificially assem-
bled 4° twisted STO bicrystals, in which the bonding between 
layers was achieved at a temperature of 800 °C for 20 min 
with an applied pressure of 120–140 MPa.[36] The dark regions 
observed at the interfaces in our stack are similar to those seen 
previously in STO bicrystals, which correspond to dislocation 
cores.[36] The possibility of tuning the dislocation network at 
the interface by twisting can, e.g., open new opportunities to 

Adv. Mater. 2022, 34, 2203187

Figure 3. a–c) Optical microscopy images of the bilayers of CGO (40 nm)/CGO (40 nm) (a), STO (30 nm)/STO (30 nm) (b), and STO (30 nm)/CGO 
(40 nm) (c). The inset figures represent the low-magnification images of the oxide films stack transferred on target substrates. The panels below (a–c) 
show AFM images of the step edge of the oxide stacks with the line profiles indicating the thickness and flatness.
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Figure 4. a–c) Optical microscopy images of the bilayers of CGO/CGO with twist angle of 90° (a), CGO/CGO with twist angle of 45° (b), STO/STO 
with twist angle of 100° (c). The stacked heterostructure is formed in the overlapping regions, which corresponds to the yellow frame in AFM 3D 
images in (d)–(f).

Figure 5. a,b) Atomic-resolution ADF-STEM images of the interfacial area of the 10° (or 100°) twist STO/STO stack with the lower film (a) and the 
upper film (b) oriented to the [010] zone-axis, respectively, by tilting the specimen 10.5° around the [001] axis. The intensity profile (yellow line) is 
plotted together with the distance d(001) between consecutive Sr atomic columns (red squares), as resolved in the image. The white dashed lines mark 
the interface. c,d) Respective inverse FFT images of (a) and (b), after applying mask filtering to the FFT. e) Schematic illustration of the membranes. 
f,g) EELS signal showing the Ti-L2,3 (f) and O-K (g) edges recorded from the bottom layer STO (in blue), the dark region at the interface between 
the two STO layers (in orange) and the top layer STO (in gray). The shift in the L2,3 peaks of the Ti edge and the flattening of the second peak in the  
O-K edge (peak B) are marked with arrows.
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tune the ionic conductivity at interfaces, which is crucial for a 
wide range of energy technologies,[37] ranging from fuel cells 
to batteries and catalysis, to name a few. Carbon residues from 
the transfer process were found at the interface similar to what 
is often observed in stacks of 2D materials (Supporting Infor-
mation, Figure S8).[38] Remarkably, our observations show that 
atomic bonds could form at the interfaces without the need to 
apply high pressure and high temperature but only by “placing” 
the layers on top of each other and post-annealing at 650 °C. 
Density functional theory calculations confirm that certain ter-
mination configurations influence the formation of the atomic 
bonds (Figure S4, Supporting Information).

We further studied the elemental valence state near the inter-
face with electron energy loss spectroscopy (EELS). The EELS 
profiles of Ti-L2,3 and O-K edges were collected from different 
regions in the STO/STO stack (Figure  5f,g). The Ti-L2,3 edges 
recorded from the bulk area away from the interface show the 
typical crystal field splitting of 2.2 eV between the Ti 3d t2g and 
eg states, and the O-K edges exhibit four main peaks (labeled as 
A, B, C, and D in Figure 5g), which correspond to local O 2p 
hybridization with the Ti 3d states. In the selected dark region 
at the interface, the Ti-L2,3 edge displays a 0.4 eV shift (indicated 
by the arrows in Figure 5f), and the second peak (labeled as B) 
of the O-K edge broadens and is less distinct (Figure 5g). These 

results are in agreement with a partial reduction of the Ti4+ into 
Ti3+ cations at the interface to compensate the oxygen and/or Sr 
vacancies, as commonly found at the core of STO grain bound-
aries.[39] The results highlight again the possibility of tuning the 
interfacial dislocation network by stacking and twisting in order 
to design and enhance the ionic conductivity at the interface.

In relation to twisted heterostructures, moiré superlattices 
are drawing tremendous interest as a new area to explore the 
emergence of new properties in 2D layered materials, e.g., 
moiré phonons,[32] moiré excitons,[33] unconventional super-
conductivity,[34] or Mott insulators.[35] Such superlattices are  
material-specific to form different long-wave moiré patterns. 
However, the implementation has so far been limited to gra-
phene and 2D materials. Further work is needed to clarify 
whether interactions between the twisted oxide heterostructures 
can lead to moiré-related phenomena. It is worth mentioning, 
however, that the moiré superlattice could be visualized in our 
stacked oxide films using HRTEM (Figure 6 and Figure S9, 
Supporting Information). Figure 6a presents a typical HRTEM 
image of the STO (10 nm)/STO (10 nm) stack composed of two 
(001)-oriented STO films twisted by 18° on a TEM grid (see the 
Experimental Section about the transfer method). In Figure 6a, 
typical lattice fringes can be observed (area in red box) corre-
sponding to the single-layer STO membrane, while the darker 

Adv. Mater. 2022, 34, 2203187

Figure 6. a) The HRTEM image with moiré fringes of the STO/STO stack. b,c) The FFT of the single-layer STO (marked in red box) and the stack 
area (marked in yellow box) in (a). The Miller indices are indicated for the most intense spots. d) The inverse FFT of the spots circled in black in (c).  
e,f) The inverse FFT of the spots circled in red and yellow in (c), corresponding to the bottom layer (red box) and upper layer (yellow box) in image 
(a), respectively.
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region (due to mass-thickness contrast) with a moiré pattern 
indicates the overlapping area of STO/STO stack. The FFT of 
the single-layer STO region is shown in Figure 6b, in which the 
most intense spots circled in red can be marked with the Miller 
indices of cubic STO (space group 3Pm m), verifying the single 
crystallinity and high quality of STO films. On the other hand, 
in Figure 6c, the FFT of the stacked area in Figure 6a (area in 
yellow box) is more complex. Two sets of spots circled in red 
and yellow and their inverse FFT in Figure 6e,f verify the over-
lapping of two STO films with a misorientation. In Figure 6c, 
two particularly intense spots (in black circles) are found close 
to the central spot, which correspond to the moiré fringes with 
a real space distance dmoiré  ≈ 0.6  nm (see the inverse FFT in 
Figure 6d). The rotation of the scattering vectors of (200) lattice  
plane in Figure  6c gives the twist angle of θ  = 18.7°. Alter-
natively, θ is found to be 18.4° deduced from moiré fringes 
(Experimental Section, Equation (1)), consistent with the results 
obtained from scattering vectors.

Our demonstrated twisting method allows us to tune the 
properties of stacked multilayer structures on a larger scale than 
ever before. Here, we show the strength of twisted freestanding 
oxide materials via oxygen migration which occurs by a vacancy 
mechanism. Our molecular dynamic (MD) calculations (see the 
Experimental Section) reveal that “twisting” yields anisotropic 
oxygen ion diffusion behavior in the near interface region of 
STO/STO stack with twist angle θ, which otherwise is iso-
tropic in bulk (001)-STO (Supporting Information, Figure S11).  
Figure 7a shows the calculated tracer diffusion coefficient for 
oxygen (D*) as a function of twist angle. The angle of twist 
between the two layers has the so-called “magic” angle where 
D* changed at specific angles (e.g., θ1/θ1

*, θ2/θ2
*, etc., note that 

θ* = 90° − θ due to the symmetry). This variation of diffusivity 
is consistent with the overall activation energy for oxygen dif-
fusion which increased with the increasing twist angle, i.e., 
from 0.6 to 1.1  eV as the twist angle changes from 0° to 45°, 
respectively (Figure  7b and Figure S11c, Supporting Informa-
tion).[40] The phenomenon is attributed to the relative rotation 
between layers, which form a periodic moiré potential in the 
material system affecting the diffusion path and resulting in 
lattice site preference for diffusion of oxygen vacancies. These 
results, together with the experimental observation of enhanced 
oxygen vacancy concentration at the twisted STO/STO inter-
face deduced from the Ti-L2,3 edges in EELS (see Figure  5f), 

suggest that twisting freestanding thin films would be a valu-
able synthetic strategy to manipulate the diffusion properties 
of oxygen vacancies in perovskite oxide thin films. Like many 
other discoveries of fundamental physical phenomena, we 
expect that these results will provide a new degree of freedom 
for designing novel functional energy materials and devices for 
cutting-edge electronic and energy-related technologies.

3. Conclusion

We provide a new way to assemble similar/dissimilar free-
standing oxide membranes via artificial stacking and twisting, 
and demonstrate that these stacks are indeed heterostructures 
with atomic bonds formed at the interfaces. The most promi-
nent novelties of our discoveries are: 1) we put forward a new 
topic on stacking a variety of freestanding oxide thin films into 
artificial oxide heterostructures, and show experimentally that 
we can assemble a stack of freestanding oxide thin films with 
different compositions. Compared with traditional epitaxial  
heterostructures, the stacking of the freestanding oxide thin 
films does not require lattice-matching, allowing layers with dif-
ferent lattice symmetries and atomic spacings to be stacked. 2) 
We show that we can control the twist angle between layers 
in the stack. Consequently, moiré patterns were observed 
by HRTEM, which verify the overlap and twist angle of the 
stacked oxide membranes. Such stacking and twisting has been 
recently recognized as a new degree of structural freedom in 
van der Waals heterostructure based on 2D materials but has 
never been demonstrated for freestanding oxide materials. 3) 
The cross-sectional STEM imaging and analysis of the oxide 
stack confirm that in the interface region, the two oxide crystals 
are directly bonded forming an oxide heterostructure, instead 
of a simple stack. We showed theoretically that the oxygen ion 
diffusion coefficient in the oxide stacks can be significantly 
tuned by twisting. The ground-breaking potential of stacking 
and twisting of oxide heterostructures stems from the strong 
degree of freedom available to design artificial freestanding het-
erointerfaces. The ability to modulate the interfacial properties 
of the stack via layer selectivity and twisting opens the possi-
bility for integrating these structures in electronics with silicon-
based architectures inducing moiré superlattice engineering, 
flexible, magnetic, or superconducting materials.

Adv. Mater. 2022, 34, 2203187

Figure 7. a) Tracer diffusion coefficient (D*) for oxygen ions as a function of twist angle. b) Activation energy for oxygen ion migration as a function of 
twist angle. All the calculations in (a) were carried out at 1200 K (see the Experimental Section).
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4. Experimental Section
Thin-Film Preparation: SrTiO3 (STO) and Ce0.8Gd0.2O1.9 (CGO) films 

with various thicknesses were grown epitaxially on a water-soluble 
Sr3Al2O6 (SAO) sacrificial buffer layer on a (001)-oriented STO substrate 
by PLD using a KrF (λ = 248 nm) excimer laser. First, the (001)-oriented 
SAO sacrificial layer was deposited on (001)-STO substrate at 750 °C 
with an oxygen pressure of 10–5 mbar. Subsequently, the STO and CGO 
films were grown on SAO at 700 °C with an oxygen pressure of 5 × 10–4 
and 5 × 10–3 mbar, respectively. Such conditions were crucial to fabricate 
high-quality SAO interlayer and guarantee the elemental ratio of 3:2:6 in 
the SAO film, to promote its water solubility. The laser energy density 
was 2.2 J cm−2. The repetition rate was 1 Hz. The growth process of the 
films was monitored by RHEED.

The Lift-Off, Transfer, and Stacking Process of Oxide Thin Films: Cellulose 
acetate butyrate (CAB) is used as the support layer (20 g/100 mL in ethyl 
acetate). SAO acted as the sacrificial layer which was first deposited 
on the substrate as indicated above. The sample was spin-coated with 
CAB and subsequently heated at 80 °C for 5 min. Then grooves were 
carved on the sample surface and the whole sample was immersed into 
deionized (DI) water at room temperature for 2 h. After the freestanding 
oxide film together with the CAB was released from the substrate by 
dissolving the SAO, it was scooped up and transferred to the target 
substrate. This was followed by immersing the target substrate and the 
freestanding oxide in acetone to remove the CAB layer and clean it with 
IPA. This procedure was repeated using an optical microscope and a 
micromanipulator to release the second layer onto the bottom layer with 
a target twist angle. Then IPA was used to partly dissolve and fix the four 
corners of second layer. Another fresh CAB film was used to cover the 
stack, again fixed by IPA at the corners. The assembled stack was heated 
at 140 °C for 15 min and finally soaked in acetone to remove the CAB. 
The membranes and stacks were post-annealed at 650 °C in oxygen and 
protected in N2 (Figure S1 in the Supporting Information shows the 
detailed sequence of the transferring and stacking).

TEM Measurement and Analysis: HRTEM was performed using a Titan 
Analytical 80–300ST TEM operated at 300  kV. The oxide membranes 
with CAB support layer were transferred onto the TEM grid (Si3N4 
microporous TEM window grid with 2.0  µm pores). The grid and the 
stack were then immersed in acetone for 30 min to dissolve the CAB. 
Critical point drying in CO2 was used to substitute the organic solvent. 
The TEM sample holder and samples were plasma cleaned for 2 min 
immediately before insertion in the microscope to remove any carbon 
contamination on the sample surface. The exact twist angle θ of the 
stacked freestanding oxide films on the TEM grid was determined in two 
different ways: a) measuring the twist angle between the two scattering 
vectors directly from an FFT and b) using the moiré fringes following the 
equation[41]

2sin /2moiréd
d
θ( )=  (1)

where dmoiré is the corresponding real space distance of the moiré fringes 
and d is the lattice spacing corresponding to the scattering vector (200). 
In Figure 6, dmoiré = 0.60 nm, and d(200) = 1.95 Å, which gives θ = 18.4°, 
consistent with the previous calculation result of 18.7° from method (a).

Morphology and Structure Characterization: The surface images, 
morphology, and crystal structures of sample are examined by the 
optical microscope (Nikon, ECLIPSE, L200N), AFM (Dimension Icon, 
Bruker), and XRD device (Rigaku, Smartlab).

Cross-Sectional STEM Measurement and Analysis: Specimens of the 
oxide stack were prepared using focused ion beam (FIB) milling. Prior to 
the preparation, a thin layer of Au (a few nanometers) was deposited on 
the surface of the sample to minimize charging. The region, where a thin 
lamella was fabricated from, was additionally covered with 1 µm of Pt in 
order to protect the sample from FIB-induced damage. A cross-sectional 
lamella with thickness of ≈80 nm was produced by FIB milling with Ga+ 
ions at 30 kV and currents in the range 9 nA to 48 pA. STEM images were 
recorded using an FEI 80–300 kV Titan TEM instrument equipped with 
an aberration corrector on the probe forming lenses. The microscope 

was operated at 300  kV. The electron probe convergence semiangle 
and size were ≈18 mrad and 0.1  nm, respectively, and the images 
were recorded with an annular dark-field inner collection semiangle of  
40 mrad. The distance between consecutive Sr planes was determined 
by applying the function “peakfinder” in Matlab to the intensity profile 
obtained from the images. The EELS data was acquired using a Gatan 
GIF Tridium spectrometer. A spectrometer collection semiangle of  
≈20 mrad was used and the EELS measurements had an energy 
resolution of 0.8  eV. The background signal in the EELS spectra was 
removed after fitting with a power-law model.

Theoretical Calculations: The first-principle calculations were 
performed using GBRV ultrasoft pseudopotential with the generalized 
gradient approximation Perdew–Burke–Ernzerhof functional.[42] 
The predicted lattice parameter (3.8996 Å) of the relaxed structure 
agreed well with the experimental data for bulk STO of 3.901 Å.[43]  
A 2 × 2 × 2 repetition of the five-atom unit cell of STO was used to 
mimic the freestanding oxide thin films. The vdw-DF2 correction was 
used to take into account the interactions between the two blocks and 
this was implemented in the Quantum ESPRESSO package.[44–48] To 
avoid the interaction between periodic images, a large fixed simulation 
box was used (40 Å along the out-of-plane direction). The Brillion zone 
was sampled with a 4 × 4 × 1 Γ-centered Monkhorst k-point mesh. The 
lattice energy was optimized until the force on each atom was less than 
1.0 × 10–4  eV Å−1. The cutoff for plane-wave and charge density was 40 
and 160 Ry, respectively.

MD simulations were performed to investigate the oxygen ion 
diffusion in twisted systems. The interatomic interactions were described 
using the rigid-ion potentials

1 e 1
2 2

12
0V

z z e
r

D
C

rij
i j

ij
a r r ij

ij{ }= + −  − +( )− −  (2)

where the first-, second-, and third term describes the long-range 
Coulomb interactions, the short-range interactions (Morse potential), 
and the repulsive interactions, respectively. The potential parameters 
were directly taken from Pedone et al.[49]

The MD simulations for bulk STO were performed using a  
16 × 16 × 16 repetition of the five-atom unit cell, containing 20 480 atoms.  
For the twisted systems, the in-plane lattice parameter was twist angle-
dependent. Therefore, an N  × N  × 8 repetition was used for the top 
and the bottom layers (e.g., N  × N  × 16 in total), where N denotes 
the repetition along the in-plane direction and varies between 1 and 8. 
Figures S12 and S13 in the Supporting Information schematically show 
the crystal structures for typical twist angles. Such large supercells enable 
good statics for the calculations. The oxygen vacancies were introduced 
randomly by removing oxygen ions at random positions, where the site 
fraction was fixed at 1%. Such oxygen vacancies were compensated by 
reducing the charge of all the Ti cations. The activation energy (ΔE) of 
the oxygen vacancies was obtained by fitting the Arrhenius plot (see 
Supporting Information). The model for bulk STO was verified with the 
values taken from the literature (Supporting Information, Figure S10). 
All the MD simulations were performed for the SrO-TiO2 configuration, 
which was the most stable configuration as indicated in the Supporting 
Information, Figure S4. The systems were first equilibrated in the NPT 
ensemble average for at least 300 ps, followed by the production run for 
at least 600 ps in the NVT ensemble. The temperature and pressure were 
controlled by the Nose-Hoover thermostat (barostat), as implemented 
in LAMMPS.[50] The tracer diffusion coefficient (D*) was obtained from 
a mean square displacements analysis by summing the diffusion along 
the a, b, and c-axes using: 6 *2r D t B= + , where t is the time and B 
describes the thermal vibrations. The robustness of the simulations was 
confirmed by repeating the calculations multiple times.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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ABSTRACT: The ability to form freestanding oxide membranes of nanoscale thickness is of
great interest for enabling material functionality and for integrating oxides in flexible electronic
and photonic technologies. Recently, a route has been demonstrated for forming conducting
heterostructure membranes of LaAlO3 and SrTiO3, the canonical system for oxide electronics. In
this route, the epitaxial growth of LaAlO3 on SrTiO3 resulted in a strained state that relaxed by
producing freestanding membranes with random sizes and locations. Here, we extend the method
to enable self-formed LaAlO3/SrTiO3 micromembranes with control over membrane position,
their lateral sizes from 2 to 20 μm, and with controlled transfer to other substrates of choice. This
method opens up the possibility to study and use the two-dimensional electron gas in LaAlO3/
SrTiO3 membranes for advanced device concepts.

KEYWORDS: LaAlO3/SrTiO3, two-dimensional electron gas, freestanding oxide membranes, flexible electronics, thin-film spalling,
micro manipulation

■ INTRODUCTION

The realization and characterization of freestanding epitaxial
oxide layers has recently received significant attention due to
potential applications in flexible electronics and photonics.1,2

The membrane geometry allows for the integration of oxide
functional materials in technologically important platforms,
such as silicon or flexible polyethylene terephthalate (PET),
where conventional epitaxial integration is challenging.3−5

Most excitingly, however, the membrane properties may be
significantly altered compared to the bulk counterpart, offering
new opportunities for functional devices. Examples include
enhanced ferromagnetic properties for La1−xSrxMnO3 mem-
branes6 and a giant flexoelectric response in freestanding
BiFeO3 and SrTiO3 films.7 Recent advances toward single unit
cell oxide membranes even join these systems to the family of
two-dimensional materials alongside graphene and transition-
metal dichalcogenides.8,9

Most studies of freestanding oxide membranes have relied
on the deposition of the oxide layer of interest in sacrificial
epitaxial layers such as La1−xSrxMnO3 or Sr3Al2O6, which
subsequently can be dissolved in KI/HCl and water,
respectively, to lift-off the oxide membrane.3,11

Using this approach, it has not yet been possible to realize
freestanding membranes of the conducting heterostructure
LaAlO3/SrTiO3 (LAO/STO), which is the canonical system
for emergent electronic phases in oxides.12−14 An alternative
approach for the formation of thin membranes, which obviates
the need for a sacrificial layer and etching, is that of controlled
spalling. This method relies on the deposition of a stressor

layer and a flexible handle-layer to controllably delaminate the
surface layers of a brittle crystal and has been successfully used
to release membranes from wafer scale semiconductors such as
silicon, germanium, nitrides, and III−V compounds.15−17 The
spalling process relies on a stable fracture mode where a crack
propagates parallel to the substrate at the equilibrium depth
where the shear stress is minimized. The process self-corrects
such that, for a crack very close to the surface, the top layer
contracts and the crack tip is deflected downward; conversely,
for a crack very deep in the substrate, the top layer will expand
upon fracture due to the curvature and the crack is instead
deflected upward. The details of the crack propagation are
reviewed in ref 18. In ref 10, some of us reported the
spontaneous spalling of self-formed micrometer sized mem-
branes of LAO/STO employing the lattice mismatched LAO
top layer as the stressor layer. The process is schematically
illustrated in Figure 1a, and a scanning electron microscope
(SEM) micrograph of a typical sample is shown in Figure 1b.
Depending on the LAO thickness, the thicknesses of the micro
membranes were ∼140−200 nm, and importantly, the
interface conductivity remains intact after membrane release
and transfer to a silicon platform. This creates qualitatively new
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opportunities for oxide electronics allowing for integration with
conventional semiconductor electronics and semiconductor
processing. Furthermore, since each LAO/STO growth results
in millions of individual membranes sufficient for multiple
device generations, the results greatly improve the oppor-
tunities for device optimization and reproducibility. The proof-
of-concept developed in ref 10 relies on the spontaneous
spalling of the surface and results in membranes of random
sizes forming at random positions and subsequent uncon-
trolled transfer to silicon.
Here, we extend this work by introducing a new concept for

pregrowth substrate preparation allowing for control of where
the LAO/STO membranes form on the substrate as well as
their individual lateral dimensions. Further, we demonstrate
controlled manipulation of individual LAO/STO micro-
membranes onto silicon substrates.

■ RESULTS AND DISCUSSION
Initially, we considered the as-grown, uncontrolled, sponta-
neously spalled LAO/STO sample with 70 nm LAO shown in
Figure 1b. The sample surface is fractured into approximately
rectangular membranes with edges parallel to the [100] and
[010] crystal directions of STO and lateral dimensions Dx, Dy.

We note that all membranes in Figure 1b and throughout this
work exhibit curvature. This is a consequence of the different
lattice spacings of LAO and STO and thus directly confirms
that all the membranes host the LAO/STO heterostructure
and not just the LAO top film. The sizes of all 451 imaged
membranes from three different regions of the sample were
manually measured, and the size distribution can be seen in
Figure 1c. No linear statistical correlation was found between
Dx and Dy, and the combined distribution of the lateral
membrane dimension (Dx,y)i.e., the distance between
spontaneous surface fracture eventsis shown in Figure 1d
having an average of ∼1.9 μm. Consequently, the average
membrane area and circumference follow distributions peaked
at 4.5 μm2 and ∼8 μm, respectively (see the Supporting
Information (SI) Figures S1 and S2). The distribution in
Figure 1d, having a sharply peaked mean around ∼1.9 μm and
a low probability for larger and smaller dimensions, reflects
that the driving force for membrane fracturingthe energy
associated with the strainincreases with the lateral size. This
makes it unlikely to find very large membranes as these will
internally fracture and subdivide as a consequence of the
energy balance between the membrane strain and the
membrane surface energy.18−20

For conventional spalling of semiconductors, the initial
fracturing is triggered by a discontinuity appearing at the edges
of the stressor layer.15 Here, we instead investigated the
possibility of controlling the position of fractures by topo-
graphic discontinuities predefined in the growth substrate. The
process is schematically illustrated in Figure 2a and relies on a
combination of lithography and Ar+-ion milling to define
trenches in the STO substrate prior to LAO deposition. Each
STO substrate was patterned with multiple 200 × 200 μm2

fields, each consisting of a grid of 250 nm wide trenches milled
to a depth of 20 nm. The trench grid thus outlines an array of
square regions of pristine STO surfaces ready for epitaxially
strained growth. The dimensions of the squares Lx,y = 0.5−20
μm were varied between each field, and Figure 2b−d show
typical characteristics of a Lx,y = 2 μm field before growth. As
detailed in the Experimental Section, milling parameters were
carefully chosen to prevent the substrate conductivity caused
by the Ar+-ion bombardment, and resist-stripping and surface
cleaning procedures were optimized to ensure that the
patterned STO surface displayed TiO2-terminated terrace
structures (Figure 2c) facilitating the epitaxial growth of LAO.
Figure 3a shows typical scanning electron micrographs of

patterned samples after the growth of 70 nm of LAO10 (see
Figure S3 for additional images). The clear directed formation
of LAO/STO micromembranes following the intended
substrate pattern was observed for all fields, proving the
viability of the concept. However, membranes did not form at
all the intended positions, indicating that the patterned surface
discontinuity can be further optimized to trigger surface
fractures more efficiently. For fields with Lx,y = 0.5−2 μm,
which is equal to or smaller than the average unpatterned
membrane size shown in Figure 1d, only very few free-standing
membranes were found. We associate this with strain
relaxation at the edges of the pattern and an elastic energy
of the small membranes below the threshold for spontaneous
spalling. This thus sets a lower limit on the size of controlled
membranes; however, we expect that this limit will depend on
the pattern and the LAO thickness; these smallest membrane
patterns are excluded from the analysis below.

Figure 1. (a) Schematic illustration of the spontaneous (LAO/STO)
membrane spalling. Adapted with permission from ref 10. Copyright
2020 John Wiley & Sons. (b) Scanning electron microscope (SEM)
image showing the spontaneous formed LAO/STO membranes of an
as-grown sample with 70 nm LAO. (c) Distribution of lateral sizes
(Dx, Dy) of membranes. No correlation is found between Dx and Dy,
and panel (d) shows the overall size distribution (Dx,y) displaying a
clear preference for membranes with lateral sizes around ∼1.9 μm.
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For the fields with Lx,y = 4−20 μm, 1146 membranes were
imaged by SEM and manually counted using the same
procedure as that for Figure 1 (see SI Figure S4). The
resulting membrane size distributions, Dx,y, for each patterned
grid size (Lx,y) are presented in Figure 3b. For Lx,y = 4 μm, the
LAO/STO membranes clearly display a narrow size distribu-
tion closely matching the patterned size. A smaller but
significant population of membranes also appears with lateral
sizes around Dx,y ∼ 8 μm, i.e., twice the patterned Lx,y due to
two neighboring membranes remaining merged. For Lx,y = 7
μm, a different behavior is apparent: the size distribution
shows two characteristic populationsone corresponding to
the intended patterned size of 7 μm and one of the smaller
sizes around ∼3.5 μm corresponding internally to the fracture
of the patterned squares. By comparing the size distribution of
the as-grown sample in Figure 1b where the average size was
around ∼1.9 μm, it is clear that these internally fractured
membranes are affected by the proximity of the trenches to
dictate their resulting larger size. As the patterned square size is
increased to Lx,y = 10 and 20 μm, it is clear that the likelihood
of forming correspondingly large membranes is reduced while
the population of smaller internally fractured membranes
increases. For Lx,y = 20 μm, the distribution approaches that of
the as-grown sample with an average lateral size around ∼2.5
μm, and only very few membranes of the intended size were
observed (see inset in the lower panel of Figure 3b). Thus, this

method has both an upper and lower limit for the size control,
with the yield of intentionally sized membranes reducing as the
pattern sizes become much larger than the average 1.9 μm.
Also stated on the respective panels of Figure 3b is the success
rate (SR), defined as the fraction of spalled membranes with
dimensions Dx,y within ±0.25 μm (i.e., the trench width) of the
defined pattern dimensions Lx,y out of the total number of
membranes. With this definitionreflecting the peak area of
the distributionsthe success rate decreases monotonously
from 75% for the 4 μm pattern to 25%, 8%, and 0.7% for the 7,
10, and 20 μm patterns, respectively. This is clearly significant
compared to the unpatterned sample (Figure 1c) where the
corresponding SR for the same sizes would be 2.7%, 0.3%,
0.1%, and 0.0% . This is also consistent with a direct inspection
of SEM images, which confirm that membranes found with the
intended sizes indeed result almost exclusively from directed
formation along the milled pattern and not random spalling,
which occasionally has a similar size. An alternative definition
of SR is the area covered by correctly spalled membranes with
respect to the total imaged area. This definition is insensitive to
the failure mode (e.g., whether membranes failed to fracture at
all or the degree to which a patterned membrane subdivided).
With this definition, the corresponding success rates are ∼10%,
25%, 20%, and 5% for Lx,y = 4, 7, 10, and 20 μm. The failure
mode for the smaller membranes are thus primarily due to
intended membranes not forming at all, while for L = 20 μm, a
sizable fraction of the number of possible membranes did form,
although a large number of smaller membranes is also present.
We note that both definitions of SR would yield 100% in the

Figure 2. (a) Schematic illustration of the surface patterning by Ar+-
ion milling. (b) Atomic force microscopy (AFM) topography map of
the STO surface following Ar+-ion milling and cleaning procedures for
a field with Lx,y = 2 μm squares (scale bar is 2 μm). The dashed square
and line correspond to the zoomed image in c and height profile in d,
respectively. (c) High-resolution AFM image of the area in b showing
clear terraces characteristic of clean TiO2-terminated STO (scale bar
is 200 nm). (d) Height profile along the dashed line in b, which shows
an average milled depth of 20 nm and a trench width of w = 250 nm.

Figure 3. (a) Representative SEM images of the different patterned
sizes investigated with Lx,y = 4−20 μm. Scale bar corresponds to 5 μm.
(b) Size distributions (Dx,y) of membranes measured in SEM for each
Lx,y investigated, with sucess rate (SR) indicated for each. For smaller
patterned sizes, the resulting membranes appear with a size close to
the intended. As the patterned size is increased, smaller membranes
are formed as a result of internal fracture inside the patterned square
that ultimately approaches the as-grown membrane size distribution.
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case of perfect controlled spalling, and we expect that the
numbers can be greatly improved in the future by optimizing
the patterning and growth parameters. To summarize, for all
grid sizes, membranes were found and were spalled along the
intended pattern. While this serves as proof of the concept, the
histograms in Figure 3b quantify its efficiency as discussed
above.
As clearly seen in the scanning electron micrographs of the

uncontrolled membrane growth in Figure 1b, the natural
fracture direction is along the [100]/[010] high-symmetry
directions, and these were also chosen for the orientation of
the control patterns in Figures 2 and 3. To investigate the
possibility of generating complex membrane shapes following
other directions, a trench pattern was fabricated along [110]/
[1-10], i.e., rotated by 45° with respect to the design in Figures
2 and 3. The resulting membranes are shown in SI Figure S5.
While a significant fraction of membranes shows internal
cracks or corners truncated along [100]/[010], the pregrowth
patterning method is clearly feasible for also directing fractures
along directions not along the naturally preferred [100]/[010].
Lastly, to demonstrate the perspectives of the self-formed

membranes and the present patterning technique for electronic
devices, we show in Figure 4 the results of the controlled

membrane transfer onto a SiO2/Si substrate by means of a
micromanipulator (see Experimental Section for details). Four
individual membranes were selected on different patterning
fields of the growth substrate and transferred and arranged on a
Si/SiO2 substrate with respect to an existing alignment grid.
This degree of control shows the feasibility of this patterning
method for realizing unique device principles involving the
LAO/STO interface two-dimensional electron gas or for
devices combining functionalities of different oxide hetero-
structures in the same circuit. We note that, despite the
curvature, the membranes are sufficiently clamped to the
substrate by van der Waals forces to allow for standard device
fabrication procedures (resist spinning, etc.). In device

geometries, the membranes are further fixed by contact
materials. We also note that the micromanipulator technique
will allow for the routine transfer of the membranes to any
substrate and will expand the possible heteromaterial
combinations. We expect that entire arrays of membranes
may be simultaneously transferred, keeping their mutual
distances, by adapting the techniques of polydimethylsiloxane
(PDMS) stamping developed for the assembly of van der
Waals heterostructures.

■ CONCLUSION

To conclude, we have demonstrated a proof-of-principle for
the directed spalling and size control of conducting LAO/STO
heterostructure membranes. The method relies on patterning
the stress discontinuities in the LAO/STO epitaxial hetero-
structure by locally altering the growth substrate using argon
milling prior to the growth. The size control is constricted by
an upper and lower limit with respect to the yield and
reproducibility of membranes. We also demonstrate the
capability of direction fracture formation along directions
different from [100]/[010] otherwise strongly preferred
without the pregrowth patterning. Lastly, we show that the
membranes can be manipulated in a controllable manner with
a micromanipulator needle and transferred onto a silicon
substrate. Preliminary results (Figure S5) suggest that
extending the trench width may increase the yield, and we
expect that a systematic variation of all the design parameters
(trench width, depth, etc.) as well as LAO thickness will allow
for significant improvement of the yield and extend the
method toward more complex structures. We note further that
the membranes exhibit thickness variations determined by the
propagation of the crack tip during spalling. At a distance from
the edge that exceeds the thickness, the unevenness is not
expected to depend on the nature of the crack triggering
(spontaneous vs controlled), and although no systematic study
has been done, no significant differences have been observed
compared to the previous work of ref 10. Thickness variations
may, however, be related to the speed of the spalling process,
and we expect that, by introducing a sacrificial handling/
straining layer onto the heterostructure stack, our method may
be improved both toward membranes of larger lateral size and
more uniform thickness.

■ EXPERIMENTAL SECTION
LAO with a thickness of 70 nm, used for both unpatterned and
pregrowth patterned spalled micromembranes, was grown by pulsed
laser deposition (PLD) on TiO2-terminated (001) STO substrates
heated to 730 °C at a oxygen background pressure of 2 × 10−2 mbar.
The LAO was ablated from a single crystal target with a KrF excimer
laser at a repetition rate of 3 Hz and a laser fluence around 2.5 J/cm2.
The laser pulse width was 20 ns, the ablation spot area was 0.78 mm2,
and the angle of incidence was 45°. The target−substrate distance was
in all depositions fixed to 37 mm. Following LAO growth, the samples
were annealed at 500 °C in 50 mbar oxygen for 1 h, before cooling to
room temperature under the same oxygen partial pressure.

To prepare the pregrowth patterned sample for electron-beam
lithography, the sample was first rinsed in acetone and isopropanol
and finally dried with N2. In order to direct the Ar+-milling, the
sample was prepared with a ∼ 900 nm trilayer e-beam resist stack
consisting of copolymer El6, Czar 13%, and a decharging top-layer of
Espacer 300Z. The resist stack was exposed and developed using
standard conditions. The Ar+-milling was carried out with a Kaufman
ion source using a beam voltage of 600 V and a beam current of 23
mA. Using these beam conditions, the sample was milled for 6 min.

Figure 4. (a) Schematic illustration of the controllable manipulation
and transfer of LAO/STO membranes with a micromanipulator
needle onto a silicon substrate. (b) SEM image of transferred
membranes arranged into a row on the prepatterned silicon substrate.
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The remaining resist was stripped with N-methyl-2-pyrrolidone
(NMP), and organic residues were removed by oxygen plasma ashing.
Individual LAO/STO membranes were transferred from the

growth substrate to the silicon substrate in a home-built setup having
a programmable motorized stage (x,y,z)+ rotation where the growth
source substrate and the silicon target substrates are placed. In
addition, the system was equipped with an Eppendorf x,y,z
manipulator equipped with a 0.1 μm disposable tungsten needle.
The system was integrated into a long working-distance optical
microscope, and nanostructures can routinely be picked-up from the
source substrate and deposited on the target substrate with an
accuracy of less than 1 μm.
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ABSTRACT: Freestanding oxide membranes constitute an
intriguing material platform for new functionalities and allow
integration of oxide electronics with technologically important
platforms such as silicon. Sambri et al. recently reported a method
to fabricate freestanding LaAlO3/SrTiO3 (LAO/STO) membranes
by spalling of strained heterostructures. Here, we first develop a
scheme for the high-yield fabrication of membrane devices on
silicon. Second, we show that the membranes exhibit metallic
conductivity and a superconducting phase below ∼200 mK. Using
anisotropic magnetotransport we extract the superconducting
phase coherence length ξ ≈ 36−80 nm and establish an upper
bound on the thickness of the superconducting electron gas d ≈
17−33 nm, thus confirming its two-dimensional character. Finally,
we show that the critical current can be modulated using a silicon-based backgate. The ability to form superconducting
nanostructures of LAO/STO membranes, with electronic properties similar to those of the bulk counterpart, opens opportunities for
integrating oxide nanoelectronics with silicon-based architectures.

KEYWORDS: LAO/STO heterostructure, freestanding membrane, superconductivity, strain

Freestanding membranes of complex oxides have attracted
a great deal of interest in recent years1−3 due to the

potential of integrating oxides with technologically important
platforms such as silicon, flexible polyethylene terephthalate,
and biocompatible polymide, a goal which has proven a
considerable challenge by conventional means of epitaxial
growth. Additionally, in comparison to conventional bulk
heterostructures, membranes may accommodate much larger
strain and enhanced properties that are tied to mechanical
degrees of freedom.1,4−6

Studies of electron transport in oxide heterostructures
remain an active field of research.7−9 The canonical system
for oxide electronics is the two-dimensional electron gas
(2DEG) appearing at the heterointerface between the two
perovskites SrTiO3 (STO) and LaAlO3 (LAO).10−12 STO-
based 2DEGs can attain high electron mobilities,13 allow gate
tunability, and have been shown to host unique combinations
of properties, including a large spin−orbit coupling14 enabling
significant spin/charge interconversion efficiencies,15−17 room-
temperature in-plane ferromagnetic ordering,18 and a gate-
tunable superconducting phase at low temperature. The phase
diagram of the two-dimensional superconducting state
resembles that of doped bulk STO with a dome-shaped
dependence of the transition temperature on carrier
density.19−21 This closely resembles high-Tc superconductors

and has served as a motivation for significant theoretical and
experimental efforts.
State of the art techniques for fabricating freestanding oxide

membranes employ a sacrificial layer and epitaxial liftoff1−3 but
have so far not allowed the realization of freestanding and
conducting LAO/STO membranes. However, we recently
reported an alternative method based on strain-induced
spalling that consistently produces freestanding LAO/STO
heterostructure membranes featuring metallic conductiv-
ity.22,23 The lateral size of the membranes are in the
micrometer range and can be controlled by pregrowth
substrate preparation, and individual membranes can be
transferred to other substrates for device purposes.22,24 The
spalled micromembranes differ significantly from the conven-
tional bulk LAO/STO heterostructure counterpart. First, the
much thicker LAO top layer (∼70 nm) will effectively screen
the conducting interface from scattering associated with
fluctuations of the chemical and electrical potential due to
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surface defects and adsorbates. Second, strain and strain
gradients are known to strongly influence the mobility and
superconducting properties of the LAO/STO films25,26 and the
interface 2DEG.27 For example in ref 26, a 0.3% strain was
shown to increase the mobility of STO by 300% and in ref 27 a
strain gradient of 0.2 m−1 was found to increase (decrease) the
mobility (density) by ∼10%. In comparison, the strain at the
interface of the membranes is ∼2% and the strain gradient is
∼105 m−1 measured directly by a geometric phase analysis of
cross-sectional TEM.22 The aim of the present study is to
establish the low-temperature electrical properties of this novel
system by measurements of individual membranes incorpo-
rated into devices on a Si/SiO2 substrate. Here we demonstrate
the presence of a superconducting phase with a transition
temperature of ∼120−250 mK, similar to typical values for
bulk LAO/STO.19,20 From anisotropic magnetotransport we
extract the in-plane phase coherence length and set an upper
bound on the effective thickness of the interface electron gas,
confirming its two-dimensional character. Finally, using the
doped Si substrate as a gate electrode, we achieve electrostatic
tunability of the normal state resistance and of the critical
current of the freestanding membranes.
Devices were fabricated from freestanding LAO/STO

membranes produced by spalling of a LAO/STO hetero-
structure with a 70 nm LAO top layer.22 The spalling
technology has been developed for semiconductors28,29 and
can occur for a tensile strained top layer with sufficient stress
and bonding. For brittle crystals the interplay of the shear and
opening stress at the tip of a fracture front may direct the
propagation parallel to the surface at a stable depth.30 The
depth depends on the mechanical properties of the materials,
and for LAO/STO the thicknesses are approximately 1:1. The
details of the growth are given in ref 22 and in Section 1 in the
Supporting Information. Figure 1a shows a scanning electron
microscope (SEM) image of a spalled surface, and Figure 1b,c

shows cross sectional Z-contrast scanning transmission
electron microscopy images confirming the perfect epitaxial
LAO/STO interface. The images clearly show the strain-
induced curvature of membranes due to the LAO/STO lattice
mismatch driving the spalling process. A detailed analysis of
the strain in the membranes by a geometric phase analysis of
the TEM is presented in ref 22. The individual membranes are
approximately square, are fractured laterally along the (100)
and (010) crystal planes, and have lateral dimensions of 2−
4 μm and a total thickness of ∼140 nm (∼70 nm LAO + ∼70
nm STO).22 This thickness was chosen as a compromise of
thicker membranes requiring special fabrication methods and
very thick metal layers and thinner membranes which exhibit a
smaller radius of curvature and thus a weaker van der Waals
bonding to the substrate and risk of moving during device
processing. Individual membranes were transferred from the
STO growth substrate to a degenerately doped Si substrate
capped with 100 nm of SiO2 and prepatterned with a grid of
gold markers for alignment of electrodes to the membranes.24

Electrical contact to the membrane interface was achieved by a
combination of gentle Ar+-ion milling followed by Ti/Au
evaporation. To properly wet the interface, the contacting
procedure was repeated twice using a grazing incident angle
and an in-plane orientation parallel/antiparallel to the device
axis (see the Supporting Information for fabrication details).
This procedure is crucial for achieving a high yield of low-
resistance devices and also mechanically fixes the membranes
to the silicon oxide surface. A finished device is shown in
Figure 1d. The steps seen in the contact profile (white arrows)
are a consequence of the two-step contact procedure. The
membranes remain curved also after transfer to silicon and
deposition of contacts, as shown by AFM and tilt-view SEM in
Figure S1 in the Supporting Information. The samples were
mounted in a sample holder with conducting silver paste
providing contact to the conducting p++ Si substrate, which

Figure 1. (a) Tilt-view scanning electron microscope (SEM) image of the as-grown LAO/STO micromembranes. (b) Low-magnification scanning
transmission electron microscope (TEM) image of a cross section of the growth substrate. The LAO layer (blue) appears with a lighter contrast in
comparison the STO (brown). A partially released LAO/STO micromembrane is apparent with curving due to a LAO/STO lattice mismatch. (c)
High-resolution image of the epitaxial LAO/STO interface. (d) Artificially colored SEM of a finished LAO/STO membrane device fabricated on a
p++ Si/SiO2 substrate. The degenerately doped substrate acts as a backgate electrode in the measurements. (e) Two-terminal resistance vs
temperature for five devices showing metallic behavior. (f) Low-temperature regime of (e) showing superconducting transitions. In (e) and (f), the
resistance of the cryostat filters and the membrane/metal interface have been subtracted (see text) and results for Dev. 2 and 5 have been scaled by
factors of 0.5 and 0.2, respectively, for clarity.
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acted as an electrostatic backgate. A total of 50 two-terminal
devices were fabricated, out of which 23 showed room-
temperature conductivity. The remaining devices showed
immeasurably high resistance presumably due to poor contact
characteristics. Five conducting devices were selected for
further investigation at low temperature (referred to, in the
following, as Dev. 1−5). Measurements were performed in a
dilution refrigerator with a base temperature of ∼15 mK and
equipped with a 6/1/1 T vector magnet. Due to the two-
terminal device configuration, resistance from contacts and
filtering in the cryostat contribute in series to the membrane
resistance. This 6−10 kΩ constant series resistance is
estimated as the baseline in the superconducting regime and
is subtracted in the following.
The two-point resistance as a function of temperature is

shown in Figure 1e. All devices show metallic behavior with a
decreasing resistance upon lowering of the temperature. A
pronounced resistance drop is observed in the sub-Kelvin
regime, as emphasized in Figure 1f, consistent with the
emergence of a superconducting phase. The apparent different
critical temperatures between devices and the nonmonotonous
transitions are similar to previous studies of superconductivity
in bulk LAO/STO interfaces.14,19 This has been attributed to
inhomogeneity at the interface leading to superconducting
puddles with different individual transition temperatures
embedded in a metallic background31−34a scenario which
also seems to describe the membranes. Given that the 2DEG
in the membranes is buried 70 nm from the surface, much
deeper than that in bulk samples of <6 nm,19,32,33 this result
suggests that the origin of the inhomogeneity is intrinsic35,36

and is not associated with surface adsorbates. Also, strain in
LAO/STO can modulate the interface density27 and a
nonhomogeneous strain profile in the membranes could lead
to spatial variations.
The spatial extent of the superconducting state was probed

by measuring the effect of a magnetic field applied along the
principal axes of the device: the out-of-plane perpendicular
direction (Bz) and the in-plane direction perpendicular (By)
and parallel (Bx) to the current direction, respectively (see
Figure 1d for the definition of the coordinate system). Figure
2a−c shows R(T) values for Dev. 4 at different fields. The
nonmonotonicity is pronounced at finite fields and shows
regions of decreasing R with increasing T. Such behavior has
been previously discussed for mesoscopic superconductors37

and supports the scenario of a spatially inhomogeneous
superconducting phase. The corresponding critical fields,
Hc(T), are shown in Figure 2d, defined such that R(Hc) =
0.95 × RN, where RN is the normal state resistance at 300 mK.
Clearly, the in-plane critical field Hc

x,y is much larger than Hc
z,

consistent with results from bulk LAO/STO samples,34,38,39

and shows that the superconducting coherence length, ξ,
exceeds the thickness of the superconductor. The remaining
devices were measured in a similar way and showed similar
characteristics (see Figure S4 in the Supporting Information).
Fitting the values for Hc in Figure 2d to the Ginzburg−

Landau relation Hc(T)/Hc(0) = 1 − (T/Tc(0))
2, we estimate

the T = 0 critical magnetic field Hc(0) along the x, y, and z
directions for each device. Here Tc(0) is the critical
temperature for B = 0. The fitted values are collected in
Table 1. We note that the difference in the critical fields Hc

x and
Hc

y for B parallel to the substrate is consistent with the
curvature of the micromembranes (Figure 1), which results in
a larger projected area depending on the in-plane orientation.

We also speculate that this unavoidable field component
perpendicular to the membrane is responsible for the finite
slope of Hc

y,x(T) near Tc, which for a 2D superconductor in a
perfect parallel field is expected to go to zero with a vertical
tangent.38 In the following, we take the largest of the in-plane
values as the closest estimate of the parallel in-plane critical
field, Hc

∥(0). On the other hand, the critical field extracted
along z perpendicular to the substrate, Hc

z(0), is not expected
to be significantly affected by the membrane curvature and this
value is thus assumed to be equal to the upper out-of-plane
critical field, Hc

⊥(0). With these values we calculate the

coherence length ξ πμ= Φ ⊥H/(2 (0))0 0 c and the effective

t h i c k n e s s o f t h e s u p e r c o n d u c t i n g s y s t e m
πξμ= Φd H3 /( (0))0 0 c , where Φ0 is the flux quantum and

μ0 is the vacuum permeability.38 The values are collected in
Table 1. The thickness, d, falls in the range d ≈ 17−33 nm, and
for all samples d ≪ ξ which confirms the two-dimensional
character of the superconducting phase in the membranes.
This value is consistent with results from conventional planar
LAO/STO extracted using the same method.38,40,41 We note,
however, that due to the membrane curvature the extracted Bc

∥

is likely underestimated and the extracted values of d should be
considered an upper bound. Further, the value does not
depend significantly on the specific definition of Tc. For
instance, taking a 10% threshold (R(Tc) = 0.9RN) results in Tc
and Hc values for e.g. Dev. 5 of Tc(0) = 196 mK, Hc

x/y/z(0) =
648/1815/191 mT, respectively, and d = 15 nm. For the
common 50% threshold, a rough estimate gives Bc

⊥ = 150 mT
and Bc

∥ = 1.1 T leading to 50 and 25 nm for the coherence
length and thickness; however, the rapid increase of R with B⊥

and the finite field step size prevent such analyses for most
devices. In all cases, the qualitative conclusion remains
unchanged.
We now consider the critical currents. Figure 3a shows the

V−I curves for Dev. 4 measured at 14 mK, where the voltage

Figure 2. (a−c) Resistance of Dev. 4 as a function of temperature and
fixed values of magnetic fields applied perpendicular to the substrate
(Bz), in-plane parallel to the current direction (Bx), and in-plane
perpendicular to the current direction (By), respectively. The field was
increased in steps of 50 mT. (d) Critical magnetic field (μ0Hc) as a
function of temperature. Solid lines show fits to Ginzburg−Landau
theory, allowing extraction of the zero temperature critical magnetic
field.
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was measured in response to the applied current. Contribu-
tions to V from the resistance of cryostat wiring and contacts
were identified from the superconducting state and subtracted.
A clear supercurrent branch is observed at low currents with an
abrupt transition to a resistive state upon increasing the current
from 0 to the critical current IC ≈ 125 nA (orange arrow).
Upon sweeping from high currents I > IC toward zero (blue
curve), the device returns to the superconducting state at IR ≈
100 nA. We attribute the difference between IC and IR to an
effect of Joule heating in the normal state or to a
superconducting phase consisting of an array of underdamped
Josephson weak links, as previously discussed in the context of
LAO/STO.34,42

The magnitude of the critical current is related to the size of
the sample and the carrier density of the 2DEG or the normal
state resistance of possible intrinsic weak links. To allow a
comparison of the measured IC values of the membranes with
those of conventional bulk heterostructures, we performed a
finite element simulation of the resistance of a device
consisting of a 2DEG of sheet resistance RS contacted in the
geometry of Figure 1d (see Figure S3 in the Supporting

Information). The simulation gives R ≈ 0.5RS, and from the
measured normal state resistance RN ≈ 0.45 kΩ in Figure 2 we
estimate the sheet resistance of the membrane 2DEG to be RS
≈ 900 Ω. On normalization to the width of the device W ≈ 2
μm (see Figure 1), the critical current densities (1.5−60 nA/
μm) are given in Table 1 for each device. For Dev. 4 Jc = 60
nA/μm, which is similar to the corresponding values of 10−
150 nA/μm reported in the literature for LAO/STO
heterostructures19,34,43 and nanoscale devices44,45 based on
bulk LAO/STO heterostructures of similar normal state
resistance/resistivity. For bulk LAO/STO, Jc varies signifi-
cantly between samples, and this trend is enhanced further for
the membranes. We attribute this again to the increased
importance of spatial inhomogeneity, as was also seen in the
enhanced nonmonotonicity of R(T) in Figure 2. We thus
conclude that also in this respect the membrane 2DEG serves
as a microscale model system for the bulk heterostructures.
Figure 3b shows a contour map of the differential resistance

vs I and T. The zero-resistance state extends up to ∼200 mK,
and in Figure 3c the extracted temperature dependence of the
critical current is shown along with a fit to the GL mean field
result IC

GL(t) = IC(0)(1 − t2)3/2(1 + t2)1/2 where t = T/TC
GL, TC

GL

= 145 mK, and IC(0) = 108 nA. The fit captures the trend
reasonably well but drops to zero more abruptly than in the
experiment; the reason for this discrepancy is unknown.
From both scientific and application viewpoints, a key aspect

of the LAO/STO system is the susceptibility to electrostatic
gating, which merges the functionality of strong correlations
with the tunability of semiconductors. For bulk LAO/STO
heterostructures the tuning of the carrier density by back-
gating46 and topgating47 has been well established, allowing the
tuning of the superconducting transition temperature.20,43,48 In
conventional backgated devices, the bulk STO substrate acts as
the gate dielectric and the large dielectric constant at low
temperature (εSTO ≈ 2 × 104 at T = 2 K) ensures a significant
electrostatic coupling to the electron gas, while for topgates,
this is achieved by a thin gate dielectric. In the case of the
membrane devices it is instead the highly doped Si substrate
which acts as a conducting plane separated from the membrane
by 100 nm of SiO2.
For the measurement of Dev. 3 and 4 the backgate was not

connected and instead Figure 4a shows dV/dI vs Vg and I for
Dev. 5 measured in a separate cooldown. The zero-resistance
region (dark blue) widens with increasing Vg, and Figure 4b,c
shows the corresponding extracted gate dependence of the
critical current IC(Vg) and normal state resistance RN(Vg),
respectively. Here RN was extracted at a high bias of Vsd = 1
mV outside the superconducting region. RN decreases from 5.5

Table 1. Collected Parameters for the Five Devicesa

Dev. no. RS (Ω/□) Tc(0) (mK) Hc
x(0) (mT) Hc

y(0) (mT) Hc
z(0) (mT) ξ (nm) d (nm) Jc (nA/μm)

1 1000 186 638 335 *
2 900 214 660 908 119 53 24 *
3 900 119 325 249 52 80 33 20
4 900 246 831 1335 165 45 19 60
5 2000 225 803 1922 256 36 17 1.5−4

aThe sheet resistance RS is estimated from the measured normal state resistances (e.g. Figure 2) in combination with a finite-element simulation of
the device geometry (see text). The transition temperature at zero field, Tc(0), is extrapolating Hc(T) to zero (Figure 2d). Note that Tc is defined
such that R(Tc) = 0.95RN and devices 1 and 2 thus have values for Tc even if they do not develop a zero-resistance state (marked with an asterisk).
Hc

x/y/z(0) denote the values of the zero temperature critical magnet field along each orientation studied extrapolated from the fits in Figure 2. ξ and
d denote the corresponding in-plane coherence length and extracted superfluid thickness based on the largest in-plane critical fields, respectively. Jc
denotes the measured critical supercurrent density.

Figure 3. (a) DC bias voltage (Vsd) for Dev. 4 as a function of current
(I), where the orange and blue traces correspond to up and down
sweeping directions, respectively. The critical current for the
superconducting transition (Ic) is clearly observable, as is the
retrapping current. (b) Two-dimensional plot of the resistance as
function of temperature and current. The zero-voltage state vanishes
at around 200 mK. (c) Extracted critical current as a function of
temperature. The solid line is a fit to the Ginzburg−Landau theory.
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to 3.5 kΩ upon inducing carriers, while the critical current
increases from 3 to 8 nA. This qualitative behavior is consistent
with a superconducting 2DEG following the trend of
conventional LAO/STO in the underdoped regime. In Figure
4a, a series of steps in dV/dI is seen at currents higher than Ic,
as indicated by arrows. The origin of these features remain
unknown; however, we speculate that they may be associated
with transitions of local superconducting regions of an
inhomogeneous 2DEG or to interactions with resonant
microwave modes in the sample holder similar to Fiske steps
of conventional Josephson junctions.49

The two-terminal configuration of the devices does not
allow a Hall measurement to separately determine the mobility
and density of the interfacial 2DEG. However, our results
indicate a superconducting state very similar to that of
conventional LAO/STO, and the values of Tc and the gate
dependence place the devices as being slightly underdoped
with respect to the maximum of the dome-shaped super-
conducting phase diagram that occurs at ns ≈ (1.5−2) × 1013

cm−2.20,50 Thus, we estimate a density of ns ≈ 1 × 1013 cm−2

for the membrane 2DEG with the extracted sheet resistance RS
≈ 1 kΩ/□ (Table 1); the typical mobility is μ ∼ 1000 cm2/(V
s), which again is a typical value of conventional LAO/STO
2DEGs.50 We stress that this estimate is based on unknown
assumptions regarding Tc, doping, etc. in the membranes and
should be considered only as confirmation that, assuming a
behavior similar to conventional LAO/STO, the data also
support a mobility in the expected order of magnitude. In
general, the analysis used here both for extracting characteristic
length scales and in our simulation of RS is based on a
homogeneous superconductor, although signatures of spatial
inhomogeneity are observed in the temperature dependence
and presumably play a role in the sample to sample variations.
Thus, we stress that the analysis should be considered only for
qualitative insights, for comparison with conventional LAO/
STO, and for order of magnitude estimates.
The fact that both the quantitative parameters (Tc, d, ns, μ,

Jc, Hc, and ξ) and the qualitative behavior (shape of multistep
transition) are identical with what can be found in conven-
tional planar LAO/STO 2DEGs is surprising, given the very

large strain (∼2%) and strain gradients (∼105m−1) in the
membranes.22 Detailed studies of conventional LAO/STO
have indeed shown that applying strain gradients as small as
0.2 m−1 (6 orders below that present in the membranes) led to
an increase (decrease) of the carrier mobility (density) by
∼10%.27 Also, for a STO thin film a 0.3% strain (1 order below
that of the membranes) increased the mobility of STO by
300%.26 Also, the tetragonal domain structure of STO
occurring below 105 K is expected to be aligned by the
strain22 rather than form a random domain landscape as in
planar STO.51,52 Although the domain structure has been
extensively demonstrated to affect the transport properties of
the 2DEG,51,52 no apparent influence is detected in the
membranes for either the metallic conductivity or the
superconducting phase. This apparent insensitivity is indeed
remarkable, and the mechanisms for compensating the effects
of the mechanical deformation deserve further investigation.
We note, that previous studies of high-Tc perovskite
membranes fabricated by epitaxial liftoff and transferred to
silicon also showed properties nearly identical with those of
their bulk counterparts.53

In summary, using Si/SiO2 as a substrate, we have fabricated
electrical devices based on LAO/STO freestanding micro-
membranes. We report measurements of the low-temperature
characteristics, demonstrating the presence of a superconduct-
ing phase. From the anisotropy of the in-plane and out-of-
plane critical magnetic fields we extracted a phase coherence
length of ξ ≈ 36−80 nm and an upper bound on the thickness
of the superconducting layer of d ≈ 17−33 nm. This shows the
two-dimensional character of the electron system in the
freestanding heterostructure membranes. The critical super-
current density and the temperature dependence are found to
be similar to values reported for macroscopic LAO/STO
samples. Finally, we demonstrate the tunability of the normal
state resistance and the critical current using the conducting
silicon back-plane as a gate electrode. The results establish the
spalled heterostructure membranes as freestanding microscale
models of the LAO/STO system. We demonstrate a high yield
of integrating individual membranes into electrical circuitry on
standard silicon substrates. The system thus provides a
promising backbone for oxide-based quantum devices,
mesoscopic superconductivity utilizing the unique tunability
of the LAO/STO heterostructure, and investigations of
mechanical degrees of freedom in suspended devices. The
approach appears to be clearly feasible, and experiments can
directly adapt established and optimized techniques and
protocols from the field of semiconductor nanowire devices.
Further, in contrast to devices based on conventional LAO/
STO samples, each spalled growth produces millions of
individual membranes that may be harvested for multiple
device generations and thus enables rapid prototyping and
optimization of devices.
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Figure 4. (a) Differential resistance as a function of applied current
and gate voltage for Dev. 5. (b) Extracted critical current as a function
of Vg extracted from (a). (c) Normal state resistance RN as a function
of Vg extracted at high bias outside the superconducting region. The
overall trend is consistent with gate-induced carrier accumulation in
the 2DEG and a superconducting phase in the underdoped side of the
dome-shaped phase diagram.
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ABSTRACT
Along with recent advancements in thin-film technologies, the engineering of complex transition metal oxide heterostructures offers the
possibility of creating novel and tunable multifunctionalities. A representative complex oxide is the perovskite strontium titanate (STO),
whose bulk form is nominally a centrosymmetric paraelectric band insulator. By tuning the electron doping, chemical stoichiometry, strain,
and charge defects of STO, it is possible to control the electrical, magnetic, and thermal properties of such structures. Here, we demon-
strate tunable magnetism in atomically engineered STO thin films grown on STO (001) substrates by controlling the atomic charge defects
of titanium (VTi) and oxygen (VO) vacancies. Our results show that the magnetism can be tuned by altering the growth conditions. We pro-
vide deep insights into its association to the following defect types: (i) VTi, resulting in a charge rearrangement and local spin polarization,
(ii) VO, leading to weak magnetization, and (iii) VTi–VO pairs, which lead to the appearance of a sizable magnetic signal. Our results suggest
that controlling charged defects is critical for inducing a net magnetization in STO films. This work provides a crucial step for designing
magnetic STO films via defect engineering for magnetic and spin-based electronic applications.

© 2022 Author(s). All article content, except where otherwise noted, is licensed under a Creative Commons Attribution (CC BY) license
(http://creativecommons.org/licenses/by/4.0/). https://doi.org/10.1063/5.0101411

INTRODUCTION

Strontium titanate (SrTiO3, STO) has a cubic ABO3 perovskite
structure (space group: Pm-3m, a lattice constant of a = 3.905 Å)
at room temperature (RT). It is a nonmagnetic band insulator with
an indirect bandgap of 3.25 eV separating the valence band O
2p states and the lowest unoccupied Ti 3d t2g states of the con-
duction band.1,2 STO has a large dielectric constant of about
300 at room temperature in a low electric field and exhibits a
quantum paraelectric behavior at very low temperatures, i.e., a

suppression (in the ∼20–100 K range) of the ferroelectric transition
by quantum fluctuations.2,3 The electrically insulating phases of STO
can be made conductive (i) by replacing oxygen atoms with oxygen
vacancies, which then act as donor-type dopants or (ii) by subtle
chemical doping, e.g., Nb (0.1%)-doped STO. Both undoped and
Nb-doped STO single crystals have been widely used as substrates
for the growth of oxide films. STO-based structures have shown a
rich diversity of remarkable properties including low-temperature
high (∼104 cm2V−1s−1) electron mobility,4–6 superconductivity
below 300–500 mK,7,8 room-temperature ferroelectricity,9,10 large
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dielectric constants (εr = ∼103 at RT),9,11 room-temperature ferro-
magnetism,12 and nonvolatile resistive switching.13 These interest-
ing properties of STO can be obtained through delicate control of
the electron doping (via chemical dopants such as La or Nb), vari-
ations in the stoichiometry, strain-induced symmetry breaking, and
defect engineering. As a result of this panoply of material properties,
for more than half a century, engineered perovskite STO materials
and STO-based homo-/heterostructures have attracted considerable
scientific interest and become integral materials for oxide-based
electronic device applications.

In particular, inducing magnetism in STO thin films can
be accomplished through modifications to the lattice strain by
employing lattice-mismatched single crystalline oxide substrates
(e.g., biaxial strain = −1.16% and +1.29% for NdGaO3 and TbScO3,
respectively) and/or by controlling cation stoichiometry (Sr or Ti
deficiency) and oxygen vacancy (VO) concentrations.14–18 Defects
typically result in lattice expansion and a charge rearrangement in
STO. This can lead to lattice symmetry breaking (electric polar-
ization), followed by an electronic reconstruction and crystal field
splitting (e.g., splitting of degenerate Ti 3dt2g ,eg orbitals into a rela-
tive energy scheme that follows dxz/dyz < dxy < d3z2−r2 < dx2−y2 ).19,20

The origin of magnetism in STO has remained a long-standing prob-
lem, and the presence of VO defects has been widely regarded as
one of the main contributors to magnetization: Oxygen vacancies
allow the partial reduction of Ti4+ into magnetically active Ti3+. A
few examples of some of the proposed mechanisms are listed here:
Coey et al. suggested that the origin of ferromagnetism in reduced
STO is either due to direct exchange interactions between VO and
the molecular orbitals of valence electrons of surrounding Ti ions
or due to a Stoner-type spin-splitting of the Ti 3d band for fer-
romagnetically coupled electrons.12 However, Brovko and Tosatti21

reported theoretical results suggesting that an isolated VO defect in
STO only stabilizes states with low or zero total magnetization since
the two Ti spins facing each other across the VO are antiferromag-
netically coupled via strong direct exchange interaction. Doenning
and Pentcheva22 demonstrated that in LaAlO3 (LAO)/STO het-
erostructures, Ti dxy bands could be dominantly magnetized via
magnetic double-exchange interactions between Ti3+ and Ti4+ when
a tensile in-plane strain is induced in TiO6 octahedra and the elec-
tron doping level is below 7 × 1014 cm−2. However, this electron
doping level (0.5e per Ti) per STO monolayer is hard to achieve
practically when considering that Ti dxy orbital polarization in a
c-axis compressed STO is purely induced by a high VO concen-
tration of ∼25 at. % as a VO sublattice. Note that it was found
that the perovskite lattice of SrTiO3−x retains a VO concentra-
tion of ≤5.6 at. %.23 Similar VO-mediated Ti magnetization levels
have been observed experimentally in reduced STO ceramics,12,24

STO thin films,25 STO-based heterostructures (e.g., LAO/STO inter-
faces),26 and reduced TiO2−x.27 However, these examples show very
weak magnetic responses, which do not appear robust enough to
be employed practically. Importantly, it was also found that in
the absence of VO defects, magnetism can still occur in these sys-
tems by controlling cation off-stoichiometry (e.g. Ti vacancies).28–30

The above observations indicate that magnetism in the STO sys-
tem might be induced by contributions of both cation and anion
defects. Hence, understanding the role of these defects is of critical
importance for creating and controlling the associated magnetism in
STO.

In this work, we demonstrate tunable magnetic properties of
homoepitaxial STO thin films by controlling both cation off-
stoichiometry (VTi) and VO contents using pulsed laser deposition
(PLD). Our results show that oxygen partial pressure (PO) strongly
influences the growth dynamics and the magnetization of the films.
We found incorporating both VTi and VO defects into the lattice
structure can enhance magnetism up to a threshold concentration
at which a strong charge compensation occurs. We have used first-
principles calculations to classify the effects of individual defects and
complex defect pairs on the development of a magnetic response in
STO, conclusions which are supported by x-ray magnetic circular
dichroism (XMCD) measurements. Our results show that manip-
ulating the oppositely charged atomic defects in STO is the key to
creating and tuning magnetism in STO thin films.

RESULTS AND DISCUSSION

Epitaxial STO films were grown on TiO2-terminated STO(001)
substrates [Fig. 1(a)] using a pulsed laser deposition (PLD) system
equipped with reflection high-energy electron diffraction (RHEED),
which was used to control the thickness of the deposited films. The
substrate temperature was kept at 700 ○C and a laser repetition rate
of 1 Hz was employed for the film growth. The laser-beam spot
size on the STO target was ∼4.5 mm2. To obtain the growth of B-
site cation deficient STO films, we employed a consistent low laser
fluence (e.g., ∼0.6 J/cm2) during film growth, based on our previ-
ous work.29 Meanwhile, the background oxygen partial pressure was
varied from PO = 5 × 10−2 mbar to 5 × 10−6 mbar. In addition, in
order to examine the effect of VO concentration on the magnetism
of the films, we used different cooling processes after film growth:
(i) in a high oxygen atmosphere (200 mbar O2) or (ii) in the same
atmosphere that was used during film growth.

In PLD, laser fluence strongly influences the kinetic energy of
the ablated species, which, in turn, affects the adatom mobility at
the substrate surface, thereby also affecting the ablation rate and
film thickness.31 Especially, when considering the growth of com-
plex compound materials, an inadequate fluence can preferentially
ablate certain elements over others, which results in the formation
of cation nonstoichiometric films.29–33 It should be noted that pref-
erential ablation happens above a threshold ablation rate. Due to
its impact on the ablation rates of various elements, laser fluence
has been used in literature to control the stoichiometry of STO
films:29,32,33 In the case of STO, a preferential ablation of Ti (Sr) can
be induced by increasing (decreasing) laser fluence, leading to the
formation of Sr-(Ti-) deficient STO films. Since the kinetic energy of
the arriving species is affected also by the background pressure in the
chamber, PO, during the PLD process, a suitable balance between the
laser fluence and background gas is essential.31,34 Thus, controlling
the relation between the laser fluence and PO is an effective way to
induce and control atomic defects in the films.

Figure 1(b) shows RHEED intensity oscillations for STO film
growth at different PO: 5 × 10−2 mbar, 5 × 10−4 mbar, and
5 × 10−6 mbar. The overall thickness of the films was kept around
25–26 nm. The appearance of persistent RHEED oscillations indi-
cates that the growth of STO films occurred in layer-by-layer growth
mode. However, it was found that the RHEED intensity dampened
faster when PO was decreased. PO influences the growth rate (pulses
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FIG. 1. (a) A topography AFM image (3 × 3 μm2) of atomically terminated TiO2-terminated STO(001) substrate, used for this work. (b) RHEED intensity oscillations for the
layer-by-layer STO film growth with different PO. [(c)–(e)] Topography AFM images (3 × 3 μm2) for the grown films in PO = 5 × 10−2 mbar (c), 5 × 10−4 mbar (d), and
5 × 10−6 mbar (e). The insets in (c) show a height profile for an incomplete STO monolayer at the step-terrace surface.

needed per unit cell, pls/uc) of the films, which for our experi-
ments was found to be ∼57 pls/uc at 5 × 10−2 mbar, ∼37 pls/uc at
5 × 10−4 mbar, and ∼18 pls/uc at 5 × 10−6 mbar. This PO-dependent
growth rate variation can be attributed to the change of plasma
plume dynamics during film growth, i.e., the higher the PO, the
more confined the plume expansion. In addition, the stoichiomet-
ric composition was found to scale with background PO.34 When
the background pressure is high, transport occurs in a diffusion-like
regime and Ti and Sr atoms can be fully oxidized in the plasma
plume. In contrast, under low background pressures, the interac-
tions between the ablated species and the background gas in the
plume are minor and the species in the plume have high kinetic ener-
gies and travel following ballistic-like motion. It is particularly in
this low pressure regime where preferential elemental ablation can
be effectively driven by applying an inadequate laser fluence, thus
intentionally controlling the cation off-stoichiometry of STO thin
films. This is due to relatively large weight ratios of Ti/Sr (0.56),
compared to that of TiO2/SrO (0.77).34 At low PO values, around
5 × 10−6 mbar, cation off-stoichiometry is observed in the rapid
damping of the RHEED intensity during the STO film growth
[Fig. 1(b)]. The film variation as a function of PO is reflected
also in the surface morphology of the grown films as shown in
Figs. 1(c)–1(e). For PO = 5 × 10−2, an atomically flat morphology
was found with a terrace step height of ∼4 Å [Fig. 1(c)], similar to
the vicinal step-structure of the TiO2-terminated STO surface. Note

that the atomic force microscopy (AFM) image [Fig. 1(c)] shows
an incomplete STO monolayer at the step-terrace surface—the
height difference within the terrace is around 4 Å. In contrast, at
PO ≤ 5 × 10−4, the film surface is facetted due to the ballistic motion
of the arriving species to the substrates. These results provide a solid
indication that the growth dynamics and chemical plasma composi-
tion of the STO films can be effectively tuned by PO, while the laser
fluence is kept constant at a low value.

Figure 2(a) shows the high-resolution x-ray diffraction (XRD)
2θ-ω patterns of oxidized STO films, grown on STO(001), as a func-
tion of PO. Note that all of the measured films were cooled down to
RT in an O2 atmosphere (200 mbar). The XRD spectra show that the
oxidized films were grown epitaxially and possess thickness fringes.
The STO film grown at PO = 5 × 10−2 mbar shows almost identi-
cal 2θ (00l) peak positions to those of the STO homo-substrate with
well-defined thickness fringes. This indicates low out-of-plane strain
(xz = +0.19%) in the film and an excellent crystal quality. When
PO was decreased to PO = 5 × 10−4 mbar, a continuous shift of
the out-of-plane STO(00l) peaks toward lower 2θ values was found.
This reveals an increase in the c-axis lattice parameter to a value of
c = 3.95 Å (xz = +1.15%), as shown in Fig. 2(c). To get further infor-
mation about the strain distribution of the STO films, we performed
reciprocal space mappings (RSMs) around the STO103 reflection for
the two films (with PO = 5 × 10−2 and 5 × 10−4 mbar) [Fig. 2(b)].
The results show that the in-plane lattice spacing for both films is
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FIG. 2. (a) XRD 2θ scans for the STO films, grown on STO(001) substrates, as a function of PO. The right panel shows the XRD (002) peaks for the STO films and
substrates. (b) RSM near STO103 reflection for the STO films grown at PO = 5 × 10−2 and 5 × 10−4 mbar. (c) Variations in the c-axis lattice parameter (left) and strain
(right) of the films with different PO.

coherently aligned with the in-plane spacing of the underlying STO
substrates (a = 3.905 Å), while the c-axis lattice parameter was found
to increase with PO [Fig. 2(c)].

We investigated the magnetic properties of the oxidized
STO films using a superconducting quantum interference device
(SQUID) magnetometer. Prior to the sample measurement, exter-
nal magnetic effects {e.g., sample holders, low-temperature glue,
instrumental accessories, and annealed TiO2-STO substrates [see
Fig. 5(a)]} were carefully eliminated.29 Figure 3(a) shows the in-
plane magnetic hysteresis loops of the STO films, measured at 5 K,
as a function of PO. The results show a notable increase in the mag-
netization with decreasing PO. The saturation magnetic moment of
the films continuously increases up to 14 μemu (56 μemu/cm2) as the
growth pressure is decreased to a value of PO = 5 × 10−4 mbar. The
enhanced magnetism at low PO can be understood through the rise
of cation off-stoichiometry (Ti deficiency) in the films. We can rule
out that the increase in magnetization results from external mag-
netic impurities that may have been present in the target materials
or in the PLD growth chamber since our results show the opposite
trend from what would be expected if this was the case. Lower PO
values (up to 5 × 10−4 mbar) yield higher film growth rates and, thus,
require a shorter total film growth time (decreasing the time that
the films are exposed to external impurities) [Fig. 1(b)]; nonetheless,

they produce larger magnetic moments. Another important obser-
vation is the steep magnetic degradation (≤10 μemu) seen in the STO
film grown at PO = 5 × 10−6 mbar. To confirm this, we repeated
the film growth with the same growth conditions and observed the
same weak magnetic response as compared to the results obtained
using PO = 5 × 10−4 mbar. We postulate that this magnetic degrada-
tion could be associated with a strong charge compensation between
positively and negatively charged VO and VTi defects as the oxi-
dized film sample, grown at PO = 5 × 10−6 mbar, shows a pale gray
color. Further oxidation (200 mbar O2 annealing at 500 ○C for 2 h)
will eventually cause the formation of a secondary phase (see the
supplementary material, Fig. S1).

To understand atomic charge defect-mediated magnetism
in STO, we performed first-principles calculations on STO with
atomic vacancy defects. Density functional theory (DFT) simula-
tions using VASP code35 were performed to calculate the electronic,
structural, and magnetic properties of ABO3-perovskite STO by
incorporating all possible atomic vacancy defects (VTi, VSr, and
VO). The structural relaxation simulation was performed using a
4 × 4 × 4 k-mesh and the conjugate-gradient algorithm until the
Hellmann–Feynman forces became less than 5 × 10−3 eV/Å. The
density of states (DOS) was then obtained using the Γ-centered
and compacted k-mesh with minor smearing of 10 meV. The
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FIG. 3. (a) The 5 K magnetic hysteresis loops of the STO films, grown at different PO (=5 × 10−2, 1 × 10−2, 5 × 10−4, and 5 × 10−6 mbar). (b) Variations in the magnetic
moment of the films as a function of PO.

Perdew–Burke–Ernzerhof (PBE) generalized-gradient approxima-
tion (GGA)36 was applied to the exchange-correlation potential. The
use of GGA-PBE and its reliability were discussed previously for
simulations of the STO structures. Detailed calculation methods are
presented elsewhere.29,37

Figure 4(a) illustrates a STO model structure with a Ti vacancy
(VTi) defect (∼2 at. %) separated by a regular distance of 4a (where

a is the lattice constant). Together with the atomic rearrangement
(which produces a local lattice expansion of ∼1.1%) of the six oxy-
gen neighbors surrounding the VTi, a visible magnetic response in
the model structure was found: The O and Ti ions neighboring a VTi
site became spin-polarized through charge rearrangement, yielding
a μB/VTi of 0.48. It should be noted that the VTi site itself has no
magnetic moment. The cation vacancy-induced magnetic moments

FIG. 4. [(a)–(c)] Magnetization den-
sity of the ABO3-perovksite STO struc-
tures, induced by different atomic vacant
defects, a VTi (a), a VO (b), and a VTi-
VO pair (c). (d) Spin-polarized density
of states of the STO with a VTi (upper
panel) and with a VTi-VO pair (lower
panel).
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show a dome-shaped dispersive magnetic nature over the surround-
ing lattices, mostly on the nearest oxygen atoms. The calculated
spin-polarized density of states (DOS) of the system further indi-
cates that the negatively charged VTi in STO behaves as a p-type
like acceptor locally and leads to the effective spin-polarization of
the six nearest oxygen atoms due to unsaturated valence electrons,
O 2p electrons (about 70% of the induced magnetization). In this
case, a relatively weak Ti magnetization occurs via spin-polarized
charge transfer through a p-d band hybridization. Furthermore,
we considered the effect of A-site Sr (2+) vacancies on the mag-
netism of STO. An A-site vacancy defect contributes to a relatively
weak magnetization of m < 0.07 μB/VSr in STO due to its much
less effective charge rearrangement:29 (i) Only two electrons can
contribute to the oxygen atoms adjacent to a Sr vacancy site and
(ii) a Sr vacant site has a relatively large distance (2.76 Å) to the
12 nearest oxygens as compared to that (1.95 Å) of a Ti vacant
site. In a STO model structure with VO defects (∼1 at. %), separated
by a 4a distance [Fig. 4(b)], the positively charged VO acts like an
n-type donor in the system and the local lattice expansion occurs
primarily by moving the two neighboring Ti atoms upward. Our cal-
culations show that an isolated VO when stabilized in STO produces
a very weak magnetism (0.003 μB/VO) without significant exchange
interaction with the neighboring Ti atoms (e.g., a magnetization of
Ti dxy bands). This is consistent with previous reports.21 When the
Vo concentration increases up to ∼8 at. %, the defects are placed
in STO with a separating distance of

√
2a (in an orthorhombic

√
2 ×
√

2 × 2 supercell) and the Ti dxy bands become magnetized
with a total moment of 0.41 μB/VO. However, such a defect sublat-
tice in STO with high VO concentration is highly unrealistic as an
artificial magnetic array since it is hard to retain an ABO3-perovskite
structure practically.17

Next, we examined a STO model structure incorporating both
cation and anion vacancy defects. Our results show that a VO defect
energetically tends to be paired with a VTi in STO after relaxation
[Fig. 4(c)]. The results of the model indicate that the atomic con-
figuration in which the vacancies are 1/2a apart is much more
energetically favorable than pairing at a distance of 3/2a by an ener-
getic difference of ∼1 eV. We found that in an unrelaxed model
structure, the complex defect pair creates a magnetic spin-moment
of 2 μB/pair in the system due to an incomplete charge compen-
sation and the relaxation of the oppositely charged VTi (4+) and
VO (2−) vacancies. After atomic relaxation with charge screening,
the system has a total magnetization of 0.7 μB/pair. The calculated
DOS clearly shows a spin-polarized moment distribution near the
Fermi level of the system [Fig. 4(d)]. Interestingly, the magnetization
of STO induced by the defect pair is higher than the moments for
individual cation defects, despite the fact that the defect charge state
of VTi (4+) is higher than that of VTi–VO (2+). Our calculations clar-
ify that the large measured magnetization is produced by the VTi–VO
pair due to (i) a more energetically stable formation (smaller charge
screening effect) in the STO system with a tendency of pairing the
oppositely charged defects [when comparing the charge screening
effect of STO with a singular VTi through relaxation and the largely
varied magnetization (4 μB/VTi → 0.48 μB/VTi)], (ii) a higher disper-
sive nature of the induced magnetic moment over the lattice atoms,
and (iii) an effective magnetic coupling with a shorter distance
(3.5a) between the vacant defect pairs. However, it should be noted

that an excessive concentration of VO defects in the system can
compensate for the charge state of the defect pair. This mecha-
nism could produce a significant degradation in the defect-induced
magnetism of STO as can be seen in our experimental results
[Fig. 3(b)].

To examine the effect of the VTi–VO defect pair on the mag-
netism of STO, we prepared B-site cation deficient STO films with
different VO concentrations. To achieve this, different cooling pro-
cesses were applied after film growth, i.e., cooling to room temper-
ature in a high O2 atmosphere (200 mbar) and under the same PO
as used during growth. Figure 5(a) shows the magnetic hysteresis
loops of the STO films measured at 5 K. These two samples were
grown using the same laser fluence of ∼0.6 J/cm2 at a pressure of
PO = 5 × 10−4 mbar, using the two cooling procedures described
above. Notably, the magnetic moment of the STO film cooled down
in the same PO increases by a factor of ∼3.5 when compared to
that of the film cooled in O2 atmosphere. This magnetic enhance-
ment is indicative of an increase in the formation of VTi–VO defect
pairs in STO driven by the PO cooling process. Furthermore, to
examine magnetic effects of a reduced STO substrate and possi-
ble impurities in the PLD chamber, we annealed a TiO2-terminated
STO substrate by using the same heating rate (to 700 ○C) and PO
cooling process in the PLD vacuum chamber that was used for film
growth. The annealed STO substrate shows no magnetic response
[Fig. 5(a)], confirming that the PO cooling process at 5 × 10−4 mbar
(VO) cannot solely create the observed magnetism of the B-site
cation deficient STO films. These results indicate either that the
employed PO does not create a sufficient number of VO sites for
achieving ferromagnetic ordering in STO or that the number of VO
sites plays a minor role in creating the magnetism. Moreover, both
B-site cation deficient films show a similar temperature-independent
magnetic response in the range of 5–300 K. Such temperature-
independent magnetizations for materials with high Curie tempera-
tures of ≫300 K were also attributed to defect-induced magnetism
(e.g., ZnO, MgO, TiO2, and HfO2).12,28,30,38 These are most likely
explained by a spin-splitting of the defect-related impurity bands
near the conduction band/valence band edge of the systems, as these
are the source for ferromagnetically coupled electrons.12 Our experi-
mental results confirm that the magnetism of STO can be controlled
by incorporating both VTi and VO defects, which probably pro-
motes the formation of VTi–VO pairs. However, the replacement of
B-site cation with VO defects in STO should be limited (by using
PO ∼5 × 10−4 mbar in our case) in order to obtain such a magnetic
enhancement and to prevent a strong atomic charge compensation,
e.g., 1VTi (4+) + 2VO (2−).

We further verified the magnetic nature of the B-site cation
deficient STO film by x-ray magnetic circular dichroism (XMCD).
The Ti L2,3-edge x-ray absorption (XAS) spectra were collected by
using circular polarized light with parallel (μ+) and antiparallel
(μ−) photon spin while applying a constant magnetic field of
+1 T perpendicular to the sample surface, with the probing depth
being around 4 nm. The spectra were collected with the beam in nor-
mal incidence. The total electron yield method was used to record
the spectra (by measuring the sample drain current) in a cham-
ber with a vacuum base pressure of 2 × 10−10 mbar. Figure 5(c)
shows the Ti L2,3-edge XAS and XCMD spectra of the B-site cation
deficient STO film sample that was cooled down to RT at the
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FIG. 5. (a) Comparison of the 5 K magnetic hysteresis loops of the B-site cation deficient STO films, grown at PO = 5 × 10−4 mbar, with different cooling processes, i.e.,
after film growth, the two samples were cooled in a high O2 atmosphere (blue circle, O2 cooling) and in the same growth pressure (red circle, PO cooling) separately. The
hysteretic magnetic responses of the two STO/STO samples are compared with a non-magnetic annealed TiO2-STO(001) substrate. (b) Variable temperature magnetic
moments of the samples, prepared by different cooling processes. A constant magnetic field of 1 kOe was applied to the samples during the temperature measurements.
(c) XAS and XMCD across the Ti L2,3-edges of the B-site cation deficient STO film sample with PO cooling as measured at 4 K. (d) Ti L2,3 XMCD of the same STO thin film
as measured by sweeping the applied magnetic fields (+1 T→ 0 T→ −1 T).

same PO as the deposition pressure. First, we discard the possi-
bility of the magnetic signal being due to the presence of Ti (3+)
states since the spectral shape is typical of pure Ti (4+) as reported
previously.39–41 This indicates that the Ti L2,3 XMCD signal probably
stems from the excitation between the Ti4+ 3d0 and O 2p orbitals: the
Ti4+ (3d0) ions are related to the magnetic environment sensitivity
of the electrons excited to the 2P53d1 state. The increased number
of defect pairs in the STO film should enhance the magnetization of

the surrounding Ti atoms. Furthermore, the reversible XMCD sig-
nal under applied field inversion confirms the true magnetic nature
of the STO films [see Fig. 5(d)]. As a result, the XMCD analysis sug-
gested that the defect-induced magnetism in the engineered STO
films is due to the contribution of p-type like defects that spread
magnetic moments over the surrounding ions. The magnetism of
the engineered STO films is unlikely to be due to an accumulation of
magnetic Ti3+ ions or any associated magnetic order.
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CONCLUSION

In this work, we have demonstrated that the magnetic proper-
ties of engineered STO thin films can be effectively tuned by PLD
film growth parameters (interdependent parameters of laser flu-
ence and PO) by controlling the concentration of cation vacancies,
anion vacancies, and their complex defects. Our results show that B-
site cation vacancies, VTi, not only contribute to the magnetization
of STO but also promote the incorporation of oppositely charged
VO into the B-site cation deficient STO for the formation of the
VTi–VO pairs. This greatly increases the magnetization and stabil-
ity of the system and has been demonstrated both experimentally
and theoretically. We further show that a strong charge compen-
sation between oppositely charged defects significantly reduces the
magnetism of STO, suggesting that under these process conditions,
oxygen vacancies are not the main magnetic source for the defect-
mediated magnetism of STO since we have not detected the presence
of magnetic Ti3+. Therefore, such a design allowing for tunable mag-
netism in STO films via atomic defect engineering offers important
insights into the possible routes for designing magnetic STO films
and related oxide heterosystems.

SUPPLEMENTARY MATERIAL

See the supplementary material for XRD 2θ patterns of the as-
grown and O2-annealed B-site cation deficient STO film samples,
grown at 5 × 10−6 mbar (Fig. S1).
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ABSTRACT: The electronic structure as well as the mecha-
nism underlying the high-mobility two-dimensional electron
gases (2DEGs) at complex oxide interfaces remain elusive.
Herein, using soft X-ray angle-resolved photoemission spec-
troscopy (ARPES), we present the band dispersion of metallic
states at buffered LaAlO3/SrTiO3 (LAO/STO) heterointerfaces
where a single-unit-cell LaMnO3 (LMO) spacer not only
enhances the electron mobility but also renders the electronic
structure robust toward X-ray radiation. By tracing the
evolution of band dispersion, orbital occupation, and
electron−phonon interaction of the interfacial 2DEG, we find
unambiguous evidence that the insertion of the LMO buffer strongly suppresses both the formation of oxygen vacancies as well
as the electron−phonon interaction on the STO side. The latter effect makes the buffered sample different from any other
STO-based interfaces and may explain the maximum mobility enhancement achieved at buffered oxide interfaces.
KEYWORDS: oxide interfaces, high mobility 2DEG, electronic structure, electron−phonon interaction,
resonant angle-resolved photoemission spectroscopy

INTRODUCTION

The two-dimensional electron gas (2DEG) formed at the
interface between two oxide band insulators, LaAlO3/SrTiO3

(LAO/STO), in particular,1 exhibits exotic physical properties
such as superconductivity,2−6 magnetism,7−10 Rashba-type
spin−orbit coupling,11,12 and the quantum Hall effect.13,14

However, the origin of the conduction as well as the role of as-
grown defects such as oxygen vacancies (OVs) on the
conduction have often been topics of hot debate. In addition
to the polar discontinuity-induced electronic and ionic
reconstructions,1,15−17 OVs resulting from vacuum anneal-
ing,16−19 light irradiation,20−24 or interfacial redox reac-
tion25−27 could also generate electrons, giving a large or even
dominating contribution to the conduction. Regardless of the
exact origin of the conduction, for most 2DEG systems related
to STO, bare STO surface, or STO-based interfaces, the
itinerant charges occupy the conduction band of STO with
lower energy, which consists of exclusively Ti t2g (dxy and dxz/
dyz) orbitals (Figure 1a).

28−31 The electrons of the dxy orbitals,
contributing to the most carrier concentration, are strongly
confined near the surface/interface of STO, forming quasi-2D
subbands (Figure 1a), known as the light band with low

effective mass. Meanwhile, the dxz/dyz orbitals construct heavy
bands with large effective mass while their wave functions
extend deep into the bulk STO resulting in quasi-3D character
(Figure 1 a).32 As for the band character of each t2g band, dxy
orbitals construct the circular electron pocket at the Fermi
surface (FS), and the other two elliptical pockets are
constructed by dxz and dyz orbitals, as revealed in Figure 1d.
Compared with heavy dxz/dyz bands, the light dxy band hosts
larger bandwidth and smaller Fermi momenta (kF) (Figure
1d).
Despite the intensive research, to date, one of the key

challenges of STO 2DEGs is increasing the carrier mobility
and revealing the underlying mechanism. The dxy electrons,
residing in closer proximity to the interface, have a smaller
effective mass compared to the dxz/dyz ones, but their mobility
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is often lower probably due to a large defect concentration at
the interface.33 For most STO-based 2DEGs, the typical carrier
mobility is around 1000 cm2 V−1 s−1 at low temperatures. This
is expected to be further decreased under light irradiation in

high vacuum as significant oxygen-deficiency develops during
light exposure.22,32−34 Notably, recent studies show that the
carrier mobility can be significantly enhanced by deliberate
surface or interface engineering.35−41 One significant example
is the insertion of a single unit cell of epitaxial LaMnO3
(LMO) at the interface between amorphous-LaAlO3 and STO
substrate (a-LAO/LMO/STO),39 where an electron sink of
Mn3+ in the perovskite structure was used to decrease the
carrier density of 2DEG on the STO side through interfacial
charge transfer.39 The introduction of the manganite buffer
layer decreases the carrier density by approximately 1 order of
magnitude, wherea the carrier mobility is increased 10−100
times compared to the unbuffered a-LAO/STO.39 It also leads
to the observation of a clear quantum Hall effect at complex
oxide interfaces.13 However, the electronic structure of these
buffered oxide interfaces with enhanced carrier mobility
remains to be determined. Identifying the electronic structure
as well as the orbital configuration becomes even more
interesting upon the recent finding that the high mobility
2DEG at γ-Al2O3/STO (GAO/STO) interface shows an
anomaly in orbital ordering as well as a weak electron−phonon
interaction (EPI) strength of the carriers.42,43

In this paper, we identify the electronic band structure of the
buried oxide interfaces by soft X-ray angle-resolved photo-
emission spectroscopy (ARPES) for both bare and LMO-
buffered a-LAO/STO. Besides a slight decrease in the kF and
carrier density as well as a strong suppression in the
concentration of OVs,39 the buffered interface exhibits two
significant properties: (1) an unexpected irradiation-robust
band structure, which reflects the detection of FS of intrinsic
interface states, and (2) a significantly reduced EPI strength,
which is absent in the nonbuffered42,43 as well as the diluted
crystalline LAO/STO interfaces. The combined effect of the

Figure 1. (a) Quantum-well states of 2DEG formed by wedgelike
potential near the surface/interface of STO. Bold black curve
shows the conduction band profile (EC). The insert panel shows
the unit cell and dxy/dxz/dyz orbitals of STO. The positive and
negative lobes of the orbitals are shown in orange and blue,
respectively. (b) 3D Brillouin zone (BZ) of STO-based systems.
(c,d) Typical FS pattern and electronic structure of a STO 2DEG
system, respectively.

Figure 2. (a) Sketches of the modulation-doped a-LAO/LMO/STO with the experimental geometry for the ARPES measurement. The gray
arrows represent the s- and p-polarization of X-rays. (b) Sketches of resonant photoemission process in STO-based 2DEG systems. (c,e) FS
maps and band dispersions measured at C + polarization of a-LAO/STO and a-LAO/LMO/STO (t = 1uc) at EF in kz = 0 plane, respectively.
The black circles and red ellipses indicate the FS of dxy and dxz/dyz orbitals, respectively. (d,f) Electronic structures along kx measured with s-
polarization of a-LAO/STO and a-LAO/LMO/STO, respectively. Black and red curves mark the band structure of dxy and dyz orbitals,
respectively. Black and red dashed curves mark the pronounced tail of polarons induced by EPI. All data are recorded at Ti L-edge resonant
energy, which corresponds to the kz = 7 × 2 π/a plane in the BZ of STO (Figure S1).
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reduction in the carrier density, the suppression of defect
concentration of OVs, as well as the decrease in the EPI
strength on the STO side could account for the extreme
mobility of the buffered oxide heterostructures.

RESULTS AND DISCUSSION
The interfacial 2DEG locates on the STO side in close
proximity to the interface underneath the capping layer, which
is generally thicker than 1.6 nm. To investigate the band
structures of these heterostructures, we used soft X-ray ARPES,
where the photoelectrons have an escape depth sufficiently
large to probe buried interfaces,42−47 as illustrated in Figure 2a
for a-LAO/LMO/STO.
First, we identified the FS maps and band dispersions for a-

LAO/STO heterointerfaces with and without LMO buffer.
The resonant photon energies are determined by hv-dependent
ARPES intensity map at EF (see Figure S1). As revealed in
Figure 2c,e, the experimental FS map consists of one circular
electron pocket located at the center of Brillouin zone (BZ)
and two other intersecting elliptical electron pockets aligned
along the kx and ky directions (the two Γ−X directions in the
BZ). This is a typical FS pattern of the STO-based 2DEG
systems (Figure 1c).31,32,42,43

The band dispersions of a-LAO/STO and a-LAO/LMO/
STO (t = 1 uc) along the kx direction were measured with
linear s-polarized light (Figure 2a), which probe mostly the
antisymmetric dxy and dyz orbitals, whereas the symmetric dxz
ones can be probed by the p-polarized light.44,45 As shown in
Figure 2d,f, we can clearly identify the light dxy band and heavy
dyz bands near the second Γ-point for a-LAO/STO and a-
LAO/LMO/STO (t = 1 uc), respectively. Similar to most
other STO-based systems, the Ti t2g bands are reconstructed at
the interface to form deep dxy subbands and shallow dxz/yz
bands (Figure 1d). This is due to the confined quantum well
states with the bended band profiles near the surface region,
which can be estimated by the binding energies of Ti 2p
orbitals. However, our result (Figure.S2) shows a similar value
compared with pristine STO,48 probably due to the limited
energy resolutions. The pronounced intensity tail of these
bands extending to higher binding energy is a sign of the
strong polaronic coupling of charge carriers in these
systems,42,43 which results in the discontinuity of band
structures.
It has been found that STO-based 2DEG is often sensitive to

the X-ray irradiation22,32,34,46 during ARPES measurements,
where the photogenerated extra carriers could be used to tune
the interface states, but it also makes the detection of the
intrinsic electronic structure of interfacial 2DEGs challenging.
Such an X-ray irradiation effect is demonstrated by the
monotonous growth in the intensity of the 2DEG with respect
to the X-ray exposure time as observed in a-LAO/STO (Figure
3a,c). On the contrary, we find that the intensity of the 2DEG
in buffered sample shows a negligible increase during X-ray
exposure (Figure 3b,c). The X-ray irradiation generated 2DEG
is generally due to the formation of oxygen vacancies. We thus
investigated the evolution of the in-gap states of OVs, which
are located EB ∼ 1.2 eV below the Fermi energy level (EF)
(Figure S3). As shown in Figure 3d, the intensity of IGS for
both buffered and unbuffered a-LAO/STO increases with
respect to irradiation time. Notably, the intensity of the in-gap
states increases at a rate much faster than that of the 2DEG for
both samples, indicating that the photocreated OVs not only
contribute to the extra mobile carriers but also localized

carriers. As far as a-LAO/LMO/STO is concerned, because of
the nearly constant intensity of 2DEG with respect to X-ray
irradiation, the difference in the intensity between the in-gap
state of OVs and the 2DEG increases with respect to
irradiation time although it has a slower rate compared to
the unbuffered sample. This indicates two effects: first, the
introduction of the LMO spacer suppresses the formation of
OVs in the buffered sample; second, even though there are
irradiation−induced in gap states in buffered samples, the
photogenerated extra carriers are most likely transferred to the
manganite buffer layer instead of 2DEG conduction layer. This
is consistent with the electron sink role of LMO buffer layer.
As a consequence, the LMO buffer layer renders the intrinsic
electronic structure robust toward X-ray radiation.
Another feature of the buffered oxide interface is the

strongly suppressed EPI. Besides electron−electron interac-
tions, EPI is an important factor in STO affecting the charge
transport and carrier mobility whereby the electrons drag
behind a local perturbation of the crystal lattice as described by
the concept of polarons.44 Their signature in the experimental
spectral function A(k,ω) is observed from the energy
distribution curves (EDCs) as a peak-dip-hump structure,
where the hump below the quasiparticle (QP) peak is formed
by the EPI with the peak-to-hump distance reflecting the
energy of the involved phonon modes. Figure 4c shows the
EDCs of a-LAO/STO and a-LAO/LMO/STO, where the
corresponding integration range is marked by the white box in
Figure 4a,b for zoom-in band structures measured along kx
with s-polarized light. Both EDCs show clear QP peaks near EF
followed by an intensity tail at higher binding energy,
consistent with previous observations in nonbuffered STO-
based systems.42,44,45 The characteristic EPI-induced polaronic
tail extends down to Eb = −1 eV. Notably, unlike
stoichiometric crystalline LAO/STO44 or GAO/STO,42

which exhibit clear satellite peaks for the LO3 phonon mode,
the hump lineshapes for these materials are structureless and
extend over a wide energy range, suggesting that multiple
phonon modes are involved in the EPI. The EPI strength is

Figure 3. k-resolved intensity maps as a function of irradiation
time at EF of a-LAO/STO (a) and a-LAO/LMO/STO (t = 1 uc)
(b), respectively. (c,d) Integrated intensities of 2DEG and OVs in-
gap states (IGS) of a-LAO/STO and a-LAO/LMO/STO,
respectively, as a function of irradiation time. (e) Time-dependent
intensity change [(It − I0)/I0] of 2DEG and OVs IGS for both a-
LAO/STO and a-LAO/LMO/STO.
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related to the QP residual weight, Z0,
44,45 which is calculated as

Z0 = IQP/(IQP + Ihump), with IQP and Ihump representing the
integrated spectral weight of QP and residuals from EDCs,
respectively. Larger Z0 values identify heavier QP spectral
weight thus smaller EPI. Our quantitative analyses show that
Z0 increases from 33% in a-LAO/STO to 46% in a-LAO/
LMO/STO (Figure 4c). Since these two systems host a similar
band structure and bandwidth (∼80 meV in a-LAO/STO and
∼90 meV in a-LAO/LMO/STO, see the Supporting
Information Figure.S4), the increase in Z0 suggests a significant
decrease of EPI strength upon the introduction of the single
unit cell LMO buffer, which can fundamentally enhance the
carrier mobility as discussed below.41

In STO 2DEGs, the carrier mobility is limited by several
crucial ingredients including defect concentration, strong EPI,
and to a lesser extent, electron−electron correlations. The EPI
will result in the polaronic nature of the interfacial charge
carriers that increases their effective mass,40 whereas defects at
the interface will increase the impurity scattering of carriers.
Both effects will decrease the carrier mobility. For the
unbuffered a-LAO/STO, its concentration of OVs is high as
expressed by the high intensity of in-gap states (Figure 3). The
buffered sample shows much reduced in-gap states thus low
OVs, which could explain partially the mobility enhancement.
Notably, the Z0 of the LMO-buffered sample increases to 46%
in comparison to ∼33% for a-LAO/STO. Previous studies on
the temperature-dependent EPI effect of LAO/STO reveal that
when Z0 is increased from ∼30% to ∼40% the carrier mobility
of 2DEG could be enhanced around 10 times.44 It is
noteworthy that a similar large Z0 value of buffered sample is
also obtained in GAO/STO,42 the carrier mobility of which
can be up to 140000 cm2 V−1 s−1. Therefore, the nontrivial
significant increase in Z0 and, thus, the strong decrease in EPI
of buffered oxide interfaces, on top of the suppression of the
OVs, may be the main ingredient dominating the extreme
mobility enhancement in buffered oxide interfaces. Addition-

ally, as the EPI is often associated with superconductivity in
STO-based systems, the strong suppression of the EPI in a-
LAO/LMO/STO could well explain its absence of super-
conductivity.13

CONCLUSIONS
In summary, we have studied in detail the electronic structure
by soft X-ray ARPES of buffered oxide interfaces with
enhanced electron mobility. The ARPES results reveal a
nontrivial feature of weakened EPI strength concomitant with
decreased formation of oxygen vacancies. The combination of
these effects could explain the mobility enhancement and
provide crucial insights in boosting the carrier mobility of
engineered oxide heterostructures as well as the design of
quantum oxide devices.

METHODS
Sample Fabrication. All heterostructures, a-LAO (∼1.6 nm)/

LMO/STO with different thicknesses of LMO buffer layer (t = 0, 1
and 2 uc) were grown on TiO2-terminated STO substrates by pulse
laser deposition (PLD) in an O2 atmosphere of 10−4 mbar. A KrF
pulse laser (248 nm in wavelength, 1 Hz repetition frequency, 4.0 J/
cm2 laser fluence) was adopted. For buffered/unbuffered a-LAO/
STO, amorphous LAO deposited at room temperature under 10−4

mbar with single crystalline LAO as target. For the buffer layer,
sintered LMO ceramics were used as targets and the growth
temperature of LMO was fixed at 600 °C. After the epitaxial growth
of monolayer LMO buffer layer, the sample was cooled under the
deposition pressure at a nominal rate of 15 °C/min to room
temperature (below 30 °C, in 5−6 h) before the subsequent a-LAO
film deposition in situ.

Angle-Resolved Photoemission Spectroscopy (ARPES). The
soft-X-ray ARPES measurements were performed at the ADRESS
beamline49,50 of the Swiss Light Source at Paul Scherrer Institute,
Switzerland. The ARPES maps were recorded with a PHOIBOS-150
analyzer at an energy resolution of 60 meV and angular resolution of
0.1°. The samples were transferred ex situ and measured in the
ARPES setup without annealing. All measurements are acquired at 12
K in a base pressure of better than 5 × 10−11 Torr.
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Faber, C.; Barisǐc,́ O. S.; Rogalev, V. A.; Schmitt, T.; Nagaosa, N.;
Strocov, V. N. Polaronic Metal State at the LaAlO3/SrTiO3 Interface.
Nat. Commun. 2016, 7, 10386.
(45) Strocov, V. N.; Cancellieri, C.; Mishchenko, A. S. Electrons and
Polarons at Oxide Interfaces Explored by Soft-X-Ray ARPES.
Spectroscopy of Complex Oxide Interfaces, Springer 2018, 266, 107−
151.
(46) Strocov, V. N. Photoemission Response of 2D Electron States.
J. Electron Spectrosc. Relat. Phenom. 2018, 229, 100−107.
(47) Cancellieri, C.; Reinle-Schmitt, M. L.; Kobayashi, M.; Strocov,
V. N.; Willmott, P. R.; Fontaine, D.; Ghosez, P.; Filippetti, A.;
Delugas, P.; Fiorentini, V. Doping-Dependent Band Structure of
LaAlO3/SrTiO3 Interfaces by Soft X-Ray Polarization-Controlled
Resonant Angle-Resolved Photoemission. Phys. Rev. B 2014, 89,
No. 121412(R).
(48) Chambers, S. A.; Sushko, P. V. Influence of Crystalline Order
and Defects on the Absolute Work Functions and Electron Affinities
of TiO2- and SrO-Terminated n-SrTiO3(001). Phys. Rev. Mater.
2019, 3, 125803.
(49) Strocov, V. N.; Wang, X.; Shi, M.; Kobayashi, M.; Krempasky,
J.; Hess, C.; Schmitt, T.; Patthey, L. Soft-X-ray ARPES Facility at the
ADRESS Beamline of the SLS: Concepts, Technical Realisation and
Scientific Applications. J. Synchrotron Rad. 2014, 21, 32−44.
(50) Strocov, V. N.; Schmitt, T.; Flechsig, U.; Schmidt, T.; Imhof,
A.; Chen, Q.; Raabe, J.; Betemps, R.; Zimoch, D.; Krempasky, J.;
Wang, X.; Grioni, M.; Piazzalunga, A.; Patthey, L. High-Resolution

ACS Nano www.acsnano.org Article

https://doi.org/10.1021/acsnano.2c00609
ACS Nano XXXX, XXX, XXX−XXX

F

VIVI



Soft X-ray Beamline ADRESS at the Swiss Light Source for Resonant
Inelastic X-ray Scattering and Angle-Resolved Photoelectron Spec-
troscopies. J. Synchrotron Rad. 2010, 17, 631−643.

ACS Nano www.acsnano.org Article

https://doi.org/10.1021/acsnano.2c00609
ACS Nano XXXX, XXX, XXX−XXX

G

VIVI





VII
ARTICLE

E. B. Guedes, T. W. Jensen, M. Naamneh, A. Chikina,
R. T. Dahm, et al.
Disclosing the response of the surface electronic structure in
SrTiO3 (001) to strain
JVST A 40, 013213 (2022)

Angle-resolved photoemission spectroscopy setup at SIS, PSI





Disclosing the response of the surface electronic
structure in SrTiO3 (001) to strain

Cite as: J. Vac. Sci. Technol. A 40, 013213 (2022); doi: 10.1116/6.0001480

View Online Export Citation CrossMark
Submitted: 20 September 2021 · Accepted: 23 November 2021 ·
Published Online: 21 December 2021

Eduardo Bonini Guedes,1 Tobias Willemoes Jensen,2 Muntaser Naamneh,1,3 Alla Chikina,1

Ramus T. Dahm,2 Shinhee Yun,2 Francesco M. Chiabrera,2 Nicholas C. Plumb,1 J. Hugo Dil,1,4

Ming Shi,1 Dennis Valbjørn Christensen,2 Walber Hugo Brito,5 Nini Pryds,2 and Milan Radović1

AFFILIATIONS

1Photon Science Division, Paul Scherrer Institut, CH-5232 Villigen, Switzerland
2Department of Energy Conversion and Storage, Technical University of Denmark, Fysikvej, 2800 Kgs. Lyngby, Denmark
3Department of Physics, Ben-Gurion University of the Negev, Beer-Sheva 84105, Israel
4Institut de Physique, École Polytechnique Fédérale de Lausanne, CH-1015 Lausanne, Switzerland
5Departamento de Física, Universidade Federal de Minas Gerais, C.P. 702, 30123-970 Belo Horizonte, Minas Gerais, Brazil

Note: This paper is a part of the Special Collection Honoring Dr. Scott Chambers' 70th Birthday and His Leadership in the

Science and Technology of Oxide Thin Films.

ABSTRACT

Combining angle-resolved photoemission spectroscopy and density functional theory calculations, we addressed the surface electronic
structure of bent SrTiO3 (STO) (001) wafers. Using a custom-made device, we observe that the low-dimensional states that emerge at the
STO (001) surface are robust to an external tensile strain of about 0.1%. Our results show that this value of strain is too small to sensibly
alter the surface conduction band of STO, but, surprisingly, it is enough to shift the energy of the in-gap states. In order to access higher
strain values of around 2%, standard for STO-based heterostructures, we performed density functional theory calculations of STO slabs
under different strain configurations. The simulations predict that such levels of both compressive and tensile strain significantly alter the
orbital splitting of the surface conduction band. Our study indicates that the strain generated in STO can tailor the electronic properties of
its bare surface and of STO-based interfaces.

Published under an exclusive license by the AVS. https://doi.org/10.1116/6.0001480

I. INTRODUCTION

Transition metal oxides (TMOs) exhibit a wide variety of
exotic and very promising properties, such as high-temperature
superconductivity,1 colossal magnetoresistance,2 wide-ranging mag-
netically ordered states,3 metal-insulator transitions (MITs),4 ferro-
electricity,5 and multiferroicity.6 The interplay between the
electronic and lattice degrees of freedom in the TMO compound,
distinguished by a partially filled d orbital, opens a possibility to
further tune the emerging physical properties. In addition, surfaces
and interfaces present an additional playground7 where physical
properties can be altered mostly due to heteroepitaxy and defects.
Indeed, it was demonstrated that external pressure and epitaxial
strain affect the physical properties of TMO, such as MIT8 or ferro-
electricity.9 For instance, by combining thin film growth and
angle-resolved photoemission (ARPES), it was shown that epitaxial

strain engineering affects the Fermi surface topology and many-
body interactions in two-dimensional ruthenates.10

The low-dimensional electronic system (LDES) at the interface
between SrTiO3 (STO) and LaAlO3 (LAO)11 motivates extensive
research to understand its origin and to develop methods for
tuning physical parameters.12 However, it is challenging to disen-
tangle and study the impact of different effects (stain, charge trans-
fer, polar discontinuity, defects, surface termination, etc.) on the
physical properties at the usual LAO/STO interface individually.
Favorably, the finding of the low-dimensional electronic state
(LDES) on a surface of the STO wafer13–15 grants us with an unad-
ulterated playground for studying this marvel using very susceptible
methods such as scanning tunneling spectroscopy (STM)16 and
angle-resolved photoemission spectroscopy (ARPES).13–15,17

A recent study reports that a relatively standard annealing
temperature of 550 �C in an oxygen-rich atmosphere leads to a
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Sr-rich surface,18 consequently favoring the formation of 2DEG at
the surface, similar to findings related to SrO-terminated STO
films.19 STO used as a substrate undergoes extreme annealing pro-
cedures during the film growth, which must also be considered.
However, STO films grown on STO20 or NdGaO3 (110)21 show a
tendency to end with Sr-rich surfaces. One of the important fea-
tures of the LDES is a relatively large splitting between dxy and
dxz=dyz bands,15,18 suggesting that deviations from the cubic (or
slightly tetragonal when at low temperatures) structure occurs at
the surface region. The enhancement of the electron mobility of
over 300% observed in La-doped STO films under uniaxial stress22

confirmed that the strain could be effectively used for altering the
STO bulk properties. Furthermore, it was shown by ARPES mea-
surements that in situ strain modifies the electronic structure of
doped bulk 2D ruthenates.23 Hence, altering the surface crystal
structure can presumably tune the electronic properties of the
LDES at the STO surface.

In this work, combining ARPES with DFT simulations, we
investigated the response of the STO (001) surface electronic struc-
ture to an externally applied structural perturbation by mechani-
cally bending the crystal.

II. METHODS AND MATERIALS

Commercially available STO (001) wafers (SurfaceNET
GmbH) were mounted on a custom-made device, referred to as a
bender, as shown in Fig. 1. The screw pushes a cylindrical part of
the bender that subsequently induces strain on the substrate, as
shown schematically in Figs. 1(a) and 1(d). The cylinder displace-
ment is controlled by turning a screw with a conical tip, which
serves as a wedge. By rotating the screw, the cylinder’s displacement
forces the STO wafer to bend, thereby creating strains in the
sample.22 The actual profile of a bent 500 μm thick STO
(5�10mm2) wafer was measured at different displacements with a
Cyberscan Vantage optical profilometer. The resulting data, as
shown in figure Fig. 1(b), are fitted to parabolas of the form
y ¼ ax2 þ bx þ c, where C ¼ 2a is the maximum curvature. The
profilometry data show that the STO wafer bends around its
shorter symmetry axes. We have estimated a generated strain by
multiplying curvatures (C) by half the thickness of the wafer
S ¼ C � t=2.22 The produced strain vs displacement is presented in
Fig. 1(c). The error bars are the standard deviations of the calcu-
lated strain across all lines in a single profilometry measurement.

Using the COMSOL Multiphysics® software24, we calculated a
generated strain for the bent slab of 500 μm STO with the edges
fixed. We have assumed that displacements in the middle of the
wafer form a straight line. With this assumption, COMSOL
Multiphysics® was used to simulate the bending of the wafer, mim-
icking the one that occurs using the cylinder in the bender. The
simulations generated intuitively expected results: the bent STO
wafer is expanded in the long direction, i.e., in the sample plane
perpendicular to the cylinder axis, which we assign as x-direction,
while it is compressed in the direction perpendicular to the sample
surface, assigned as x-direction. In contrast, along with the cylinder
axis, identified as the sample y-direction, the sample is negligibly
affected compared to the previous two directions. The calculated
strains in all three directions are plotted in Fig. 1(c), as a function

of the displacements at the middle of the wafer, along with the
strain estimated from the profilometry data. The 2D map of calcu-
lated strains for 30 μm displacement is shown in Figs. 1(e)–1(g).

The electronic band structures of two STO wafers strained
with a progressive force have been investigated using ARPES at the
SIS beamline of the Swiss Light Source. The same bender, previ-
ously characterized with profilometry measurements, was specially
designed to serve also as a sample holder compatible with our
ARPES setup. The bender device is designed based on a standard
mushroom-like sample holder [see Fig. 1(d)] in such a way that the
applied force can be adjusted in situ using a screwdriver installed
on the wobble stick.

The experimental data were compared with the aid of DFT
calculations performed within the Perdew–Burke–Ernzehof gener-
alized gradient approximation (GGA-PBE),25 using projector
augmented-wave (PAW) potentials,26 as implemented in the
Vienna Ab initio Simulation Package (VASP).27,28 In addition, we
employed the DFT+U functional of Liechtenstein,29 which takes
into account the electronic interactions at a mean-field level by
means of a partially screened Coulomb interaction U ¼ 5:0 eV and
J ¼ 0:64 eV. The structural optimizations were done until the
forces on each atom were less than 0.01 eV/Å. An energy cutoff of
500 eV was used for our plane-wave basis set. A k-mesh grid of
10� 10� 2 was employed in the evaluation of the band structures.

III. RESULTS

The ARPES measurements were carried out on two differently
treated 2 wt. % Nb-doped STO (001) wafers, both nominally TiO2

terminated. In order to understand how natural adsorbents (arising
from exposure to air) impact the 2DEG, the first sample was mea-
sured “as received” (without any additional treatment), serving as a
reference to examine the bent STO crystal’s electronic structure,
and it is referred to as nonannealed (N-A). The second sample,
referred as annealed (A), was annealed at 500 �C in 100 mbar of
O2 for 1 h to remove surface contamination and then in situ trans-
ferred to the ARPES instrument. The ARPES data were acquired at
different bending levels, always with the synchrotron beam posi-
tioned at the center of the sample, mapping the electron structure
of the conduction and the valence band at 20 K. The strain gener-
ated in STO samples was estimated as explained in the Methods
section above.

At first exposure of the sample to synchrotron light of 85 eV,
the ARPES spectrum shows no indication of states at the Fermi level
(EF). During the measurements, states with parabolic dispersion
develop, showing the intensity increase and finally saturate. All the
data shown in Figs. 2 and 3 were obtained at the saturated state.

The photo-induced 2DEG formed on the STO surface at this
temperature exhibits a well-known band structure arising from the
three orbitals with t2g symmetry in the conduction band. Figure 2
shows the ARPES data obtained with 85 eV, circularly polarized
light. Panels (a)–(f ) display the data of the N-A sample, while
panels (g)–(l) show the band structure of the A sample. Panels (b),
(e), (h), and (k) show band dispersion maps of samples without
any applied force, while panels (c), (f ), (i), and (l) show the equiva-
lent data of samples with maximum applied force ( just before
sample breaks). The maximum strain was estimated to be 0.1%.
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The used photon energy was chosen such that it is possible to
measure the band structure that corresponds to the bulk Γ point,
while C+ polarization enables to capture the contributions from all
orbitals of the t2g manifold.15

Matrix element effects, i.e., modulations of the spectral inten-
sity caused by the dependence of the ARPES data on photon
energy and experimental geometry,30 are known to greatly impact
the observation of the 2DEG on STO.14,15,18 In particular, the
bottom of the dyz band and the outer dxy band are easily seen
around Γ00, while the bottom of the dxy,xz bands are very clear

around Γ10.
15 Thus, the measurements were performed around

both the Γ00 and Γ10 points, which allowed us to identify all the
features in the spectra necessary for the reliable analysis of the data.
The respective band dispersion maps in Fig. 2 were obtained along
ΓX at ky ¼ 0, represented by the horizontal line in Fermi surface
(FS) maps on Figs. 2(a), 2(d), 2(g), and 2( j).

The dxz,yz (out-of-plane) orbitals form heavy bands (along
either kx or ky) with a mixed 2D/3D character, while a light band
with 2D character arises from the in-plane dxy orbital.15 The dxy-,
dxz-, and dyz-derived bands remain degenerate for the N-A sample,

FIG. 1. (a) Schematic of the strain device, showing how a centered cylinder can force a sample to bend. (b) Cross section of a measured bend profile, fitted to a parabola,
from which the curvature and strain can be calculated. (c) Experimental strain data along with the simulated strain in the center of the slabs shown in (e)–(g), as a function
of displacement height. (d) Schematic of the strain device, where the cylinder from (a) is shown along with the screw which forces it up against the sample. (e)–(g) The x,
y, and z strains, respectively, simulated in COMSOL Multiphysics®, at 30 μm deflection.
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FIG. 2. ARPES data of the nonannealed (N-A) and annealed (A) STO (001) samples collected around the Γ00 and Γ01 points along the ΓX direction. Fermi surfaces
(FSs) of N-A sample (a) and (d) and A sample (g) and ( j). The conduction bands corresponding to the band dispersion map along the red line in the Fermi surfaces for
both no strained, N-A sample (b) and (e), and A sample (h) and (k). The same maps for strained N-A (c) and (f ) and A samples (i) and (l).
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resembling the bulk conduction band, while, for the A sample, the
bottom of the dxy band shifts around 180 meV to lower binding
energies. This increases the separation between the light and heavy
bands, indicating a change in the surface structure.18 The light
band was previously observed to further split into lower and upper
branches with opposite spin winding,31 although the two branches
are not well resolved using hν = 85 eV.20 The very distinct band
structure found in the N-A and A samples indicate that the adsor-
bents passivate the surface and prevent the formation of the 2DEG,
whereas it can be fully developed at the clean surface. Careful anal-
ysis of the Fermi wave vector kF and of the splitting value between
dxy and dyz bands can only confirm that no change in the conduc-
tion band is observed within the experimental resolution (around
10meV) for either the N-A or the A samples upon bending. This
finding suggests that the maximum strain generated by our bender
(� 0.1%) is too small to distinctly alter the conduction band of
STO.

Along with the conduction band, the valence band has also
been examined. Figures 3(a), 3(d), 3(g), and 3( j) display the
valence band, measured along the XΓX high-symmetry direction,
of both N-A and a samples, around Γ00 and Γ10. The energy distri-
bution curves (EDCs) in Figs. 3(b), 3(c), 3(e), 3(f), 3(h), 3(i), 3(k),
and 3(l) were integrated and indicated by dashed lines in panels
(a), (d), (g), and ( j).

First, we observe that annealing causes a noticeable spectral
weight redistribution from the peak at �5 to the one at �7 eV.
Somewhat surprisingly, already at a low applied strain of about
0.1%, the in-gap states undergo noticeable spectroscopic changes,
even though the surface conduction band is stable as seen in Fig. 2.
While the N-A sample is essentially unaffected, the A sample
shows a broadening of the O 2p band and a further increase in the
intensity of the peak at �7 eV. Zooming in the in-gap state’s
region, spanning from the onset of the valence band to EF (repre-
sented by the black rectangles), exposes additional changes. While

FIG. 3. Valence bands of the 0.1% strained nonannealed (N-A, top row) and the annealed (A, bottom row) samples around the Γ00- (a) and (g) and Γ01-points (d) and
( j). The measured valence bands correspond to the cut indicated by the line in the Fermi surfaces presented in Fig. 2 for both strained, N-A, and A samples. The energy
distribution cuts (EDCs) in panels (b), (e), (h), and (k) are integrated within the region indicated by dotted lines. Panels (c), (f ), (i), and (l) display zoom of the EDC, which
enhances the region of in-gap states, which is indicated by the dotted box on the EDCs.
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the in-gap state (IGS) of the N-A sample clearly shows two local
maxima around 1 and 2.8 eV, the A sample shows spectral weight
only around 1 eV. With applied strain, the IGSs shift to higher
binding energies and lose intensity.

The IGSs have been associated with the existence of a variety
of point defects in the crystal,32–35 which give rise to localized elec-
tronic states such as in doped semiconductors or, more intricately,
induce the formation of small polarons, quasiparticles arising due
to strong, short-range electron-phonon interaction, which show a
typical binding energy of 1 eV.36–39 Temperature-dependent
ARPES data show that the high-binding energy IGS (peak B indi-
cated by arrows around �2.8 eV in the zoom panels) is robust

under the irradiation and temperature cycling during photoemis-
sion experiments, while the peak at lower binding energies (peak A
indicated by arrows on the zoom panels, around 1 eV) underwent
an energy shift and yet vanished with increasing temperature.18

Because of their distinct temperature evolution, the IGSs A were
associated with the formation of small polarons while the IGS B to
simple defects. Accordingly, the energy shift and intensity depletion
of peak A for strained STO can be attributed to a mutation in the
crystal lattice of the surface region, which might influence the inter-
play between the conduction electrons and the lattice.

In order to conjecture and examine how strain alters the con-
duction band and controls the electronic properties of the STO

FIG. 4. Calculated band structures of the STO slab with and without strain. The color map indicates the contribution from Ti-3dxy states of atoms within the TiO2 layer just
below the SrO surface termination. (a) 0% strain, (b) 0.2% strain along x and �0.1% strain along z, (c) �2% strain along x, and (d) 2% strain along x. Panel (e) shows a
comparison between the measured valence bands and the ones calculated for the same strain configurations as in (a)–(d).
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surface, we performed density functional theory (DFT) simulations
of STO slabs under distinct strain configurations defined by
a� a0=a0, where a0 is the bulk lattice parameter, as shown in Fig. 4.
Our previous study reveals that only the SrO-terminated slab band
structure is distinguished with the surface state with dxy character,
which is significantly lower than dxz and dyz bands.

18 Therefore, we
also used the SrO-terminated slab as the model system and focussed
on the surface band structure response to various strains. Also, for
simplicity, we did not include oxygen vacancies or other possible
defects in our calculations. We have calculated the band structure
applying different strain values up to 2%, which is reasonable since
this value befalls in the range of those found at interfaces between
STO and other oxides (LAO, for instance).

The calculations indicate that the energy splitting between the
Ti 3dxy and Ti 3dyz states (Δt2g) can be efficiently ruled by a
complex interplay between applied strain along x- (in-plane) and z-
directions (out-of-plane). As shown in Table I and in Fig. 4(a), for
no applied strain, a Δt2g of 188 meV is generated by the intrinsic
surface relaxation of a SrO-terminated slab, which is in good agree-
ment with the experimentally observed splitting (see Fig. 2) for the
A sample. We denote tensile (compressive) strain with positive
(negative) values.

According to the results in Table I, uniaxial tensile strain up to
2% along the x-direction, as shown in Table I and Fig. 4(c), causes
Δt2g to monotonically increase up to 0.244 eV. In turn, for the same
values of compressive strain, Δt2g is monotonically reduced to
0.124 eV [Fig. 4(d)]. The situation is reversed in the case of uniaxial
strain along the z-direction, as shown in Table I, for which tensile
strain decreases Δt2g down to 0.138 eV, while compressive strain
enhances it up to 0.244 eV. Interestingly, applying 2% in the x-
direction has the same effect of applying �2% along the z-direction,
which evidences the strong role of intrinsic (out-of-plane) relaxation
of the slab surface. Finally, applying tensile strain of 2% in both x-
and z- directions leads to a small reduction of Δt2g to 0.179 eV,
while reversing the sign of the strain along the z-direction dramati-
cally increases the splitting to 0.281 eV.

The sample with the maximum applied strain can be repre-
sented by the calculation with 0.2% along the x-direction and

�0.1% along the z-direction, which shows a slightly increased Δt2g

of 0.195 eV. The conduction band of such a slab is displayed in
Fig. 4(b). From the theoretically obtained band structure, a strain
level of 0.2% increases the splitting in less than 7 meV, consistent
with the results from Fig. 2. Increasing the strain levels to 2% x and
�1% results in a Δt2g of 0.256 eV, while inverting the direction of
the strain along z leads to a Δt2g of 0.201 eV. Finally, we have also
calculated structures with applied biaxial in-plane strain, since this
configuration is more easily achieved with the growth of hetero-
structures. A tensile strain of 2% reduces the splitting to 0.117 eV,
while the same value of compressive strain increases it to 0.248 eV.

Furthermore, in Fig. 4(e), we study the changes caused by
strain in the VB comparing the measured one of the A sample with
the calculated density of states (DOS) from the simulations shown
in (a)–(d). The calculated valence bands are aligned by their
vacuum levels and were rigidly shifted by �4 eV to match the
experimental spectra. For simplicity, the calculated conduction
band is not shown, since it would appear below the experimental
EF due to the well-known underestimation of the bandgap in calcu-
lations using GGA functionals.

The calculated VB is mostly composed of O 2p states. The
results reveal that the valence band responds sensibly even to a
small strain of 0.2% along the x-direction and �0.1% along the
z-direction, overall shifting to higher binding energies. The inset
shows the VB leading edge, for which a shift of �0.06 eV is seen.
The main panel shows that the peak around �7 eV shifts by
�0.09 eV, and the tail of the VB becomes more intense and move
by �0.12 eV. These changes with small applied strain are in agree-
ment with the measured VB. For comparison, we also plot the cor-
responding VB of the structures calculated in Figs. 4(c) and 4(d).

IV. CONCLUSION

By combining the DFT calculation and ARPES, we examined
the consequence of the application of strain (uniaxial and biaxial)
on the electronic structure of the STO (001) surface. We used a
custom-made device to bend and, consequently, generate a strain
of around 0.1% on an STO wafer before it cracks. While this level
of in-plane tensile strain shows no influence on the electronic
structure of the low-dimensional states, it is enough to sensibly
alter the in-gap states. Nevertheless, our extensive calculations
predict that either compressive or tensile strain levels around 2%,
such as the ones achieved with the growth of heterostructures11

and flexible membranes,40 induce sizable changes in the 2DEG.
Moreover, by showing that in-gap states are tunable with

strain, while band structure modifications require heteroepitaxial
growth, our findings offer practical guideposts for engineering the
optical properties of STO via the application of strain.
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Abstract 

Complex oxide heterointerfaces contain a rich playground of novel physical properties and 

functionalities, giving rise to emerging technologies. The electronic states at the interface 

include strongly correlated interactions, governed by distortions of crystal symmetry, 

lattice strains, electronic reconstruction, and defect orders. Here, we demonstrate that self-

assembly approach from 2D to 3D growth mode provides electronic and magnetic 

landscape in the same heterostructure. An initial two-dimensional (2D) layer-by-layer 

growth on SrTiO3(001) yields atomically abrupt interfaces where vertically aligned magnetic 

(3D) structures are subsequently formed in the LaAlO3(1-x):LaBO3(x) 

(LABO)/SrTiO3 heterostructures. The transient structural assembly is primarily driven by the 

composition ratio, leading to the coexistence of low-dimensional electron gas and 

anisotropic magnetic ordering. The origin of the confined electron gas and magnetism in 

the multi-dimensional heterostructure was theoretically understood. Our work paves the 

way for designing oxide nanocomposite heterostructures with multifunctional phenomena 

via a self-assembly approach. 

Significance Statement 

Vertically aligned nanostructure (VAN) films using a self-assembling bottom-up deposition 

method present great promise in terms of structural flexibility and property tunability. In this 

work, we have extended the bottom-up self-assembly to a new approach using a mixture of 

matrix containing a 2D layer-by-layer growth mode, followed by a 3D growth mode of 

vertically aligned two-phase nanocomposite oxides. Here, the two-phase nanocomposite 

thin films are based on LaAlO3:LaBO3, grown on lattice-mismatched SrTiO3. The transition 

in the growth mode from 2D to 3D is characterized with unique strain orderings, which are 

strongly coupled with the observed multiple properties, 2D electron gas and magnetic 

anisotropy. This approach provides unique film heterostructures which enrich emergent 

phenomena in a single film for multifunctional applications.   

Main Text 

Introduction 

Over the last three decades, the rapid and continued development of thin film growth technologies 

of strongly correlated complex oxides (e.g., those composed of transition metals with the variable 

occupancy of d-/f-band electrons and/or with orbital orderings) provide rich and emerging 
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functionalities such as high-mobility two-dimensional electron gases (2DEGs) (1), ionic conduction 

(2), topological states (3), ferroelectricity (4), ferromagnetism with high Curie temperatures (5), and 

multiferroicity (4,6,7). These functionalities represent properties different from their bulk 

counterparts. The prototypical heterostructure, LaAlO3(LAO)/SrTiO3(STO), is an excellent example 

which exhibits a wealth of intriguing properties at the interface such as low-temperature 

superconductivity (below ~200 mK) and unconventional magnetism (8,9). The low-dimensional 

conduction stems from the confined charge carriers at the polar/non-polar complex oxide interface 

and appears when ≥ 4 unit cells (UCs) of LAO are grown on singly terminated TiO2-STO substrates 

(10). Despite the continuous debate to the underlying mechanism on the enhanced electron 

mobility at the interfaces, these interfaces turn out to be a central way to realize high electron 

mobility (μ ≈1000 – 10,000 cm2⸱V-1⸱s-1 at 2 K). It is widely believed that realizing interfaces with 

high mobility requires delicate growth control to achieve the interfacial electron and/or orbital 

reconstruction, control of oxygen vacancy content, cation stoichiometry, and sufficiency of charge 

carrier sources (11-14). The electronic and magnetic interactions at the 2DEGs have been 

exploited via electrical gating (15,16), inserting δ-doping layers (17), and assembly of magnetic and 

ferroelectric layers (18,19) to trigger tunable functionalities for nanoscale electronic applications 

such as spin valves and non-volatile electrical switching devices. 

Another approach for controlling the functional properties of complex oxide heterostructures is to 

utilize self-assembled three-dimensional (3D) vertical arrays of heterointerfaces by composing 

largely mismatched oxides under strain-mediated and/or thermodynamically equilibrium film growth 

modes (20,21). The main advantages of this approach are (i) a self-assembly of vertical interfaces 

of two/more phase materials and (ii)circumventing the length-scale and number limits of 

conventional planar epitaxial thin film heterointerfaces (e.g. superlattice-type heterostructures) for 

mesoscale-film materials. Thus, it can enrich the interfacial effects in terms of lattice strain, defect, 

charge, and spin. The main difference between the horizontal and vertical interfaces is their 

different stress configuration. The horizontal interfaces have often zero vertical stress, whereas in 

the plane the misfit stress is in general non-zero (22). In a layered structure, the elastic energy 

increases with increasing the number of monolayers, leading to the formation of misfit dislocations 

and the following stress reduction along the film. In contrast, the strain at the vertical interfaces is 

often accomplished by embedding a secondary oxide phase into the host matrix. Vertically aligned 

interfaces have shown fascinating multifunctional properties such as high ionic conductivity (23), 

extraordinary ferroelectric orderings (24), and magnetic anisotropy (25). For example, high ionic 

conduction is preferentially formed near or at the vertical interfaces due to the formation of charged 

cation/anion point defects, e.g. oxygen vacancies at these interfaces (21). Despite a large diversity 

of the functional properties, the formation of self-assembled vertical interfaces is still relied on the 

3D growth mode of vertically aligned nanostructures which significantly limits the long-range 

electronic interactions due to the lack of long-range atomic precision between the two phases and 

the detrimental distribution of structural/atomic defects. In self-assembly approach, a mixture of 

matrix containing a 2D layer-by-layer growth mode for horizontal interface and a 3D growth mode 

for vertical interface is still not realized yet. Achieving this can lead to the coexistence of multiple 

properties in two different orientations. 

In this work, we demonstrate a new design of self-assembly multi-dimensional growth of 2D and 

3D complex oxide nanocomposite thin films. The nanocomposite films are formed via a selection 

of two distinct oxide materials, rhombohedral LaAlO3 [LAO(1-x)] and orthorhombic LaBO3 [LBO(x)], 

outlined in Fig. 1a. The composition of LAO:LBO (hereafter is referred to as LABO) is varied over 

the range of LBO composition, x = 0 – 10 %. Our results show a structural transition from a 2D 

VIIIVIII



 

 

4 

 

(LAO/STO) layered film to a 3D (LAO/LBO) vertical aligned nanopillar, which takes place at the 

composition above x = 8%. The formation of these two distinct orientations of interfaces (horizontal 

and vertical interfaces) is achieved via a composition-assistant transition which is complementary 

with strain matching. This gives rise to simultaneous multiple properties such as 2DEG and 

magnetic anisotropy in the multi-dimensional nanocomposite heterostructure. 

Results 
 
Structural Evolution of Epitaxial LABO Nanocomposite Films on STO.  

LABO composite thin films with composition of 0 ≤ x ≤ 10 % were simultaneously grown on TiO2-

terminated SrTiO3(001) substrates by pulsed laser deposition (PLD) as schematically shown in Fig. 

1A. For a systematic comparison, the total thickness was kept constant at t ~22 - 25 nm. The 

composition of the grown films was determined by x-ray photoelectron spectroscopy (Fig. S1). 

Details of the film growth are given in the Materials and Methods. 

To gain insights into the film growth characteristics of the LABO films, reciprocal space mappings 

(RSM) were performed around the STO(113) reflections. Figure 1B shows the results of the RSM. 

The RSM shows that the in-plane LAO(hh0) for the undoped LAO film (~25 nm thick) is constrained 

along the STO(hh0) yielding a positive strain of approximately +3.0 %. The out-of-plane (00l) of the 

film shows a negative strain of approximately −0.8 % following the Poisson ratio, partially relaxing 

back towards the value of bulk LAO. In contrast, the RSM of the LABO nanocomposite films (22 – 

25 nm thick) on STO(001) exhibits the development of two reflections of the films that vary 

significantly with the composition, x. These two reflections are assigned to: (I) a film region that is 

coherently constrained to the in-plane STO and (II) a region that moves away from the in-plane 

STO. The nanocomposite films with lower compositions (x ≤ 5 %) indicate partial in-plane strain 

relaxation of the region-I with respect to STO while the region-II is gradually developed with higher 

compositions, x. When the composition increases above x ≥ 8 %, the reflections of the (113)pc plane 

of the nanocomposite films separate into two regions, streak and broad peaks. The streak peak 

reflects the strain gradient of a 2D coherent film layer which is perfectly aligned along with the in-

plane STO. The resulting c-lattice constant of the coherent layers in the films increases with x, while 

aligning along the in-plane of the underlying STO substrate, as shown in Fig. 1C. Thus, the c-lattice 

strain distribution of the coherent layer (lined up along the in-plane of STO in reciprocal space in 

Fig. 1B) is different, compared to the case of the elastic deformation of a coherent LAO layer which 

is completely imposed by STO substrate with a Poisson ratio of LAO (0.24) (26). For example, a 

pure elastic deformation (𝜀𝑥 = +3.03 % and 𝜀𝑧 = −1.92 %, where 𝜀𝑥  and 𝜀𝑧 are the in-plane and the 

out-of-plane strain, respectively) of the LAO layer on STO undergoes a reduced thickness (≤ 20 

UCs) due to the misfit strain (26). However, in this work, we observed that the in-plane and out-of-

plane strain of the coherent layer (I) in the nanocomposite (x ≥ 8 %) films are 𝜀𝑥 = +3.0 % and 𝜀𝑧 = 

+0.1 % as compared with the bulk LAO value, respectively. This means that the out-of-plane of the 

continuously developed coherent layer is oppositely constrained (c-axis lattice elongation) in the 

LABO nanocomposite films maintaining the in-plane matching with the underlying STO substrate. 

A clear increase in the reflection area and the intensity of the broad reflection region-II is observed 

with higher compositions (see dashed line in Fig. 1B). This is believed to be due to a strain 

relaxation process of the LAO phase, which is extended after the development of the region-I. 

Importantly, the position of the region II in RSM seems to shift away from the value of the bulk LAO 

(see Fig. 1B). We further confirmed that the lattice of the region-II is distorted tetragonally. This was 
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verified by RSM reflections for different crystallographic orientations of the films (Fig. S2). These 

results indicate a two-step structural development, i.e., an initial growth of coherent 2D layer and a 

following relaxed layer. When the composition of LBO reaches x ≥ 8%, the strain distribution of the 

LABO nanocomposite films is manifested. To confirm this structural assembly of the LABO films on 

the STO(001), scanning transmission electron microscopy (STEM) measurements were 

performed. Figure 1D illustrates a cross-sectional high-angle annular dark field (HAADF) STEM 

image of the undoped LAO(001) film grown on STO(001). As expected, for the undoped LAO (x = 

0) (001) film grown on STO(001), only a layer-by-layer epitaxial growth was observed. Significant 

structural disorder was found in the LBO composition of x ≤ 5 % (Fig. S3). In contrast, we found 

that the LABO film (x = 8 %) shows well defined vertically aligned nanostructures (1.5 – 2 nm width) 

with visible contrast (atomic z-contrast) as shown in the HAADF-STEM images in Fig. 1E. The ratio 

of the relatively dark to bright areas in the nanocomposite film layer is around ~0.91±0.03, similar 

to what observed in the composition of the nanocomposite film (x = 8%). Interestingly, the vertically 

aligned structure is not directly formed on STO(001) substrate, but they developed after the initial 

2D layer was formed (see Fig. 1E). The TEM results verify the spontaneous occurrence of a two-

step growth of the 2D layer and the subsequent 3D vertical array in the epitaxial LABO 

nanocomposite film, which is consistent with the XRD results. 

Growth Mechanism of Self-assembled 2D-3D LABO Nanocomposite Film Structure.  

To understand the compositional characteristics of the self-assembled LABO nanocomposite film, 

we carried out 2D elementary mappings for B, Al, La, and O for the 2D-3D LABO film (x = 10 %) 

using the electron energy loss spectroscopy (EELS) as shown in Figs. 2A and Fig. S4. Figures 2B 

and 2C demonstrate the integrated EELS intensities of Al, B, and La for the 2D and 3D film areas, 

respectively. The results indicate that the 2D layer is mainly composed of the Al and La contents 

with indistinguishable intensity of the B K-edge EELS signal. However, in the 3D film layer, B signals 

were found, also confirmed by a secondary ion mass spectroscopy (see Fig. S5). The intensity of 

B is alternated in the lateral direction with the Al intensity distribution. The intensity signal of the La 

is kept almost uniform in the lateral (x) and vertical (z) directions. The periodic distribution of B 

directly corresponds to the positions of vertical nanostructures in the 3D layer as denoted in Fig. 

2A. An abrupt lateral interface is formed between the self-assembled 2D-LAO and STO (see Fig. 

2D). In the upper 3D nanocomposite film layer, the two vertically aligned LAO and LBO structures 

are tightly coupled through the vertical interfaces. We found that the lattice match between LAO 

and LBO phases occur via aligning the LAO[100]pc//LBO[010]pc (or LBO[-101]o) and 

LAO[001]pc//LBO[100]pc as schematically illustrated in Figs. 2E,F. Note that the [101]o and [010]o 

crystallographic orientations of orthorhombic LBO (space group: Pnam, ao = 5.106 Å, bo = 8.257 Å, 

and co = 5.873 Å) correspond to pseudocubic [100]pc and [001]pc directions, respectively (27,28).  

Consequently, our results directly show that the consecutive formation of coherent 2D film layer 

and vertically arrayed 3D film is spontaneously formed in the LABO/STO(001) heterostructures 

(Fig. 2G). 

In general, the nucleation-and-growth process on a substrate relies on island formation which is 

controlled by temperature, the surface concentration of adatoms or molecular, ionic species, 

nucleation sites (e.g. substrate treatment, surface defects, dislocations), and growth rate (22). 

When the concentration of boron in the LBO is low, the nucleation and the subsequent growth 

process (coalescence) are limited by a low probability of boron atoms to diffuse and form a critical 

nucleus (a critical nucleus is one that has the potential to grow), causing a random distribution of 

atomic point defects (solid solution). Alternatively, when the adatom concentration of boron is 
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sufficiently high, i.e., when the LBO compositions of x ≥ 8 %, a supersaturation condition is achieved 

(22), leading to the nucleation of LBO crystals. This means that the nucleation and growth of LBO 

islands are promoted by a high diffusivity/low capture rate of boron atoms on the LAO surface. The 

change of the film growth mode from 2D to 3D is accompanied by a relaxation process of the elastic 

energy that minimizes the misfit strain between LAO and STO for LBO formation in the 

nanocomposite film following the Stranski-Krastnov growth mode (22). Overall, the growth 

processes can be described in the following way: (i) the initial growth of 2D LAO on STO(001) 

under 3% biaxial strain with less boron accommodation, (ii) strain relaxation after a critical thickness 

of ~10 UC by overcoming the Matthews-Blakeslee barrier (29) resulting in excessive boron diffusion 

towards the growing surface, and (iii) accumulated concentration of boron distributed as islands on 

the 2D LAO surface which acts as the seed for the formation of 3D vertically aligned LAO:LBO 

nanostructures . This transient growth behavior was directly monitored by in-situ reflection high 

energy electron diffraction during the LABO film growth process when compared to the 2D growth 

feature of undoped LAO on STO (Fig. S6). 

 

Epitaxial strain distribution in multi-dimensional LABO/STO(001) heterostructure.  

In order to understand the strain distribution of the 2D-3D LABO/STO(001) heterostructure, we 

performed the peak-pair analysis and associated strain analysis form the STEM images. Details of 

the image processing (including noise filtering, intensity detection and refinement) are given in SI 

Appendix, Fig. S7. Figure 3A shows the refined HAADF-STEM image for a self-assembled 2D-3D 

LABO (x = 10 %) film layer on STO(001). Based on the statistical determination of La cage with 

atomic precisions of ~20 pm, lattice displacements and the associated epitaxial strain taken by the 

STEM image were elaborated using the lattice parameter (3.905 Å) of cubic bulk STO. Figures 3B 

and 3C exhibit strain maps for the relative biaxial (εxx) and uniaxial (εzz) strain of the 2D-3D 

LABO/STO heterostructure, revealing the strain characteristics along the x- and z-axis. The εxx 

mapping (Fig. 3B) shows that the in-plane spacing of the 2D LAO layer is perfectly matched, as 

expected, with that of the underlying STO. In the 3D LABO layer, we observe an alternating strain 

characteristic along the lateral direction with the repetition of tensile (average εxx ~+3.5 % with 

respect to a of bulk STO) and compressive (average εxx ~-1 %) strain. A displacement vector 

mapping for a transient LAO-to-LABO area presented in Fig. 3D directly visualizes the opposite 

directions [100] and [-100] of the compressive strain of the two LAO columns across an LBO 

column. The aligned nanostructures (R1) with tensile strain correspond to the (010)pc-oriented LBO 

crystals in the LABO composite film layer, while the areas (R2) with compressive strain correspond 

to the (001)pc-oriented LAO columns. We found further that the out-of-plane compressive strain (εzz) 

of the LABO composite layer in the z-direction saturates starting from εzz ~-4 % towards an average 

εzz ~-1.8 %. Notably, the εzz strain becomes uniform along the lateral x-direction (see Figs. 3C). 

This reveals that the vertical alignment of the LAO:LBO nanocomposite film layer is energetically 

stabilized via a lateral period of alternating tensile and compressive εxx strain components as a 

complementary in-plane strain matching.     

Another interesting observation is the εzz distribution at the self-assembled LAO/STO interface (Fig. 

3F). A large interfacial strain of εzz ~+4 % appears at the topmost area (< 2 nm) of STO. In contrast, 

an opposite strain of max. εzz ~-4 % at the initial growth of the 2D LAO layer (5 nm-thick) gradually 

decreases towards the interface with the LABO. Such unique reversal lattice distortions (the 

pseudomorphically c-contracted LAO and c-elongated STO) across the interface is driven by the 
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energy cost of the epitaxially contracted LAO. This can lead to the emergence of an epitaxial strain-

mediated head-to-head ferroelectric-like polarization and thus interfacial conductivity (similar to the 

formation of charged domain walls in the head-to-head (or tail-to-tail) domain configuration of 

insulating ferroelectrics) (30). Together with such reversal c-lattice distortions of LAO and topmost 

STO, 2DEG formation have been also observed in the STO of conductive LAO/STO heterosystems 

with a critical thickness of LAO (> 3 unit cells) (31,32). Our striking observation is that such reversal 

lattice distortions across the interface are preserved in conjunction with the self-assembly of 2D-

3D LABO film structure on STO(001). 

Formation of 2DEGs and Magnetism in the LABO/STO Heterostructures. 

Based on the above results, it is clear that two types of interfaces with different orientations (i.e. 

lateral and vertical interfaces) are formed. To probe the characteristics of the self-assembled 2D 

layer on the STO(001), photoluminescence (PL) measurements were performed using an 

excitation photon energy He-Cd laser (λ = 325 nm, 3.9 eV, a penetration depth of ~20 nm). Figure 

4A shows the PL spectra, measured at 12 K, of a treated TiO2-STO(001) substrate and the LABO 

(0 ≤ x ≤ 10)/TiO2-STO samples. The PL emission of the samples were found with the near band-

edge emission (BE) at ~3.2 eV (close to the bandgap energy of STO, ~3.2 eV). This is dominated 

by the recombination processes between the excited electrons and excited holes (conduction band 

minimum or subbands near the conduction band edges to valence band minimum) (33). The 

indirect bandgap STO substrate shows two weak BEs, commonly generated by the band-to-band 

optical transitions involving optical phonon absorption (BE-I at ~3.27 eV) and excitation (BE-II at 

~3.22 eV). In contrast, for all the undoped LAO/STO and LABO/STO samples, additional BE 

emission pairs were found at lower energies, 3.18 - 3.20 eV (2DE-I) and 3.25 – 3.26 eV (2DE-II), 

compared to the BE-I and -II. Such a BE emission corresponds to the existence of 2D electron 

gases (2DEGs) at the heterointerfaces, consistent with an earlier work (34). Thus, the energy and 

intensity of the 2DEG-associated BE directly reflects the band bending of the STO surface and the 

subsequent charge carrier confinement at the LABO/STO interfaces. A low-temperature PL feature 

of 2DEG is observed in the 25 nm-thick LAO/STO heterostructure. However, the 2DEs of the LABO 

(x ≤ 5 %)/STO heterostructures move towards lower energies with significant suppression. These 

degradations reflect the distorted/non-abrupt interfaces for the formation of 2DEGs. Clearly, the 

enhancement of the phonon-assisted 2DE-emission pair was observed in the LABO (x ≥ 8 %)/STO 

heterostructures at the same emission energies that appear in the undoped LAO/STO interface. 

This directly indicates the formation of a 2DEG LAO/STO interface in the 2D-3D LABO (x ≥ 8 %) 

film structures. Furthermore, variable temperature BE emissions of the LABO (x = 8 %) / STO 

shows a typical temperature-dependent characteristic of 2DEG formation (Fig. 4B). To further 

identify and characterize the presence of a 2DEG at the LAO/STO interface in the heterostructures, 

electrical measurements with variable temperatures were performed. The undoped LAO/STO 

shows an insulating behavior at low temperatures (Fig. 4D), although a signature of 2DEG was 

observed in PL. This could be due to the fact that the carriers at the interface are localized and/or 

the absence of long-range conducting channel along the interface (11,12). Moreover, the 

LABO/STO heterostructures with x ≤ 5 % were insulating due to the structural disorder and the lack 

of the 2D-LAO/STO interfaces, consistent with largely suppressed 2DEG emissions in PL. When 

the composition increases to x = 8 and 10 %, both of the LABO/STO heterostructures exhibit 

metallic behaviors with decreasing the sheet resistance (Rxx) upon cooling (Fig. 4C). This confirms 

the formation of 2DEGs at their LAO(001)pc/STO(001) interfaces as illustrated in Fig. 4D. 

VIIIVIII



 

 

8 

 

Another intriguing observation is the appearance of magnetism with its anisotropic nature, which is 

accompanied with the development of the 2D-3D LABO/STO heterostructures. In this work, all the 

measured magnetic hysteresis loops were carefully evaluated (see the section of Materials and 

Methods, and Fig. S8). No ferromagnetic response was found in an annealed TiO2-STO substrate 

used for film growth (see Fig. 4E and Fig. S8). The undoped LAO/STO heterostructure shows a 

typical weak magnetic response with saturation magnetization (Ms) of M = 4 - 7 μemu/cm2, 

measured along both the in-plane [IP, H//(100) ] and out-of-plane [OOP, H//(001)] directions at 5 

K. Figure 4E illustrates the 5 K IP and OOP magnetic hysteresis loops of the LABO/STO sample 

with  the LBO composition of x = 1.5 % (like a solid solution). Clear ferromagnetic hysteresis loops 

of the sample were found with no variation in the IP and OOP saturation magnetization of ~37 

μemu/cm2. In contrast, a large difference was observed for x ≥ 8 %, i.e., the OOP Ms of the LABO(x 

= 8 %)/STO was found to be ~30 μemu/cm2 in comparison with about 6 μemu/cm2 for the IP 

magnetization (Fig. 4F). The OOP saturation magnetization of the 2D-3D LABO/STO samples (x  

≥ 8 %) was found to be about 5 times stronger than the IP magnetization. These results clearly 

reveal that the magnetic anisotropy is accompanied by the formation of vertically aligned LABO 

structure. The overall measurements of the IP and the OOP Ms are listed in Fig. 4G.  

Origin of Magnetism and Magnetic Ordering in the LABO/STO Heterostructures. The strong 

preferential magnetization observed in the OOP of vertically aligned LABO structure is different 

from the weak magnetism nature of the LAO/STO interfaces (e.g., oxygen defect-mediated 

magnetic ordering and/or localized unpaired Ti d-band electron spins through exchange coupling 

of itinerant carriers), which is typically expected to show an in-plane ordering of the magnetic 

domains (16). The magnetic responses of the nanocomposite correspond to an OOP magnetic 

density of ~3 × 1013 μB/mm2 for the 5 ×5 mm2-sized LABO sample (x ≥ 8 %) and the in-plane density 

of ~8 × 1012 μB/mm2, similar to typical moment density (~1012 μB/mm2) of LAO/STO interfaces 

reported in the literature (35). Our results indicate that the magnetization of the LABO/STO 

heterostructures does not increase with increasing x, implying that there is no direct contribution of 

LBO on the magnetism of the nanocomposite films. Hence, we suggest that the origin of magnetism 

in the LABO nanocomposite system is associated with the boron interstitials (Bi) (28). Interstitial 

doping can transform the non-magnetic host oxide into a high-temperature ferromagnetism as an 

impurity band-associated Stoner ferromagnetism (36). Additionally, theoretical calculations carried 

out in this work show that the effective Bi doping in the host LAO lattices is limited to 3.2 at.% due 

to the tendency of dimerization/clustering, while we confirmed that the effect of oxygen vacancies 

on the boron interstitial-induced ferromagnetism is negligible. We therefore postulate that the 

distribution/orderings of Bi in the host LAO lattices could be located near the vertical LAO/LBO 

interfaces although a precise atomic identification of Bi position is still challenging using electron 

microscopy. Nonetheless, it was possible to confirm the presence of metallic Bi in the local area of 

a 3D LABO nanocomposite layer by STEM-EELS (Figs. 5A and B) and NMR (Fig. S9). 

To understand the above magnetic nature in the LABO films, we performed first principles 

calculations on realistic model structures, strained LAO supercells with B i. A more detailed 

information is given in the Methods Section. First, there is no effect of substitutional B doping on 

the development of magnetism in a tetragonally distorted LAO (by replacing B-site Al cation with 

B) and no magnetism in a tetragonally deformed LBO structure. Next, to study a preferential 

magnetic structure, we simulated boron impurities in a 3%-biaxial strained LAO (Fig. 5C). This 

model mimics the lattice mismatch between LAO and STO and the initial growth of LAO overlayer 

which is tetragonally compressed, so that the La-B-La chains are not equivalent. The in-plane (IP) 

chains expand in this regime, however, together with a significant relaxation of the four nearest 

VIIIVIII



 

 

9 

 

oxygens to Bi, it shows a relatively very weak total magnetization (mB and mLa < 0.02 𝜇𝐵) (Fig. 5D). 

In contrast, when a Bi is energetically relaxed in the middle of two La atoms along the OOP direction 

of the LAO, the total magnetic moment arises up to 1 𝜇𝐵 (e.g. mB = 0.4 𝜇𝐵 for Bi and mLa = 0.2 𝜇𝐵  

for La) (Fig. 5E). Thus, the OOP La- Bi-La chains form as magnetic species in the Bi-doped LAO. 

Figure 5F clearly shows that the Bi induces three impurity bands: two spin-up and one spin-down 

peaks which are located just below the Fermi level (EF) in the bandgap of the LAO. The calculated 

spin imbalance is +1 that enables the magnetization of 1 𝜇𝐵 in the system. It should be noted that 

the total magnetic moment of LAO induced by a Bi cannot exceed 1 𝜇𝐵 because it is induced by n-

doping with one extra electron of Bi. The above ab-initio calculations further suggest that in the 

finite film thickness range (up to 10 UC) the Bi is energetically located along the horizontal direction 

with a weak magnetic contribution. As the thickness increases, the structure evolves into vertically 

aligned structure and the Bi is accumulated at the LAO/LBO vertical interfaces, resulting in a strong 

magnetic moment along the OOP direction. 

Discussion  
 
In this work, we demonstrate a self-assembly of combined 2D and 3D nanocomposite 

heterostructure, which can be evoked by the composition of two constituent oxide phases.  To 

obtain this structural transition, it is essential to control the ratio between two distinct crystal 

components, LAO and LBO. In order to achieve the initial 2D LAO layer and the subsequent 3D 

LABO layer, it is required that the host LAO composition should be higher than that of the LBO. 

Choosing an equal composition (e.g. ratio of the LAO:LBO = 50:50) would lead to only the formation 

of vertically aligned nanopillar structure (20,21). Thus, finding an appropriate composition of LBO 

is a key parameter for driving the spontaneous transition from 2D to 3D structure - in this work, the 

structural transition happened at composition of x ≥ 8 %. The formation of atomically defined 

horizontal 2D-LAO/STO and vertical 3D-LAO/LBO interfaces leads to the coexistence of a 2DEG 

and a tunable magnetic ordering. Our work offers new perspectives for designing and controlling 

magnetic and electric properties at the interfaces of complex oxide nanocomposite thin film 

heterostructures via a self-assembly approach. This self-assembly approach is a powerful means 

not only for nanoscale investigation of emerging physics phenomena, but also it could extend 

engineering of thin film materials beyond the current limits of atomically delicate interface 

engineering.      

 

Materials and Methods 
 
Sample preparation. PLD LABO(x) ceramic targets were fabricated by standard solid-state 

synthesis techniques by mixing three different metal oxide powders (highly pure 99.99 % – 99.999 

% La2O3, Al2O3, and B2O3 powers). The mixed and pressed targets were sintered at 1400 oC for 4 

hours in air (28). LABO films (x = 0 – 10 %) were grown on TiO2-SrTiO3(001) using PLD (KrF 

excimer laser: λ = 248 nm). The growth temperature was kept constant at 700 ℃ and the films were 

grown under oxygen partial pressure of 5 × 10-4 - 1 × 10-3 mbar. After film growth, all the samples 

were cooled down to room temperature at the same growth pressure with a ramping-down rate of 

10 ℃/min. The films were grown by a laser fluence of ~1.6 J/cm2 with a repetition rate of 1 Hz. The 

growth characteristics and thickness of all the films were monitored and controlled by reflection of 

high energy electron diffraction (RHEED). All the film preparations were carried out in different PLD 

laboratories in UK, South Korea, and Germany. 
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Sample characterizations. Structural properties of all the grown films were examined by a high-

resolution Bruker D8 Discover diffractometer with monochromatic Cu Kα1 radiation (λ = 1.54056 

Å). The magnetic measurements were performed by Quantum Design SQUID Magnetometer with 

the samples mounted at different orientations to measure the in-plane [100] and out-of-plane [001] 

crystallographic directions. To evaluate the magnetic properties of the films, external magnetic 

contributions were eliminated by measuring the sample holders and accessories (low-temperature 

glues). The substrate contribution was subtracted from the field-dependent magnetization data by 

removing a field-linear diamagnetic term fitted to the high-field data (Fig. S8). Microstructural 

properties of the LABO films were determined by performing scanning electron microscopy (a FEI 

double Cs-aberration corrected Titan3 G2 60-300 S/TEM instrument with Chemi-STEM 

technology). For 11B NMR, The LABO-STO thin films were sliced into sub-mm pieces and packed 

into rotors. No grinding was performed on the samples, to ensure that degradation of the samples 

did not take place. To make the samples spin stably, PTFE tape was inserted into each rotor to fill 

the void space left by such inefficient packing. There is possible evidence of preferential alignment 

features in the solid-state NMR results achieved, this suggests the boron has a preferred alignment 

in the thin film. All 11B (I = 3/2) MAS (12 kHz) solid state NMR spectra were achieved using a 11.7T 

Bruker Avance III 500 MHz spectrometer operating at a Larmor frequency of 160.45 MHz. A Varian-

Chemagnetics 4 mm probe was utilized to achieve spinning frequencies of 12 kHz and to prevent 

a boron background being visible. The single pulse experiment consisted of a ‘non-selective’ (solid) 

π/6 pulse of 1.0 μs pulse. The spectra were calibrated to the secondary reference NaBH4 (δiso = 

−42.09 ppm w.r.t BF3.Et2O in CDCl3 at 0 ppm) (39). The T1 data was simulated to a single 

exponential, f(t) = I0·[1-exp(-t/T1)], and no statistically significant improvements were achieved with 

stretched or multiple exponential simulations. As the T1 relaxation of the Bi environment was 

measured at 0.522 seconds, all experiments were taken with a 60o nutation tip angle and 3 × T1 to 

achieved maximum efficiency of the experiment. All spectral simulations were completed using the 

in-house developed Quadfit programme (40). Photoluminescence data for the samples were 

collected at variable temperatures (5 K – 300 K) using an excitation energy of HeCd laser (λ = 325 

nm). A complementary long-pass optical filter with a cut-off wavelength of 420 nm was used to 

increase the dynamic range of deep level emissions in the samples and remove the laser line and 

its second order diffraction. All the PL measurements were performed using a constant optimized 

exposure for the absolute comparison of the luminescence intensity from the samples. For the 

electrical measurements, the measured sample sizes are 5 × 5 mm2 and 2.5 × 5 mm2. and contracts 

are achieved by Ohmic Al wire bonding on all the edge corners of the sample. The transport 

measurements were carried out in a CRYOGENIC cryogen-free measurement system with the 

temperature ranging from RT to 4 K. The temperature was controlled utilizing a Lakeshore 340. 

Measurements was done utilizing a SR830 lock-in amplifier with a 300 MΩ load resistor at a 

frequency of 77.39 Hz and a voltage excitation of 3 V for 10 nA driving current.  

Theoretical calculations. The density functional theory (DFT) package VASP (41) was used to 

calculate the electronic, structural and magnetic properties of LAO doped by boron. The code has 

a plane-wave basis set that provides the reliable structural optimizations and accurate energetics. 

Electron-ion interactions within VASP calculations were described by projector-augmented wave 

pseudopotentials and electronic wave functions were represented by plane waves with an energy 

cutoff of 450 eV. We used here the Perdew-Burke-Ernzerhof (PBE) generalized-gradient 

approximation (GGA) (42) to the exchange-correlation potential. The use of GGA-PBE and its 

reliability were discussed previously for simulations of the LAO overlayers on SrTiO3(001) (11,43) 

and boron-doped material (28). The equilibrium lattice parameter of LAO, which was obtained 
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within the GGA-PBE, is 3.79 Å. Here, by adding one boron into the 135-atom LAO supercell, we 

simulated an isolated B impurity in cubic and tetragonally distorted LAO and tetragonally distorted 

LBO. In all cases, the positions of boron and its nearest cations and oxygens were allowed to relax. 

The structural relaxation was performed using the 4 × 4 × 4 k-mesh and the conjugate-gradient 

algorithm until the Hellmann-Feynman forces became less than 5 × 10-3 eV/Å. The density of states 

(DOS) was obtained then using the Γ-centered and compacted k-mesh with minor smearing of 10 

meV. The DOS calculations were performed also in the presence of the spin-orbital coupling (SOC), 

within the non-collinear option of VASP (44). 
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Figure 1. The growth of LABO nanocomposite films on STO(001) substrates with different 
x. (A) A schematic for the formation of LABO nanocomposite films, consisting of a rhombohedral
LAO(1-x) and an orthorhombic LBO(x), grown on a cubic STO(001). (B) RSM (113)pc reflections
of the nanocomposite films as a function of x, measured around the (113) reflection of STO
substrates. The cross mark indicates the (113)pc reflection position of bulk LAO (apc = 3.79 Å). A
streak and broad peak for the RSM(113)pc reflections of the nanocomposite films gradually
develop with increasing x. (C) The a- and c-axis lattice constants of the nanocomposite films with
different x. The lattice parameters of the (I) and (II) layers are separately presented. (D) A cross-
sectional HR-STEM image projected along <100> direction for the 25 nm-thick epitaxial LAO film
grown on STO (001). (E) Cross-sectional TEM (upper panel) and HR-STEM (lower panel) images
of the LABO (x = 8 %) nanocomposite film on STO (001). The results indicate the formation of a
mixed LABO film structure, consisting of an initial epitaxial 2D layer and subsequent 3D vertically
aligned nanocomposite layer, grown on STO (001).
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Figure 2. Formation of 2D-3D LABO film layers on STO(001). (A) A cross-sectional HAADF-
STEM image for a 2D-3D LABO(x = 10 %)/STO(001) sample. The positions of vertical stripes in 
the 3D area are marked along the x-direction by triangles. (B,C) Integrated EELS intensity 
profiles of Al, B, and La elements for the 2D (B) and 3D (C) areas corresponding to the film areas 
in (A). (D) An atomic resolution HAADF-STEM image for the atomically abrupt 2D-LAO/STO 
interface in the LABO/STO heterostructure. (E,F) Schematics for the crystallographic alignment of 
pseudocubic LAO and orthorhombic LBO crystals (E). The corresponding atomic resolution 
HAADF-STEM image for the vertically aligned LAO:LBO nanocomposite film layer (F). (G) 
Schematic illustrations for the transient growth sequence of 2D-3D LABO nanocomposite film on 
STO. 
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Figure 3. Strain distribution of the LABO/STO(001) heterostructure. (A) The atomically 
refined STEM image for the 2D-3D LABO film on STO(001). (B) The corresponding in-plane 
strain (εxx) map. (C) The corresponding out-of-plane (εzz) map. (D) Displacement vector map for 
the area where a structural transition starts from the topmost 2D layer, denoted by a red dash 
line. This selected area corresponds to the marked area in (A). In the intuitive quiver map, the 
reference mean lattice defines the starting point of individual arrows. (E) The averaged εxx profiles 
along the z-direction for the LBO (R1 in (B)) and LAO (R2 in (B)) columns in the 3D LABO film 
layer. (F) The averaged εzz profile along the z-direction of (A).   
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Figure 4. The co-existence of 2DEG and out-of-plane magnetic ordering in the 2D-3D 
LABO/STO(001) heterostructure. (A) Near BE PL spectra of the LABO(x = 1.5 %, 3 %, 5 %, 8 
%, and 10 %) nanocomposite films  grown on STO, measured at 12 K. The BE of the undoped 
LAO/STO and LABO/STO samples show additional emission besides the BE (I & II) peaks of 
STO, which are assigned to the emission peaks of the 2DEG (2DE I & II). (B) Variable 
temperature (12 K – 300 K) near BE spectra of the LABO (x = 8 %) / STO sample. (C) 
Temperature-dependent sheet dc-resistance (Rxx) of ~25 nm-thick undoped LAO/STO and ~24 
nm-thick LABO (x = 8 %)/STO samples, measured in the Van der Pauw geometry. (D) Low 
temperature (2 – 10 K) Rxx of the LABO/STO samples as a function of x (= 0 % - 10 %). (E) 5 K IP 
and OOP magnetic hysteresis loops of the LABO (x = 1.5 %)/STO sample. (F) 5 K IP and OOP 
magnetic hysteresis loops of the LABO (x = 8 %)/STO sample. (G) Variations in the IP and OOP 
Ms of the LABO/STO samples as a function of x (= 0 % - 10 %). The identical IP and OOP 
magnetic responses respond to randomly distributed magnets in the film as schematically 
illustrated in the inset. While, larger (× ~4.5) OOP Ms of the samples was found compared to the 
IP ones, corresponding to preferential OOP magnetic orderings in the vertically aligned LABO film 
structure. 
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Figure 5. The Bi-associated magnetism in the LABO system. (A) Selected points (1 – 5) in the 
same local area of a LABO (x = 10 %)/STO heterostructure for B K-edge EELS spectra 
acquisition. (B) The corresponding experimental EELS spectra from a top area of STO [P1] to a 
top area of the 3D LABO layer [P5]. Two weak energy loss peaks were seen at ~194 eV and 
~202.5 eV for B2O3, typically resulting from the transition of a 1s electron to unoccupied B-O π* 
and σ*antibonding orbitals, respectively (37). In the upper 3D film layer, an anomalous peak 
between the π* and σ* peaks is dominated at ~195.8 eV, which could be associated with the 
lowered energy of σ* peak due to the loss of LBO symmetry in the 3D-LABO strain network 
(37,38). Besides these, in the 3D film layer, a peak at ~187 eV visibly appears, which reflects the 
existence of metallic Bi (28). (C) Magnetization density of the 3%-strained LAO induced by an IP 
La-B-La chain. (D) Spin-polarized density of states (DOS) of the B-doped LAO with the IP La-B-
La chain: the top panel is the total DOS, the middle one is the B-projected DOS, the bottom panel 
is the partial DOS of the nearest La neighbor. (E) Magnetization density of the strained LAO 
induced by an OOP La-B-La chain. (F) Spin-polarized density of states (DOS) of the B-doped 
LAO with the OOP La-B-La chain. 
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Abstract 

Developing reliable methods for modulating the electronic structure of the two-

dimensional electron gas (2DEG) in SrTiO3 is crucial for utilizing its full potential and 

inducing novel properties. Here, we show that relatively simple surface preparation 

reconstructs the 2DEG of SrTiO3 (STO) surface, leading to a Lifshitz-like transition. 

Combining experimental methods, such as angle-resolved photoemission spectroscopy 

(ARPES) and X-ray photoemission spectroscopy (XPS) with ab initio calculations, we 

find that the modulation of the surface band structures is primarily attributed to the 

reorganization of the chemical composition. In addition, ARPES experiments 

demonstrate that vacuum ultraviolet (VUV) light can be efficiently employed to alter 

the band renormalization of the 2DEG system and control the electron-phonon 

interaction (EPI). Our study provides a robust and straightforward route to stabilize and 

tune the low-dimensional electronic structure via the chemical degeneracy of the STO 

surface. 

Introduction 

Transition metal oxide-based interfaces and surfaces, in particular those based on 

STO, exhibit a plethora of properties such as superconductivity [1-5], magnetism [6-9], 

Rashba-type spin-orbital coupling [10,11], and quantum Hall effect [12,13]. SrTiO3, 

with a cubic perovskite structure, is a typical choice as a substrate for epitaxial growth 
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of many oxides. In cubic STO, the octahedral crystal field splits the Ti 3d orbitals in 

the well-known t2g and eg subbands, with degenerate t2g states at the Г point and the eg 

states lying at higher energies. Structural relaxation and reconstructions at the STO 

surface and interface regions can lift the degeneracy and lower the dimensionality of 

the electronic bands [14]. The evolution of the electronic phases in STO-based systems 

and its relation to the properties have been intensively investigated: e.g., high mobility 

in γ-Al2O3/STO [15,16], anomalous Hall effect induced by Lifshitz transition [17], and 

quantum Hall effect [12,13], Rashba-like spin structure [18, 19]. The mentioned 

complex phenomena, which often coincide, demonstrate that understanding the 

electronic structure and the low degeneracy surface is crucial to understanding the 

causes of these behaviors and achieving control over them. Because of its simplicity, 

studies on the bare SrTiO3 surface are essential to shed light on the fundamental 

mechanisms leading to the observed band order and predicting new ways for their 

manipulation.  

The band modulations in bare STO can be modified by temperature change [20-

23], stress [24-26], and surface termination [27-29]. Angle-resolved photoemission 

spectroscopy (ARPES) studies on nominally TiO2-terminated STO single crystal [14, 

30-32] display the typical electronic structures of STO consisting of shallow dxz/dyz 

bands and deep dxy subbands – a fingerprint of most STO-based systems. Interestingly, 

a single band was observed in epitaxial-grown SrO layer on TiO2-terminated STO [27]. 

These studies suggest that the surface termination and its chemical composition plays 

a crucial role in determining the properties of the underlying 2DEG.  

Figure 1 shows a schematic illustration of two possible surfaces terminations of 

STO (001) (TiO2 and SrO) and their combination (panel 1a) as well as their electronic 

structures (panel 1c) [14,18,26,27,30,31]. If the octahedral symmetry of the 001-

oriented STO is preserved at the surface, it protects the degeneracy of the t2g (dxy, dxz 

and dyz) bands. Lowering the symmetry from octahedral to tetragonal leads to splitting 

of the dxy and the dxz/dyz bands (Figure 1b), characterized by the energy difference, Δt2g. 

We have used this parameter to evaluate the lowering of dimensionality and the 

degeneracy of Nb-doped STO wafers through surface engineering.  Furthermore, it was 

shown that increasing temperature causes a depletion of the 2DEG of STO [23] while 

reducing the orbital splitting, which can be further controlled by strain [26]. 

By combining Ar sputtering and vacuum annealing, we establish a vigorous 
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procedure to tune the 2DEG of STO (Fig.1c). Importantly, we report that the 2D dxy 

subband emerges at a Sr-enriched surface, leading to a pure single-orbital 2DEG system. 

This electronic phase is found to be air-stable, offering an advantage for applications. 

Meanwhile, the band splitting between dxy and dxz/dyz caused by ultraviolet (VUV) 

irradiations demonstrates that light can be used as a knob for tuning the band splitting 

(Δt2g) and Lifshitz-like transition in the 2DEG system. 

Figure 1. a, Schematic illustration of SrTiO3 surfaces with three types of terminations, 

SrO-termination, TiO2-termination and SrO+TiO2-termination, respectively. b, 

Tetragonal crystal field splitting between dxy and dxz/dyz bands, where Δt2g marks the 

energy difference. c, Schematic illustration of the electronic structures of STO surfaces 

observed in our study. 

Results and discussion 

Band structures of surface-engineered STO 

Figure 2 displays the electronic structures of STO single crystal (001) surfaces 

measured by ARPES after various preparation processes. The as-received STO samples 

are nominally TiO2-terminated with 0.5% Nb doping (SurfaceNet GmbH). The 

characterizations of the “as-received” sample (stage #1) were performed by ARPES 

and XPS and used as reference. Subsequently, the sample was treated by Ar sputtering 

and annealing (stage #2: 5 minutes of Ar sputtering followed by annealing in ultra-high 

vacuum (UHV) at 700 °C for one hour).  Afterward, we annealed the sample at 800 °C 

for 2 hours in UHV (stage #3).  Both stages (#2 and #3) were studied by XPS and 

ARPES. The detailed surface preparation procedure is presented in the Methods section 

and in figure S1. 

The ARPES data in Figure 2 were obtained using circular polarized (C+) light. 
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With such light polarization, both in-plane dxy and out-of-plane dxz/dyz orbitals at the 

STO surface are probed [20-22], showing the evolution of the electronic structure 

during irradiation. Figures 2a-c display the electronic structures of STO in stages #1, 

#2, and #3 after 100 minutes of irradiation along the Γ-X crystal direction. Similar to 

previous ARPES studies on STO surfaces [14, 30-32], the electronic structures of as-

received STO (#1) and high-temperature annealed STO (#3) after irradiation of tf~1.6 

h show degenerate dxz and dyz bands and down-shifted dxy subbands (Figure 2a,c). The 

band structure measurement of stage #2 (Figure 2b) shows that only one dxy subband 

near the Γ point is occupied. This indicates an electronic transition from a multi-band 

(#1) to a single-band system (#2) and back (#3).  

The band character of stages #1 to #3 is depicted by in-plane Fermi surfaces maps 

and kz maps (Figure 2j-l). For stages #1 and #3 (Figure 2 j,l), the in-plane Fermi surfaces 

(FSs) consist of one circular electron pocket and two intersecting ellipsoidal electron 

pockets centered at Г, which are typical for the STO (001) surface [14, 30, 31]. The dyz 

and dxz bands for stages #1 and #3 exhibit quasi-3D characters, while the dxy band shows 

two-dimensional (2D) character (Figure 2 j,l). In contrast, stage #2 is characterized only 

by a single circular electron pocket around Г (Figure 2k) with 2D character – i.e., 

without dispersion in the kz direction (Figure 2k). The occupation of a single band was 

earlier reported in the LAO/STO [17] and STO systems [19, 27]. However, in the 

following section, we will discuss the origin and properties of the single dxy band with 

pure 2D character found in stage #2. 
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Figure 2. a-c, ARPES intensity cuts of as-received (stage #1), sputter-annealed (stage 

#2), and high temperature annealed (stage #3) STO wafers, respectively, after saturating 

the carrier density by irradiation (tf). d-f, k-resolved ARPES maps at EF of stages #1 to 

#3, respectively, as a function of VUV irradiation time. e is an intensity map, and d,f 

are horizontal 2nd derivative maps. g-i, ARPES intensity cuts of stages #1 to #3 

measured at a fresh spot and acquired within 2 minutes of VUV-irradiation (t0), 

respectively. Green, pink, cyan and yellow lines mark the kF of dxy, dxz, dxy in #2, and 

dyz bands, respectively. j-l, Fermi surface maps of the ГXY plane (upper) by in-plane 

mapping and the ГXZ plane (lower) by hv-dependent mapping of stage #1 to #3, 

respectively. Grey solid lines mark the BZ boundary and red dashed lines show the 

high-symmetry lines. Figure a-i and the upper panel of j-l are measured at 85 eV. All 

figures are measured with circular polarized (C+) light. 

Reorganization of surface chemical composition and theoretical analyses 

Figures 3a and 3b present XPS spectra of the STO sample in the three stages by 

measuring the Sr 3d and Ti 3p and Ti 2p core levels with photon energies in the VUV 

(170eV; surface sensitive) and soft X-ray (750 eV; more bulk sensitive) ranges. In the 

regions of the spectra where core-levels of Ti are situated, the peaks at EB~38 eV (3p) 

(Figure 3a) and at EB~459 eV (2p) (Figure 3b) are due to Ti4+ ions, while the peaks at 
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EB~35 eV and at EB~457 eV belong to the Ti3+ ions. The overall shape of Ti4+ is similar 

for all stages, while in stage #3 we have observed a minor amount of Ti3+ as compared 

to the other two (Figure 3b). Yet a remarkable transformation happens with Sr 3d core 

level of STO surface after sputtering and annealing (#2). While the data acquired by 

soft X-rays (Figure 3b) do not show the effect of the heat treatment, the VUV-XPS data 

reveals that the spectral weight of Sr at the surface is significantly raised (Figure 3a). 

Moreover, the same data show that the additional annealing (in #3) transforms the 

doublet peaks of the Sr 3d core level into a multipeak (at least two doublets) structure, 

indicating the presence of chemically distinct Sr species after surface rearrangement. 

By comparing the spectral weight of Sr 3d and Ti 3p core levels using VUV light 

(surface sensitive) for stages #1 and #2, it is evident that surface treatment yields an 

increased Sr content. Interestingly, with additional annealing (stage #3), the opposite 

trend was observed: the spectral weight of Sr 3d decreases while the weight of Ti 3p 

increases. To quantify this effect, we use the ratio of Sr and Ti (ISr/ITi) spectral weight 

(integral one) of the three stages obtained from the VUV and soft X-ray data, as shown 

in Figure 3c. We set the Sr/Ti ratio of as-received STO (stage #1) to unity and 

normalized the other values to it. As a result, the ratio ISr/ITi of the surface region (VUV-

extracted) increases by about 50% from stage #1 to stage #2 and decreases in stage #3. 

In contrast, the ratio ISr/ITi of the bulk-like region (soft X-ray extracted) remains nearly 

unchanged. The obtained results suggest that the surface preparation alters the surface 

chemical composition from a nominally TiO2-terminated surface (#1) to one with 

increased Sr content (#2). Additional annealing seems to restore the TiO2 termination. 

S. N. Rebec et al. reported that the SrO layer deposited on TiO2-terminated STO yields 

a similar one-band electronic feature [27]. Furthermore, the same study showed that the 

ISr/ITi ratio also increases around 50% for the SrO-capped sample [27], similar to our 

result presented in Figure 3c. All of these outcomes indicate that the surface chemical 

composition is crucial for modulating the electronic structures of STO surface. 

To resolve the link between the STO surface composition and the band 

reconstruction, we employ theoretical calculations of TiO2- and SrO- terminated STO 

to emulate the two possible final derivatives of surface preparation (Figure 3d,e). For 

the TiO2-terminated STO slab, the calculation shows that the band splitting (∆t2g) 

between dxy band bottom and dyz/dxz band bottom is negligible (Figure 3f). This outcome 

is, indeed, in good agreement with band structures observed in stage #1 at t0 (Figure 
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3h), indicating that the cubic symmetry is mostly preserved. In contrast, the calculations 

for SrO-terminated slabs show that the dxy band (derived from the first TiO2 layer under 

SrO surface layer, which is highlighted in Figure 3g) shifts downward with ~150 meV, 

generating the splitting of t2g bands with tetragonal symmetry. Indeed, the ARPES data 

for stage #2 (t0) reveals this type of 2D band, which is slightly shallower than the 

calculated one (Figure 3i). A possible explanation of this deviation is the larger 

effective mass of the observed band (t0) caused by the strong EPI, which was not 

considered in the theoretical calculations. When the EF is set according to the 

experimental kF (Figure 3h, i), only the surface dxy band crosses EF for #2, while the 

other t2g bands remain unoccupied, hence showing that a single-band state arises in 

stage #2. 

 

Figure 3. a,b Core-level of Ti 3p and Sr 3d orbitals measured at hv=170 eV at the initial 

carrier density of the three stages (t0). b, Core-level of Ti 2p and Sr 3d orbitals measured 

at 750 eV at the initial carrier densities of the three stages (t0). c, Calculated spectral 

weight ratio of Sr/Ti extracted from a and b, and normalized to the ratio of the as-

received STO wafer (#1). d-e, Relaxed 2 × 2 × 7 STO slabs of TiO2-termination and 

SrO-termination, respectively. Red/orange ellipses and dark green/blue squares mark 

the superficial TiO2 layer and the bulk of two models, respectively. Green, blue, and 

red spheres represent the Sr, Ti, and O atoms, respectively. f,g, Calculated electronic 

band structures of TiO2- and SrO- terminated STO models as presented in a and b, 
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respectively. The red and orange curve in f and g highlights the dxy band from the first 

TiO2 layer. h,i, ARPES intensity cuts of as-received (#1) and sputter-annealed (#2) STO 

wafer at t0, plotted with calculated band structures in f and g, respectively. The dashed 

black curves in f show the fitted dxy bands. 

Intriguingly, a recent study of SrO-capped STO systems exhibits the absence of 

electronic states near EF [33].  This lack can arise due to the surface insensitive nature 

of soft X-ray incident light used for this study, which is unfavorable to detecting the dxy 

surface band in Sr-enriched STO.  However, our ARPES and DFT data validate that 

the formed Sr-enriched STO (001) surface is characterized by the intrinsic splitting of 

the t2g states and the surface state, causing a pure 2D electronic structure. Therefore, the 

surface state with dxy character, which is first occupied when the system is doped, 

should be considered the main component of the 2DEG system [27,28,34]. 

Wedge-potential in STO 

One of the key parameters of the STO band structures, shown in Figure 2, is the 

splitting of the dxy and dxz/dyz bands (Δt2g). E. B. Guedes et al., by combining DFT 

calculation and ARPES, established the link between atomic displacements of STO 

surface layers and Δt2g [23]. However, the trapped photo-generated electrons during 

APRES experiments can cause lattice distortion while free ones yield the electric field. 

Indeed, Δt2g alters during beam irradiation (Figure 2d,f) and directly correlates to carrier 

density.  

Starting as a degenerate system (Figures 2g,i), the dxy and dxz/dyz bands separate 

(Figure 2d, f) later during irradiation, resulting in 3D dxz/dyz bands and 2D dxy subbands 

(Figure 2a and Figure 2c). The extracted Fermi momenta (kF) and the energy splitting 

between dxy and dxz/dyz bands (Δt2g) as a function of irradiation time illustrate this 

process more clearly (see also Figure S3f). It has been extensively discussed in the 

literature that the STO-based 2DEG system experiences a wedge-like potential within 

the surface region [30, 35, 36]. This potential at the STO surface can be described using 

a quantum well model with the form, V(z)=V0+eFz, where F is the strength of the 

electric field in the direction perpendicular to the sample surface, and e is the charge of 

the electron (Figure 4a). The quantized eigenenergies (En) of subbands at the surface 

region can be described by the equation 1[30, 36]: 
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𝐸𝑛 = 𝑉0 + (
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)𝑒𝐹]2/3     Eq. 1 

where m*z is the effective mass along the field direction (perpendicular to the surface).  

The band splitting of t2g bands, Δt2g, can be calculated by the difference between 

the n=1 eigenenergies of dxy and dxz/dyz bands as Δt2g=E1
xy-E1

xz/yz in the following way: 

∆𝑡2𝑔 = 7.5 × 10−7[(
𝑚𝑒

𝑚𝑧
∗𝑥𝑧/𝑦𝑧)
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∗𝑥𝑦)1/3]𝐹2/3   Eq. 2 

The relationship between F and the carrier density (n2D) can be describe in the following 

way [36]: 

𝑒

2
𝑛2𝐷 = ∫ 𝜀0

𝐹

0
𝜀𝑟(𝐹′)𝑑𝐹′     Eq. 3 

(ε0: the vacuum dielectric constant; εr(F): is field-dependent dielectric constant of STO) 

From Eq. 3 it is possible to extract the electric field by using the carrier densities of 

each band taken from the ARPES data (See Figure S3 f,g, and Supplementary Sec. III). 

The effective mass m*z of dxy and dxz/dyz bands can also be estimated by ARPES.  

Figure 4b shows the calculated and experimental values of Δt2g of stages #1 and #3 

as a function of the carrier density, 𝑛2𝐷 . The agreement between the observed and 

calculated values of Δt2g indicates that the electric field (F or εr(F)) is caused by the 

accumulation of charges at the surface during the irradiation process.  

All outcomes above and the results reported by E.B. Guedes [23], imply that the 

lattice distortion (stabilized by trapped electrons) cooperates vigorously with the field 

(generated by free electrons), conducting to the common properties of the 2DEG at the 

STO surface. 

 

EPI and effective mass 

The waterfall-like feature identified as an incoherent part of the band dispersion 

(see Figure 2g-h) is usually attributed to the polaronic electron-phonon interaction (EPI) 

in STO, which plays an essential role in modulating the physical properties of the 2DEG 

[37-39]. The EPI can be quantified by the quasi-particle (QP) residue, Z0 = IQP / (IQP + 

Ihump), where the IQP/hump represents the integrated spectral weight of QP/hump of 

corresponding energy distribution curves (EDCs) [39,40]. 
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Figure 4c displays the background-subtracted EDCs of stages #1-3 taken at the kF 

of the dxy bands for different carrier densities, n(t), normalized by the QP peak’s 

intensity. The peak-dip-hump line shape, which extends to higher binding energy 

(Figure 4c), relates to the multiple phonon modes interacting with electrons [39,40]. 

However, the EPI at t0 (red curves in Figure 4c), related to intrinsic transport properties, 

exhibits a significant increase for stage #2 (a reduction of Z0 from 0.55 in #1 to 0.15 in 

#2) and partially recovers after the sample has been additionally annealed (Z0~0.35 in 

#3). Therefore, besides changes in the band topology (see Figure 2), surface engineering 

also modifies the EPI strength, affecting the carrier properties such as the effective mass, 

m* (from 0.6me in #1 to 1.8me in #2, and 0.8me in #3, See Figure S5). Figure 4d shows 

the EPI strength (through Z0) as a function of the carrier densities of dxy bands. The 

positive (negative) Z0 (EPI) behavior for different carrier densities is probably due to 

the screening suppressing the long-range Fröhlich polaron interaction [37,39]. It is 

important to note that the spectral weight of the peak-dip-hump structures undergoes a 

continuous decrease during irradiation, indicating a weakening of the EPI for all stages 

(#1 to #3). 

In weak coupling and long-range electron-phonon interactions, the relationship 

between effective mass and quasiparticle residue (Z0) is defined by the Fröhlich model, 

where the effective mass of the electrons is enhanced due to EPI: m*/m0=1/(1-α/6), m0 

is the bare band mass, and α is the coupling strength [41,42], which can be estimated 

from Z0 by a diagrammatic quantum Monte Carlo study (presented in Figure 4d with 

gradient background and the right axis) [43]. In Figure 4e, we plot both effective mass 

fitted from band dispersion (fitting details are presented in Supplementary Section III 

and IV) and calculated one from Z0 by weak-coupling Fröhlich model of stages #1 as a 

function of carrier density. Our data show good agreement between the fitted m* and 

calculated values for stages #1 and #3 for all observed carrier densities. However, for 

stage #2 this concurrence is valid only for the high doping regime, which is consistent 

with the weak coupling regime (See Figure 4d, and more details are shown in Figure 

S6). For the low-doping regime of stage #2, with Z0 < 0.3 and α > 3 (Figure 4d), a 

strong coupling model we used for the approximation established by R. P. Feynman 

[44], m*/m0=0.0232α4, which reproduces the effective mass more appropriately, as 

shown in Figure 4e.  
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Figure 4. a, Wedge potential and band structure at the surface of STO. b, Calculated 

energy differences between dxy and dxz/dyz bands (∆t2g) as a function of carrier density, 

and experimental ∆t2g extracted from ARPES data of stage #1 and #3. c, Energy 

distribution curves of stage #1 to #3 at different carrier densities at k=kF
xy. d, Calculated 

quasiparticle residue (Z0) from the EDCs (presented in panel a) as a function of carrier 

density of dxy bands, n2D
xy. The gradient background and right axis indicate the 

transition between weak (light green) to strong (light red) coupling strength (reproduced 

from ref. 42).  e, Fitted effective masses of dxy bands of all three stages as a function of 

n2D
xy. The empty marks represent the calculated effective mass from coupling strength 

(α) by weak-coupling, m*/m0=1/(1-α/6), and strong coupling, m*/m0=0.0232α4, of 

Fröhlich polarons, respectively. 

Our data and analyses in Figures 4e and 4d show that the EPI transit from the weak-

coupling (stage #1) to the strong-coupling regime (stage #2). Further, the verified 

inverse relation between the EPI strength and the effective mass of all three stages 

shows the softening of polarons caused by increasing carrier densities [37]. 

Summary and Outlook 

Employing systematic XPS measurements, we show that combining Ar sputtering 

and UHV annealing modifies the STO chemical composition, transforming nominally 

TiO2- terminated to SrO-enriched surface. Utilizing ARPES and DFT calculations 

validates that the formed Sr-enriched STO (001) surface is characterized by the intrinsic 

splitting of the t2g states while the dxy surface state yields a pure 2D electronic structure. 
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The observed single-band electronic phase is air-stable (Supplementary, Sec.II), 

showing the potential to service in designing novel devices.  

The additional UHV annealing at moderate temperature eradicates Sr from the 

surface and partially recovers the nominally TiO2-terminated character, leading to the 

Lifshitz-like transition in STO (from one band to three bands metallicity).  

Our work describes a straightforward method for varying the surface chemical 

composition, which, combined with VUV-irradiation, efficiently modulates the 

electronic structures of the t2g band, doping, and electron-phonon interaction in STO. 

IXIX



METHODS 

Sample Preparation 

In this study, as-received commercially available 0.5% Nb doped nominally TiO2-

terminated SrTiO3 wafers (SurfaceNet GmbH) are used with a miscut within 0.2° to the 

nominal (001) surface.  

During ARPES measurements, multiple surface engineering procedures are 

applied to the as-received STO wafer, including sputtering and annealing. The 

sputtering process is conducted under an argon atmosphere with a pressure of 2×10-6 

mbar. The voltage is set as 1kV and the STO wafers are 45° facing the ion beam. The 

vacuum annealing process is conducted under an ultra-high vacuum better than 2×10-8 

mbar. The annealing temperatures are read through an infrared thermometer. The 

detailed sample treatment routes are shown in Supplementary, Sec. I. In our studies, we 

reproduce similar results of band modulation in at least another three samples, which 

are shown in Supplementary Sec. V. 

Angle-resolved photoemission spectroscopy 

All the ARPES and XPS data presented were measured at the ULTRA endstation 

at the Surface/Interface Spectroscopy (SIS) beamline of the Swiss Light Source. The 

data were acquired with a Scienta Omicron DA30L hemispherical analyzer. The energy 

and angular resolution are better than 20 meV and 0.1°. The measurements were 

performed at a temperature of 20 K in a base pressure better than 1×10-10 Torr. The un-

irradiated results are measured by moving the samples to un-irradiated areas. 

DFT calculation 

The density functional theory calculations were performed within the Perdew–

Burke–Ernzehof generalized gradient approximation (PBE-GGA) [45], using projector 

augmented wave (PAW) potentials [46], as implemented in the Vienna ab initio 

Simulation Package (VASP) [47,48]. In addition, the DFT+U functional of 

Liechtenstein et al. [49] was employed with U = 5 eV and J = 0.64 eV, as similarly 

performed in ref. [50]. A basis set of 500 eV were used, and the structures were relaxed 

until the forces on atoms were less than 0.01 eVÅ−1. The relaxation of the atomic 

positions was done using a 4 × 4 × 1 k-mesh, whereas the band structures were 

evaluated using an 8 × 8 × 2 k-points set. 
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